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Abstract

Nickel based superalloys are currently being investigated for high temperature applications in
advanced steam power plant operating at temperatures of 700°C and above. Three nickel-based
superalloys Inconel 617, Inconel 625 and Nimonic 263 alloys, which are of primary interest for
boiler technology components such as furnace walls, superheater tubes, header and steam pipes,
etc and for steam turbine technology components such as HP &IP cylinders, rotor forgings, casing
and valve chest, blading, etc., have been evaluated for long and short term creep performance.
Creep deformation processes occurring at high temperatures and stresses lead to the evolution of
microstructures in the form of precipitation, precipitate coarsening and recovery effects. The
deterioration in mechanical properties as a result of this microstructural change has been evaluated
by hardness testing. This work discusses the microstructural evolution occurring in alloys in
samples that have been creep exposed at a series of temperatures from 650°C to 775°C and for
durations from 1000 to 45,000 hours using advanced FEGSEM, TEM, XRD and phase extraction
techniques. The fractions and morphology of different phases, their locations during exposure to
higher temperatures and probable creep fracture mechanism in these alloys are illustrated and

discussed.

Keywords: solid-solution strengthening, creep, intergranular, grain boundary precipitates, volume
fraction, fractography, carbon replica, thin foil, M23Cs, SEM, TEM, Inconel 617, Inconel 625 and
Nimonic 263 alloys
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Chapter 1 Introduction

Future generation fossil fuelled power plants are being envisaged to operate with steam
conditions of temperatures as high as 760°C and pressures of 37.5MPa. The increased
operating temperatures and pressures have a substantial effect on raising the thermal efficiency
from 45%, with present typical steam conditions of 600°C/30MPa, to 60%. The higher
temperatures will reduce harmful emissions of gases such as SOy, NO,, CO, CO,, CHs etc, with
abundant fuel savings (Tancret et al, 2003). The need for greater efficiency and reduction of
polluting emissions has prompted utilities to consider ultra supercritical steam conditions
(USSC) i.e. steam conditions up to 760°C/37.5MPa (Zhao et al, 2003 and Viswanathan et al,
2005). The long term creep strength requirements that are required for operating under these
conditions challenge the capacity of currently used ferritic/austenitic steels and other related
alloys for steam turbines and their components. To maintain the structural integrity for safe and
economic operation for future fossil fuelled power plants, Nickel base superalloys are currently
being evaluated as the prime candidate material for operating temperatures in excess of 650°C.
The high-temperature strengthening characteristics of these alloys are based on the principle of
a stable face-centered cubic matrix combined with solid solution strengthening and some
additional strengthening through precipitation. In this chapter, the fundamental understanding
for long term service properties of Nickel base superalloys and their correlation with

composition/microstructure will be discussed (Meetham, 1986).

1.1 Background
The high temperature creep-rupture strength and creep life of Nickel base superalloys is
significantly affected by their strengthening mechanisms; solid-solution strengthening and
precipitation strengthening through precipitation of coherent creep-resistant intermetallic
phase gamma prime (y°). The solid-solution strengthening mechanism is an important
contributor to creep resistance in these alloys, and it improves the elevated temperature

strength from alloying element interactions. The alloying elements diffuse into the matrix
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Chapter 1 | Introduction

heterogeneously to form a ‘solid solution’. The strengthening effect is from the matrix strain
around different size of solute atoms, which impedes easy dislocation motion. At certain
concentrations the alloying elements form precipitates of a second phase. The second phase
precipitates impede the movement of dislocations. The magnitude of precipitation
strengthening depends on the precipitate size and their spacing. Inconel 617 and 625 alloys are
from the family of solid-solution strengthened nickel based superalloys. Their chemical
composition provides uniform microstructure for application at high temperature up 600°C. In
the early stages of creep, solid-solution strengthening gives the greatest contribution to creep
resistance, however, as service-exposed (ageing time) time progresses; the precipitation of
carbides (primarily M23Cs) has a more significant contribution to the creep resistance. As ageing
time progresses still further, the strengthening effect from carbide precipitation is reduced, as
the carbides get coarsened (Ostwald ripening). In the solid-solution strengthened alloy an
increase in temperature increases the diffusion rates of solute atoms from the dislocation
atmospheres, and weakens the structure. The mechanism of creep deformation is the climb of
dislocations over precipitates, and the precipitates therefore control creep deformation.
Precipitation-hardened alloys are strengthened by intermetallic [Gamma prime, y":
Ni3(Al, Ti)] precipitation. High temperature creep strength can be optimized by controlling the
volume fraction, morphology and spacing of the y* phase. Titanium and aluminium are the y’
precipitating agents. Other elements, notably niobium, tantalum and chromium also enter y". v’
has a superlattice that possesses the CuzAu (L1:)-type structure, which exhibits long-range
order to its melting point of 1385°C. A high temperature exposure causes solutionization of the
precipitates in the precipitation-hardened alloys. At intermediate temperature, precipitates can
coarsen and become less effective impediments to dislocation motion. High temperature, stress
and high-strain cycle loading lead to accelerated softening and pre-mature failure of the alloys.
A typical creep property requirement for Nickel base superalloys is creep rupture life of

100, 000 hours at 750°C under a stress of 100 MPa (Reed, 2007).
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Chapter 1 | Introduction

1.1.1 Austenitic Superalloys

Austenitic superalloys are very complex in nature. The alloy chemical composition
defines the phases present and these in turn create the microstructure. Therefore, the chemical
composition, phase constitution and microstructure physically define superalloys. The phases
have significant effects on strengthening in superalloys. Some phases can be deleterious to
behaviour. The high-temperature strength capability of all superalloys is based on stable matrix
consisting of closed-packed FCC austenite (known as y-phase) combined with solid-solution
strengthening and/or precipitation hardening. The major strengthening phases in the austenitic
matrix are coherently ordered fcc y’, metal carbides (MC, M23C¢), and the BCT (body-centered-
tetragonal) gamma double-prime {y”, Niz (Nb, Mo, Al, Ti)}. Other phases that are generally
undesirable and observed in nickel base superalloys arise from variations in composition or
processing or due to high-temperature exposure. Phases in this group are the orthorhombic 6-
phase (Ni3Nb), rhombohedral p-phase {(Fe, Co)7; Mos} and the hexagonal close-packed (hcp) -
phase (Ni3Ti). The compositions of austenitic alloys are complex and challenging. Table 1.1.1

summarises the functions of elements in particular to nickel base superalloys (Davis, 1999).

Table 1.1.1: Role of elements in superalloy (Davis, Ed. Heat-Resistant Materials, 1999)
Effects Nickel base
Solid-solution strengtheners Co, Cr, Mo, Fe, W, Nb
MC Ti
Carbide form: M23Cs Cr, Mo
MeC Mo, Fe, Co, W
Carbonitrides: M(CN) Ti,C, N
7" Niz(Al, Ti) Ni, Al, Ti
Raises solvus temperature of y° Co
Hardening precipitates and/or intermetallics Al, Ti, Nb, Mo
Oxidation resistance (oxide scale) Al Cr
Sulfidation resistance Cr, Co, Si
Improves creep properties & rupture strength C B
Grain-boundary refiners B, C
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Chapter 1 | Introduction

Boron and carbon (called grain-boundary refiners) lead to borides and carbides
precipitation, typically at the grain boundaries, which limit the grain growth. It has beneficial
effect on creep rupture resistance. The low thermal expansion coefficient (o) and high thermal
conductivity of nickel base superalloys (compared to iron and cobalt) accommodates their use
in turbine components to close tolerances to achieve maximum efficiency. Their outstanding
strength over the temperature ranges at which turbine components operate are the prime
reason for the existence of superalloys. Their close-packed FCC lattice has the capability to
maintain relatively high and reliable tensile, rupture, creep and thermomechanical fatigue
properties to homologous temperatures that are much higher than for equivalent BCC systems.
The high modulus of austenitic FCC lattice, many operative slip systems, low diffusivity for
secondary elements, large solubility of secondary elements and their thermo-chemical
characteristics enabling precipitation of intermetallic compounds (such as y” and y”") are
contributing factors to their strength. The superalloys always contain substantial alloying
additions in solid solution to provide strengthening effects by solid solution hardening, carbide
precipitation, grain boundary control, creep resistance and resistance to surface degradation
(oxidation and corrosion resistance). When significant resistance to loading under static, fatigue
and creep-conditions is required, the nickel base superalloys have emerged as the materials of
choice for high-temperature applications (Betteridge and Shaw, 1987; Sims et al, 1987 and

Green et al. 2004).

1.1.2 Nickel base Superalloys

Nickel base superalloys are high-temperature structural materials due to their
remarkable ability to maintain their properties at elevated temperatures under considerable
load for extended period of life. Their uses are many and varied but primarily the alloys
discussed in this work include nickel base superalloys used in components of steam boilers and
turbines, heat exchangers, rotor forgings, blades, pipes, tubes, headers, HP & IP valve chest,

superheat tubing, hot gas ducting (transition piece) and bolting etc. Nickel base alloys contain
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Chapter 1 | Introduction

20-23% Cr, 6-9% Mo, up to 20% Co, up to 1% Al, up to 2.2% Ti, up to 3.7% Nb, up to 2.2% Fe
and traces of C and W, which provides solid solution strengthening and precipitation hardening
to the austenitic y matrix. Nickel base superalloys can either be solid solution or precipitation
strengthened. The solid-solution strengthened alloys such as Inconel 617, Inconel 625 etc are
used for intermediate strength applications. They are used in steam boiler components such as
the HP/IP valve chest, rotor forgings, blades, pipes, tubes, headers etc. The precipitation
strengthened alloys such as Nimonic 263 etc is used in applications requiring high strength. It is
used in the hottest sections of steam boilers and turbines such as superheater tubes, outlet
headers, steam lines, hot gas ducting (transition piece) and bolting etc. The solute elements in
nickel base superalloys are categorised as (i) elements partitioned to y-matrix such as Ni, Co, Cr,
Mo, Nb, Fe; (ii) elements partitioned to y’-phase such as Ti, Al, Nb; (iii) elements partitioned to
carbide formers such as Cr, Mo, Nb, W, Ti; (iv) elements partitioned to grain boundaries such as
C, B; and (v) elements partitioned to oxide formers, which develop adherent diffusion-resistant

oxides to protect the alloys from environment such as Cr, Al

The ambient temperature microstructure consists of major phases as follows:

)] Austenitic gamma (y) Matrix: The y-matrix is favoured by most turbine designers
for the most severe condition of environments, high temperatures and stresses. All nickel base
alloys contain this phase as the matrix. The y constitutionally consists of nickel, cobalt,
chromium, iron, titanium, aluminium and refractory metal such as molybdenum.

(ii) Gamma Prime (y") Precipitate: Nickel matrix favours (due to nearly filled third
electron shell of nickel) precipitation of FCC A3B (superlattice structure of CuzAu: L1,- type)
precipitates y’. The compatibility of the y” FCC crystal structure and lattice constant
(approximately 0.1% mismatch) with y allows homogeneous nucleation of a precipitate with
low surface energy and extraordinary long-time stability. Coherency between y” and 7y is
maintained by tetragonal distortion. The y" is a unique intermetallic phase. It contributes

remarkable high temperature strengthening and creep resistance by dislocation interaction to
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v’. Al and Ni atoms are randomly distributed in the y* FCC atomic sites. The passage of
dislocations through y' precipitates does not change the overall structure. However, when
dislocations come across the y" precipitates, the dislocations dissociated in two unit dislocations
for glide. The dissociation leads to disorder in the structure called anti phase boundary (APB)
fault. The dissociated dislocations tend to move in pairs to restore the order of the structure.
The high value of APB fault energy restricts the slip along the planes and hence y” precipitates
are resistant to dislocation motion. y” was found to have different morphology (spherical, cubic
and plates), depending on the value of the matrix/precipitates lattice mismatch, in different
nickel base superalloys. Their volume percent influences alloy strength. A low volume percent
weakens faster than high volume percent at service temperature.

(iii) Carbides: Grain boundaries are the preferred location sites for the carbides to
appear. In nickel base superalloys carbon typically varies from 0.03 to 0.06 wt%. It combines
with reactive and refractory elements, such as chromium, titanium, niobium, molybdenum,
cobalt to form metal carbides. The common nickel base superalloys carbides are MC, M23Cq
and/or MeC. These carbides are a closely-packed dense FCC structure. Carbides have significant
effect on nickel superalloys properties.

The MC carbides occur as discrete, blocky and regular geometric particles distributed
heterogeneously throughout the alloy, both in intergranular and transgranular positions. MC
carbides are a major source of carbon for subsequent phase reactions during heat treatment
and service expose conditions. During heat treatment and service exposure, MC carbides tend to
decompose and generate other carbides, such as M23C¢, which tend to form at grain boundaries.
The typical formula for MC is TiC.

The M33Cs carbides are grain-boundary carbides, which strengthen the grain boundaries,
and promote a significant effect on rupture strength, apparently through inhibition of grain
boundary sliding. They usually occur as irregular and discontinuous precipitates, although
plates and regular geometric forms have been also observed. Eventually, however, rupture

failure can initiate either by fracture of these same grain boundary M33Cs particles or by
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decohesion of the M»3Cs interface. If fine carbides are precipitated in the matrix, strengthening
results. The M23Cs precipitates form during lower temperature heat treatment and in service
exposed to 760-980°C, both from the degeneration of MC carbide and from soluble residual
carbon in the alloy matrix. Although, usually seen at grain boundaries, they occasionally occur
along twin bands, stacking faults, and at twin ends. When molybdenum is present, the
approximate composition of M23Cs is Cr21Mo2Cs. It is also possible for small amounts of nickel,
cobalt or iron to substitute for chromium.

The MsC carbides have a complex cubic structure and form at higher temperature (815-
980°C), than M23Ce. They are similar carbide to M3C¢ but are formed when the molybdenum
and/or tungsten content is more than 8 at%. The typical formula for M¢C is (Ni, Cr)sMosC. MeC
carbides are more important as grain-boundary precipitates for controlling grain size during
the processing of wrought alloys at high temperature.

(iv) Gamma double prime (y): y"is a BCT coherent precipitate of composition
Ni3(Nb, Al, Ti). In the absence of iron, or at temperature (740-1000°C) and exposure time more
than 50 hours, this phase gets transformed to an orthorhombic precipitate of the same Ni3(Nb,
Al, Ti) composition known as delta, 8-phase. The d-phase is invariably incoherent and does not
confer strength when present in large quantities. However, small amount of 6-phase can be used
to control and refine grain size, resulting in improved tensile properties, fatigue resistance, and
creep rupture ductility. A careful heat treatment is required to ensure precipitation of y”-phase

instead of d-phase.

During heat treatment, or more commonly during long hours of service conditions,
undesirable phases can form if the composition has not been carefully controlled. These
precipitates are known as topologically closed-packed (TCP) phases, they tie up y and v’
strengthening elements in a non-useful form. These TCP phases are composed of close-packed
layers of atoms parallel to {111} planes of the y matrix. They are usually harmful to mechanical

properties and appear as long plates or needles in the microstructure. These TCP phases are
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often nucleated near or on the grain-boundary carbides. The nickel alloys containing a high level
of BCC transition metals such as niobium, chromium, molybdenum and tungsten etc, are most
susceptible to TCP phase precipitation. Nickel alloys are especially prone to the formation of
TCP phase such as ¢ and p-phase. The typical chemical formula for o is (Cr, Mo)x (Ni, Co)y, where
x and y can vary from 1 to7. The crystal structure of ¢ is very similar to M;3C¢. The brittleness
and plate-like structure of c-phase adversely affects the mechanical properties such as tensile
ductility, impact toughness, corrosion resistance and creep-rupture properties. This leads to a
decrease in high temperature strength and finally ends in premature fracture. The high
temperature fracture occurs mainly along the o platelets rather than along the normal
intergranular path, resulting in a sharp reduction of creep rupture life. The other TCP phase is
p-phase, belongs to a rhombohedral lattice with parameters a = 0.476 nm, c = 2.56 nm in a
hexagonal system (Zhu & Ye, 1990 and Tawancy, 1996). The p phase has the same crystal
structure and compositions as MeC. A general chemical formula for p-phase is (Co, Fe); (Mo,
W)e. Nickel can substitute for part of iron or the cobalt. Thus, TCP phases act as crack initiators

due to their brittle nature (Davis, 1999 and Sims et al, 1987).

Development of Strength: A summary
The major features of achieving useful elevated temperature rupture strength in nickel
base alloys are through structure-property relationships which can be summarised as follows

(Decker, 1969).

Solid-solution strengthen y and y".

Increase volume percenty’.

Increase stacking fault energy of v

Dislocation interaction with y".

Decrease ripening rate.

Minimise formation of TCP phases (-, -, u-phases etg, if any).
Control carbides to prevent denuded zones.

Control carbides and grain boundary y” to enhance rupture strength.

O © N A W

Control component-thickness-to-grain-size ratio.
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Chapter 1 | Introduction

1.1.3 Multi-component Ni-base Superalloys

Nickel base superalloys are multi-component system, with more than ten alloying
elements in the superalloy. The composition of the alloy was based on Ni-Cr-Co-Mo-Al-Ti-Fe-
Nb-W elements to get the metastable equilibrium phases at a range of temperatures. Ni-base
superalloys are primarily based on the Ni-Cr binary phase system. Chromium in the range of
20-23 wt. % in nickel (balance wt. %) imparts solid-solution strengthening, oxidation and hot
corrosion resistance. Figure 1.1.3.1 shows the Ni-Cr binary phase diagram. The weight percent
of chromium in Ni-base alloys maintain the FCC crystal structure up to 1400°C. A bar (shown
in Figure 1.1.3.1) at 20-23 wt % tells that the FCC structure of Ni in Ni-Cr binary alloy remain
stable until temperature of 1400°C. Carbide precipitation in Ni-base alloy is an important
strengthening mechanism; and chromium plays a strong role in the formation of carbides of
varied chromium-carbon ratio. Therefore, chromium is the key role player in such alloys
system. Figure 1.1.3.1 shows that at above 30 wt. % of chromium, two solid solutions - face-
centered cubic (FCC) nickel and body-centered cubic (BCC) chromium are formed, which is

undesirable for the high temperature stability of the alloy.

Nickel-Chromium Phase Diagram
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Figure 1.1.3.1: The phase diagram of Ni-Cr binary system shows equilibrium phases at
different mass% of chromium and temperature (calculated with Thermo-calc). The
chromium content of 20-23% in Ni justify the FCC structure of Ni as the matrix in nickel

base superalloys (Calphad.com, 2006).
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Therefore, addition of chromium up to 30 wt. % is required to get single austenitic
FCC phase and this helps to maintain face-centered-cubic (FCC) nickel matrix in the alloy for
extreme exposure temperature (Figure 1.1.3.1).

Niz3Al (y") is the one of the primary strengthening phases in solid-solutioned
strengthened and precipitation-strengthened alloys. Figure 1.1.3.2 shows the Ni-Al binary

phase diagram.

Nickel-Aluminium Phase Diagram
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Figure 1.1.3.2: Ni-Al binary phase diagram showing the narrow composition range over
which the y” (NizAl) phase is stable.

Figure 1.1.3.2 shows that y" (Ni3Al) phase (crystal structure: FCC/L1;) exists over a
narrow composition range, at high wt% percent of Ni. The y" (NizAl) phase is required in nickel
base alloys for high strength at high temperature.

A schematic isothermal ternary section of elements with nickel and aluminum of Figure 1.1.3.3
shows the substitution of elements partitioning in y". Cobalt, with its horizontal phase field,
substitutes for nickel. Titanium, would substitute for aluminum positions in the ordered

structure of NizAl, as demonstrated by a phase running diagonally from NiszAl to Niz (Al, Ti).
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Molybdenum, chromium, and iron would substitue for both nickel and aluminum since their

fields are intermediate between the above two extremes.

A " AN

AY

= AN % N
40 30 20 10 Ni
——— Ternary Alloy Content, ot %

Figure 1.1.3.3: Schematic presentation of NizAl solid solution field at approximately 1100°C for

various alloying elements (Sims et al, 1987).

Figure 1.1.3.4 shows Ni-Co-Mo ternary phase diagram at 1200°C. The structural phases

found in this ternary system are shown in Table 1.1.3.1.

Table 1.1.3.1: Phases in Ni-Co-Mo Ternary System
Structural phases
Phase | Composition | Pearson’s | Structure-bericht Lattice
Space group Type
symbol designation parameter (A)
Y Ni-Co-Mo cl4 Al Fm3m
= a=4.76
u Co7Mos hR13 D8s R3m Fe;Ws
c=25.02
a=b=9.11
) MoNi oP56 - P212121 8(Mo, Ni)
c=8.85
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Nickel-Cobalt-Molybdenum Phase Diagram

10 20 30 40 50 60 70 80 90 Co
Weight Percent Cobalt

Figure 1.1.3.4: Ni-Co-Mo ternary phase diagram showing the isothermal section at 1200°C.

Figure 1.1.3.5 and Figure 1.1.3.6 show Ni-Co-Cr and Ni-Cr-Mo ternary phase diagrams at
1200°C. The phases present in the alloy at different compositions are shown in ternary

diagrams.

Nickel-Cobalt-Chromium Phase Diagram

10 20 30 40 50 60 70 80 90
Weight Per Cent Nickel

Figure 1.1.3.5: Ni-Co-Cr ternary phase diagram shows phases present at isothermal section of

1200°C (Gupta, 1991).
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The austenitic y-matrix in Ni-base alloys consists of nickel, chromium, cobalt and
refractory metals such as molybdenum or tungsten. The y-phase is considered as common phase
to a group of quaternary phase diagrams extending outward from nickel-cobalt binary tie line,
as shown in Figure 1.1.3.7. It can be observed that the band of compounds separating the FCC
austenitic quaternary space from the body-centered-cubic (BCC) quaternary space (Cr-Mo tie
line). This band contains the hard TCP phases, which must be constitutionally avoided, for

better mechanical and high temperature properties in Ni-base alloys.

Nickel-Chromium-Molybdenum Phase Diagram

\ LA 30
NVAVA
\\/

I0 20 30 40 S0 60 70 80 90
Weight Per Cent Molybdenum

Figure 1.1.3.6: Ni-Cr-Mo ternary phase diagram showing the isothermal section at 1200°C
(Gupta, 1991).

Figure 1.1.3.8 illustrates the FCC field as seen from three useful perspectives, a simple ternary
(Ni-Co-Cr at 1200°C), a typical quaternary (Ni-Cr-Co-Mo at 1200°C) and a polar phase diagram.
FCC austenitic (matrix) evolves from small FCC field in Ni-Cr system expanded by cobalt or
molybdenum. Solution strengthening of the matrix is a major contributor to alloy mechanical

capability at high temperature.
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Nickel-Chromium-Cobalt-Molybdenum Phase Diagram

Mo

Figure 1.1.3.7: Ni-Cr-Co-Mo quaternary phase diagram showing the isothermal section at 1200°C
(Sims et al, 1987).

R

FCC
Austenite

Ni-Co-Cr Ternary at 1200°C

Polar Diogram of Cr- IOW vs First Long
Period Elemenis

Figure 1.1.3.8: Phase diagram illustrating the FCC y field; basis of austenitic superalloys (Sims et
al, 1987).

1.1.4 Creep-rupture Mechanism

The nucleation and growth of cavities during the service exposed condition is an

important phenomenon in deciding the creep rupture mechanism. The formation of cavities
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typically occurs at the grain boundaries or near the semi-coherent precipitates during the creep
deformation process. The nucleated micro-cavities at grain boundaries or near to the
precipitates coalesce and eventually lead to rupture. The applied stress, temperature,
composition, modes of creep deformation and environment play major roles in the nucleation
and growth of cavities at grain boundaries under creep deformation condition. A schematic
creep curve is shown in Figure 1.1.4.1. The primary or transient creep, secondary or steady-state
creep and tertiary creep are the characteristics of this typical creep curve (Figure 1.1.4.1).
During primary creep up to ti (shown in Figure 1.1.4.1), creep rate decreases with time,
however it remains constant during secondary creep between t; and t,. Beyond t; the creep rate
increases with time until the rupture time t; is reached. The portion of the creep curve between
tz and t. is referred to as ‘tertiary creep’. The inception of tertiary creep is attributed to many
factors such as increasing stress during necking or void formation, inter-crystalline fracture, re-
crystallization, precipitation of one or more phases and nucleation of intergranular cracks. The

secondary creep rate (£s) is expressed as

£ = (e4— 1)/t (1.1.4.1)

If the quantity (84— 81) remains constant with stress and temperature then t. is

inversely proportional to the secondary or minimum creep rate. In other way,
£5= (e3—€2) /(t2-t1) = (e3—€1) /L2 (1.1.4.2)
This relationship is valid in most cases for lower temperature range but as temperature
increases, deviation from linearity is observed.
This might be due to premature intergranular failure induced by grain boundary
segregation of foreign particles, formation of brittle films at grain boundaries or occurrence of

other embrittling effects (Guard, 1961).
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Figure 1.1.4.1. Schematic diagram of creep-rupture curve

The creep rupture strength in Ni-base alloys is sensitive to the carbon, nitrogen,
tungsten and silicon. Grain-boundary precipitation is dependent upon the residual non metals
in the matrix and has an important effect on inception of tertiary creep and eventually on creep
rupture strength. The continuous grain-boundary precipitates and films are detrimental to
creep rupture life, however discrete precipitates favour the creep rupture life. Grain structure is
also an important microstructural feature that affects both creep and creep rupture strength.
The modes of creep fractures found in alloys are; (i) trans-crystalline or transgranular type (ii)
inter-crystalline or intergranular type. In some conditions, both types of fractures are observed
in creep ruptured samples. In general, high strain rate at low temperature favours transgranular
rupture and low strain rate at high temperature leads to intergranular rupture. However, it is
difficult to predict strain rate or temperature at which rupture characteristics transition from
intergranular to transgranular or vice versa. In addition to temperature and strain rate the
change from one type of fracture mode to the other typically depends on one or more of
composition, microstructure, grain size and grain-boundary sliding. Intergranular fracture is
dependent upon intergranular voids formation and their propagation. This mode of fracture can

be delayed by delaying the intergranular voids formation. If grain boundary migration is the
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creep deformation mechanism active in the alloy, then it prevents the intergranular void
formation. The intergranular void formation is associated with crack formation at triple points
and at high temperature. Grain boundary migration and re-crystallization are generally
observed at low to intermediate temperature range (400-600°C). However, grain-boundary
void-formation plays a more prominent role during high temperature creep fracture (>600°C).
Intergranular creep fractures are also identified microstructurally through wedge-type cracks
and round or elliptically-shaped cracks.

Wedge-Type Cracks: These cracks, often called ‘w-type’ cracks, usually originated at
triple points where three grains join together and they grow along the grain boundaries. These
cracks propagate primarily along the grain boundaries which are normal to the applied stress,
although propagation along boundaries oblique to the direction of loading (Garofalo, 1960). A
number of configurations of w-type cracks have been observed in alloys and are summarized in
Figure 1.1.4.2. Type (1) and (III) are lead to rectangular shaped voids after crack has propagated
across the entire length of the boundary between grains ‘A’ and ‘C’. Wedge-type fractures are
generally observed at the lower creep temperatures, and for any other creep temperature with
high stress condition. They are the result of the linkage of cavities at triple points.

Elliptically-shaped or Round Cavities: These cavities are r-type cavities. They are
generally round or elliptical in shape and increase in number and size with creep deformation.
The change is from w-type to r-type or with both types observed at intermediate stresses and
temperatures. The total rupture occurs when the density of voids and their diameters increase
to a critical limit, producing continuous cracks along the grain boundaries. This type of cavity is
found primarily at grain boundaries normal to applied load.

The high stress and low temperature promote the formation of w-type cracks and low
stresses and high temperature lead to r-type cavities. At intermediate stress, both w-type and r-
type cavities can be observed. Intergranular fracture can be observed in the presence of grain-
boundary sliding and in the absence of grain-boundary migration, phase change, or re-

crystallization. The schematic representation of w-type cracks in Figure 1.1.4.2 indicates that
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initiation primarily depends on the grain-boundary sliding. Macroscopically it is observed that
intergranular rupture is dependent on the relative shear strength of matrix and grain boundary.
The shear strength of the matrix can be increased by ageing without a relative increase in the
shear strength of the grain boundaries, which makes it susceptible for intergranular facture and
brittleness. The high shear strength value for matrix makes the deformation primarily by grain-

boundary sliding, which leads to intergranular fracture (Garofalo et al. 1961).

A
® B
C
A
(i) B
C
(iii) B 2 B A

Figure 1.1.4.2: Schematic representation of the formation of w-type cracks initiated by grain boundary

sliding (Chang et al. 1956). (i). Type I, (ii) Type 11, and (iii) Type IIL

In summary, intergranular creep ruptures occur by the fracture processes of (a) triple-
point cracking and/or (ii) grain-boundary cavitation. The temperature and strain rate decide

which type of fracture process will dominate. The high strain rates at intermediate
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temperatures promote the formation of triple-point cracks, known as wedge cracks (Figure
1.1.4.2 & Figure 1.1.4.3 a).

As a result of applied tensile stress grain boundary sliding can produce sufficient stress
concentration at grain-boundary triple points to initiate and propagate wedge cracks. Some
cracks can also nucleate in the grain boundary at the interacting locations of primary and
secondary slip steps. Any exposed-service environment that lowers the grain-boundary
cohesion also promotes the cracking. As sliding proceeds, grain boundary cracks propagate and
join to form intergranular fracture. At high temperatures and low strain rates (long rupture
lifetimes), grain-boundary sliding favours cavity formation (Figure 1.1.4.3 b) at grain boundaries

or at irregularities such as second-phase inclusion particles.

c o
(a) (b)
G5 G2
/ / Cavitation /
G1
G4
G3
) c

Figure 1.1.4.3: (a) Triple-point cracking and (b) cavitation in intergranular creep rupture. Small

arrows indicate grain-boundary sliding (Davis, 1999).

The grain-boundary cavities are the result of a diffusion-controlled process. As
deformation continues, the cavities join to form an intergranular fracture. Transgranular
failures are favoured at high strain rates/stresses and relatively low temperatures (outcome as

short rupture lifetime).
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1.1.5 Alloy Stability & Microstructural Degradation

Alloy stability at high temperature service conditions depends principally on
microstructural variables such as the amount of precipitate (y’-phase) and its morphology, grain
size and shape, and carbide distribution. Nickel base superalloys consist of a FCC y" phase
dispersed in a y-matrix, and the strength increases with increasing y” volume fraction. The
lowest volume fractions of y” are found in first-generation nickel base superalloys, where the
volume fraction is generally less than 20 vol%. The y” is commonly spheroidal in lower volume
fraction y” alloys but often cuboidal in higher volume fraction nickel base superalloys. The
inherent strength capability of such superalloys is controlled by the morphology of
intragranular distribution of carbide-phase and the distribution of carbide phases at the grain
boundaries. Optimization of the y” volume fraction and its morphology in conjunction with
dispersion of discrete globular carbides along the grain boundaries, allows satisfactory elevated
temperature mechanical properties to be achieved. The strength of superalloys is very
dependent on grain size. Control of grain size is vital for the alloy’s stability. A balance must be
made between excessively fine grains, which decrease creep and rupture strength, and
excessively large grains, which lower tensile strength and fatigue properties (but conversely
have good rupture strength). Thus, high temperature nickel base superalloys are a complex
chemical and crystallographic composite consisting of an austenitic matrix, and a variety of
precipitated phases such as carbides and intermetallic compounds belonging to the
geometrically closed-packed (GCP) and/or topologically closed-packed (TCP) type structures.
They are not stable at service temperatures since a dynamic environment involving stress,
temperature, time and surface-atmosphere interactions is experienced. The inter-diffusion of
elements between phases, along grain boundaries or to the surface promotes various solid-state
reactions that constantly alter compositional relationships and strongly influence phase
stability. These effects all consequently contribute to failure by reducing strength and/or

ductility. The structural changes or metallurgical instabilities have influence on stress-rupture
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properties. Instabilities usually are associated with ageing (phase precipitation), overaging
(phase coalescence and coarsening), phase decomposition (generally involving carbides,
borides and nitrides), intermetallic phase precipitation, order-disorder transition, internal
oxidation, and stress corrosion. A typical instability problem with the y" nickel base superalloys
involves intermetallic phase precipitation. Topologically close packed (TCP) phases such as o,
and Laves phases form at elevated temperatures, and generally have a deteriorating effect on

stress-rupture properties (Davis, 1999; Sims et al, 1987).

If the alloys are exposed for prolonged times at high temperatures that exceed about
650°C, at high stress and in aggressive environment, the elevated temperature mechanical
properties of the alloys degrade owing to changes that occur in their microstructures. This
effect is attributed to the coarsening of y* precipitates, breakdown of primary carbides and
formation of secondary carbides, formation of TCP phases, carbide transitions. The coarsening
of y* precipitates reduce the creep strength with the exposure time but generally are not as
detrimental as the formation of TCP phases. Changes in the carbide phases also adversely affect
strength although initially there may be increase in strength as additional carbides precipitate.
TCP phases enhance the strength but also reduce ductility. Some high temperature phases that

evolve during long term exposure are discussed below.

X Topologically close-packed (TCP)-type phases, are plate-like or needle-like phases
such as o, n and Laves. These undesirable phases can form for some specific compositions,
under certain conditions. They can either form during heat treatment, or more commonly,
during service. These precipitates are composed of close-packed layers of atoms parallel to
{111} planes of the y matrix. The phases are harmful, and often nucleate on grain boundary
carbides. Nickel alloys are especially prone to the formation of ¢ and p. The formula for o, is (Fe,
Mo)«(Ni, Co)y, where x and y vary from 1 to 7. Alloys containing a high level of body-centered
cubic (bcc) transition metals (tantalum, niobium, chromium, tungsten, and molybdenum) are

most susceptible to TCP formation. The ¢ hardness and its plate-like morphology cause
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premature cracking, leading to low-temperature cracking, although the yield strength is
unaffected. The formation of ¢ phase depletes refractory metals from the y matrix, causing a loss
of strength in the matrix. Also, high-temperature fracture can occur along ¢ plates rather than
along the normal intergranular path, which results in a sharply reduced rupture life. Plate-like p
can also form at similar conditions. A general formula for p is (Fe, Co)7(Mo, W)s. Nickel can
substitute for part of the iron or the cobalt. Laves phase has MgZn; hexagonal crystal structure
with a composition of the AB; type. This is most likely to be observed in iron-nickel base alloys
as coarse intergranular particles. Silicon and niobium promote formation of Laves phase in
Inconel 718. Excessive amounts will impair room-temperature tensile ductility and creep

properties (Sims et al, 1987).

X8 Eta (n) phase, has a hexagonal D0,4 crystal structure with a NizTi composition.
Eta can form at long high temperature exposures, especially in alloys with high
titanium/aluminium ratios. Eta phase has no solubility for other elements. Its growth rate is
more rapid than y” precipitates, although it nucleates slowly. Two forms of n are found in the
nickel base alloys. The first develops at grain boundaries as a cellular constituent similar to
pearlite, with alternate lamellae of y and n; the second develops intragranularly as platelets with
a Widmanstatten pattern. The cellular form is detrimental to notched stress-rupture strength
and creep ductility, and the Widmanstatten pattern impairs stress-rupture strength but not

ductility (Sims et al, 1987).

1.1.6 Carbide Reactions

MC carbides are a major source of carbon in most nickel-base superalloys below
980°C. However, MC decomposes slowly during heat treatment and service, releasing carbon for
several important reactions.

The principal carbide reaction in many alloys is believed to be the formation of

M23Cs, by the following reaction:
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MC +y—> M33Ce + Y (1.1.6.1)
Or
(Ti, Mo)C + (Ni, Cr, Al, Ti) —» Crz1Mo2Cs +Nis (Al, Ti) (1.1.6.2)

Both above reactions (1.1.6.1) and (1.1.6.2) occur in the temperature range from 750-1000°C.
Both reactions are most beneficial, since carbides and y” are important for deciding strength of

the alloys. M¢C can form in a similar manner,

MC+y—> McC+7Y (1.1.6.3)
Or
(Ti, Mo)C + (Nij, Co, Al, Ti) »> Moz(Ni, Co)sC + Niz (Al, Ti) (1.1.6.4)

Further, Me¢C and M23Cs also interact with each other and forming one from the other (Ross and

Sims, 1987), depending on the alloy composition.

MeC + M" —> M23C6+ M” (1165)
Or
Mos (Ni, C0)3 C +Cr <> Cr21Mo2Cs + (Ni, Co, Mo) (1.1.6.6)

The long-term exposure causes conversion MsC to M23Ce or vice-versa, and is controlled by the
type of refractory metal atoms present in the alloy. These reactions yield the lower carbides in
various locations, but typically at grain boundaries. Most beneficial reaction for high creep
resistance applications, one that is controlled in many heat treatments, is that shown in Egq.
1.1.6.1. Both the blocky carbides and the y” produced are important in that they may inhibit
grain-boundary sliding. In many cases, the y” generated by this reaction coats the carbides, and
he grain boundary becomes a relatively ductile, creep-resistant region (Ross & Sims, 1987;

Decker, 1969; Davis, 1999).

1.1.7 Inter- & Intragranular Precipitates

This section discusses the precipitation of phases inter- and intragranularly and
the influence of these precipitates on the creep properties of Ni-based superalloys. Grain-

boundary precipitations have pronounced effect on tertiary creep and creep-rupture life. As
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chromium, molybdenum, cobalt, titanium along with carbon are important alloying elements in
nickel base superalloys, M23C¢ (M = Cr + Mo) and M(C, N) (M = Ti) are the primary precipitated
phase. The chromium rich carbides M»3Cs and titanium rich carbo-nitrides (identified cyano-
nitrides in early literature) M (C, N) are characterized as grain boundary precipitates. M (C, N)
type cyano-nitrides have been also observed within the grains. Their precipitation location,
morphological evolution (shape and size), composition and fractions are critical in deciding the
creep rupture properties and controlling the fracture behaviour. A large number of researchers
found that the grain boundary precipitate M23Ce carbide morphology and its distribution play an
important role in optimizing the creep rupture properties. At higher temperature (>650°C), the
grain boundaries are decorated with M»3Cs but at lower temperature the precipitates are also
found in grain interiors. Although the grain boundary carbides do not increase the strength of
the matrix, they play an important role in deciding the creep fracture mechanism. The evolution
of these carbides is part of the microstructural changes that occur and consequently affects
elevated temperature mechanical properties (Mankins et al. 1974; Kimball et al 1976). The
grain boundary carbide increases the creep strength and restricts grain growth at elevated
temperature, up to 1150°C. (Farag and Hamdy, 1976; Shang-Slaiang HSU, 1993). Titanium
carbides and titanium cyano-nitrides, M (C, N) phases are also found inter- and intragranularly
and remain unchanged by any heat-treatment process and take an important part in
strengthening of the matrix. Mankins et al (1974) studied the effect of long term (10,000 h)
exposure to temperature up to 1093°C on microstructure and phase stability of alloy 617. The
discontinuous grain boundary precipitate M23Cs carbides are coarse, discrete and effectively
strengthen the required high temperature properties. The individually distinct nature of the
carbides effectively pinned the grain boundaries and inhibited grain-boundary sliding.
Betteridge (1959) also observed that M»3Cs carbides are the major precipitated phase at grain
boundaries in a similar alloy. Creep-rupture properties (longer life and longer elongation) were
observed to be superior when M;3Cs carbides precipitated at grain boundaries as well as within

the matrix. The discontinuous form of grain boundary precipitates was found in parallel
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orientation within the grains. Lewis and Hattersley (1965) have reported that intragranular
M;3Cs carbides precipitate in austenitic steel, and observed that nucleation occurred on the
dislocations. An extensive literature review has shown that M,3Cs carbides first precipitated on
grain boundaries and later on twin boundaries followed by intragranular precipitation after
continued exposure (Beckitt and Clark 1967; Singhal, and Martin 1967; Takahashi et al. 1978).
Therefore the precipitation characteristics of chromium carbides on grain boundaries (of
different types) play an important role in deciding mechanical behaviour of the alloy in various
environments. Bruemmer and Henager Jr. (1986) have reported that intergranular carbides
promote crack tip blunting, decrease the crack tip stress state, and therefore, increase the
resistance to crack nucleation and propagation. Intergranular chromium carbides were
significantly developed by ageing treatment on most of the grain boundaries except on special
boundaries (coherent twin boundaries). However, on continued exposure, twins strongly
affected the precipitation behaviour of the intergranular chromium carbides, owing to changes
in orientation as the twin boundary impinges on a grain boundary. Bowman et al. (1972)
reported that Cr-rich M23Ce has a face-centered cubic (FCC) structure, with a lattice constant of
10.65 A. The Cr-rich M;3Cs has a cube-on-cube orientation relationship as {100}, || {100} M23Cs,

(100), || (100) M23Cs with austenitic FCC grain.

1.1.8 Effect of Precipitates on Dislocations

The dislocation sub-structure is affected to a great extent by closely
spaced particles within the matrix of alloy. If the spacing between particles is sufficiently small,
sub grains are not formed. Dislocations near to the particles form clusters or tangles, and
decrease the mean free path for gliding dislocations (Garofalo et al. 1961). The precipitated
particles and tangles that form between them inhibit dislocation motion and promote creep
strengthening. Carbides exert a profound effect on properties by their precipitation on grain
boundaries. A series of discrete globular M»3Cs carbides were found to optimize creep-rupture

life by preventing grain-boundary sliding in creep rupture while simultaneously providing
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sufficient ductility in the surrounding grain for stress relaxation to occur without premature
failure. At the extreme, when no grain-boundary carbide precipitate is present, premature
failure will also occur because grain-boundary movement is essentially unrestricted, leading to

subsequent cracking at grain-boundary triple points.

1.1.9. Role of Grain Boundaries during Creep

The grain boundaries play different roles during creep deformation above and below
0.3Tm. Below about 0.3 T, deformation occurs almost entirely intragranularly and the presence
of grain boundaries leads to a strengthening effect. In polycrystalline material, it is often found
that the yield strength increases as the grain diameter decreases, according to the Hall-Petch

relationship (Hall, 1951; Petch, 1953)

1.19.1
c =c +k/ Vd ( )
v o
where oy is the yield strength, o, is lattice friction parameter dependent on composition,

strain rate and temperature, k is also a parameter dependent up on composition, temperature

and strain rate, and d is the grain diameter.

The effect of grain size on yield strength reduces as the temperature is increased and
above 0.5T,, it becomes negligible. But grain size does affect creep even at temperatures where
the yield strength is nearly independent of grain size. At low constant temperature and constant
steady state creep rate conditions grain boundaries provide a strengthening effect, but on
decrease in grain size (from a critical value), grain boundaries reduce creep resistance. This is
due to grain-boundary mobility and generation of dislocations at grain boundaries. In addition
to mobility (migration), grain boundaries also exhibit sliding, which is observed as rotation or
translation of one entire grain with respect to adjacent grains. Above 0.3T,, grain boundary
sliding becomes more prominent and grain boundaries provide less resistance to deformation
and rupture. Grain boundary sliding occurs on the boundaries randomly oriented with respect
to specimen axis. It has been associated in polycrystalline materials with recovery process

involving sub-grain formation and strain-induced migration. However, on the atomic scale,
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grain-boundary migration involves diffusion of atoms across the boundary. Thus at high
temperature, grain boundaries emit dislocations from ledges during primary and secondary
creep. Many evidences indicate a close relationship between grain-boundary sliding and bulk
creep behaviour (Zener, 1948; Garofalo, 1960).

The initial sliding occurs in early stages of creep and occurs in the immediate vicinity of
boundary region. As creep continues, sliding gradually takes a zone of finite width. The an-
elastic effects associated with grain-boundary sliding at low stress were discussed by Zener
(1948). It was proposed that during sliding, grain boundaries behave like viscous flow. On the
onset of sliding, elastic distortions (non-uniform) originating from triple point grain junctures
are produced in adjacent grains that lead to sub-grain or cell formation (as shown in Figure

1.1.9.1).

Grain3
Grain 4

Figure 1.1.9.1: Schematic diagram of an-elastic grain boundary sliding in adjacent grains.
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On development of a constant shear stress, grain 1 slides over grain 2, along the grain
boundary a-b in a viscous manner. Elastic distortions are produced in grain 3 and 4. The elastic
distortion however, develops a back stress which increases as sliding continues. The back stress
increases to the level of the applied stress and sliding stops. Since all areas of the boundary do
not behave in a similar way. Such grain boundary migration leads to the development of
serrations at grain boundaries (wavy structure).

These serrations are associated with sub-grain formation near grain boundaries and the
wavelength of these serrations is of the order of the sub-grain diameter. The high cohesion
between grain boundary particle and matrix are beneficial for high temperature strength in Ni-

base alloys.

1.2  Objective of the Thesis

As a part of UK Government’s Technology Strategy Board’s DTI project (No:
TP/5MAT/6/1/H0101B) entitled ‘Improved Modelling of Material Properties for Higher
Efficiency Power Plant’ the microstructure of three alloys Inconel 617 & 625 and Nimonic 263
from nickel base superalloys family, have been evaluated. The objective of this study has been
to concentrate on the details of microstructural characterisation of these materials that have
been creep-exposed to different conditions of stresses, time and temperatures. The creep-
exposed conditions are relevant to future generation power plants. Evolution of the
microstructural changes in these alloys under typical service conditions is fundamental to
predicting the long term elevated temperature creep properties. The evolved microstructure of
the exposed alloys has been compared with the microstructure of the ‘as-received’ alloy.
Precipitate evolution and morphology in all creep-exposed alloys has been studied with
scanning and transmission electron microscopy. The detailed understanding of mechanisms of
microstructural evolution that significantly lead to strengthening or weakening over phase
precipitation in the microstructure, was conducted using light microscopy, scanning electron

microscopy (SEM), energy dispersive X-ray analysis (EDAX), electron backscattered diffraction
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(EBSD) patterns in SEM and transmission electron microscopy (TEM). The evolution of
mechanical properties has been investigated using hardness testing. Finally, the creep failure
mechanism of the failed sample has been investigated by observation of the fracture surfaces
and cross-sections through the fracture by scanning electron and optical microscopy
respectively. The results from this study have been used to inform and validate microstructural

models developed by other partners in the larger project.

1.3  Structure of the Thesis

In this introductory chapter (chapter one) the importance of nickel base superalloys
relevant to the high temperature requirement for future generation power plants has been
discussed. The concepts of phase evolution and high strength of solid solution have been
discussed in relation to binary, ternary and quaternary phase diagrams. Creep-rupture
mechanisms, microstructural evolutions/degradations, phase-precipitation and role of grain
boundaries during creep have been discussed for high temperature materials. In chapter 2, a
detailed literature review of Inconel 617, 625 and Nimonic 263 alloys is presented. The
experimental materials and procedures including various characterisation techniques are
detailed in chapter 3. Chapters 4, 5 and 6 deal with the results of microstructural evolution of
the Inconel 617, Inconel 625 and Nimonic 263 alloys. Light microscopy, SEM, TEM and AFM
analysis are presented with characteristic micrographs. Discussion of the results is given in
chapter 7. In chapter 8 conclusions are outlined. Finally, chapter 9 closes with suggestions for

future work.
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In this chapter, a review is presented on Inconel 617, 625 and Nimonic 263 alloys. Their
room and high temperature mechanical properties are discussed and correlated with the
microstructural evolutions (precipitate morphology and distribution, grain shape and size, and
carbide distribution), that occur during heat-treatment, ageing and exposed conditions; relevant
to service conditions that exist in power generation plants. A major emphasis has been placed
on microstructural evolution in creep and thermally exposed alloys. The literature of high
temperature creep-rupture properties, thermal ageing and creep-exposed microstructures with
respect to composition of the alloys has been reviewed. The topics covered include
microstructural evolution, precipitation, hardness, creep-rupture properties, fracture

mechanisms and mechanical properties such as toughness, fatigue and crack growth.

2.1 Background

The scientific understanding, of microstructural evolution during creep and thermal
ageing in Inconel and Nimonic alloys has made impressive progress in the last four decades, in
correlating the microstructures with their mechanical properties. In the last few years,
materials for future generation power plant applications have received a greater attention
among researchers and plant operators. This is due to the fact that nickel base superalloys are
capable of withstanding longer design lives, under severer conditions than iron based alloys.
For specific applications, in which temperature, stress and environmental effects are of prime
concern, such as components of steam boilers and turbines, heat exchangers, HP/IP valve chest,
rotor forgings, blades, pipes, superheat tubes, headers, hot gas ducting, bolting etc, nickel based
alloys are being investigated. However, in most of these alloys, a range of properties is required
e.g. mechanical strength at elevated temperature, metallurgical stability, creep-rupture strength

for long term operation, and excellent corrosion and oxidation resistance in aggressive
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operating environments. These alloys respond to heat treatment, and therefore exposure to
high temperature, with or without stress, can cause microstructural changes that affect the
properties. The higher the exposure temperature, the faster would be the structural
degradation. To understand the response of Inconel 617, 625 and Nimonic 263 alloy to long-
term creep exposure conditions, the available literature on these alloys, has been reviewed. The
topics considered mainly include microstructural changes, precipitation hardness, tensile

properties, creep-rupture, and fracture mechanisms.

2.1.1 Research Activities on Inconel 617 Alloys

Inconel alloy 617 is a nickel-based superalloy that has been developed for high
strength, high temperature applications. Alloy 617 was first introduced by Hosier and Tillack
(1972) as a solid-solution strengthened alloy with good high temperature mechanical
properties. This alloy is widely used for service involving high stress at temperature in excess of
700°C, because of its capability to withstand severely hostile operating environment without
compromising its high temperature properties. Alloy 617 is nickel-chromium-cobalt-
molybdenum solid-solution strengthened alloy commercially known as Inconel® 617 alloy
(registered trademark by INCO family of companies). After the introduction of Inconel 617 alloy
in 1972 (Hosier and Tillack, 1972), many research programs were actively conducted on the
material for its applicability to high temperature service conditions and its microstructural

changes after extended exposure to high temperatures and high stresses.

Inconel alloy 617 (IN617) is a stable austenitic solid-solution alloy. The high
temperature capability of IN617 arises from good mechanical strength at elevated temperature,
long term metallurgical stability, good creep rupture strength for long term operation, and
excellent corrosion and oxidation resistance in aggressive operating environments [Cummins

and Given 1992; Tawancy, 1990].
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Mankins et al. (1974) have studied extensively on creep exposed Inconel alloy 617 in the
temperature range of 649 - 1093°C for durations 215 to 10,330 hours under stress range from
7 to 241 MPa. The reported work was on strengthening mechanism by phase identification and
correlation of microstructures with mechanical properties. All creep specimens were from hot-
rolled bar, and were given solution treatment at 1177°C/1h, before being creep tested (all creep
tests were discontinued before rupture). Samples were exposed from 215 h/7 MPa at 1093°C to
beyond 10,000 h/69 MPa at 760°C. The precipitated phases evolved during creep exposure
were extracted from the samples through extraction replica techniques. These extracted phases
were quantified by X-ray diffraction and X-ray fluorescence. A modified computer model,
PHACOMP analysis was performed to predict the amount and lattice parameter of intermetallic
secondary phase, gamma prime (y"). Gamma prime was predicted at < 1 volume%, having lattice
parameter (ao) of 3.55052 A, with solvus temperature in between 760°C to 816°C. Room
temperature tensile, impact tests, Charpy V-notch, and hardness, were performed on the
exposed samples to study the ageing effects on mechanical properties (yield strength, ultimate
tensile strength, ductility, toughness etc). The major phase found in the alloy after such
exposure was identified as M23Cs carbides intragranularly distributed in all the samples. M23Cs
precipitates intragranularly during the initial stage of treatment, after continued exposure, the
additional discrete M33Cs carbides are precipitated in the grain boundaries, along twin
boundaries, and around the polyhedral particles of TiN. Another rare phase that has been found
was {(Cr, Mo) (C, N)} without any topological close-packed phases such as sigma, mu, and chi.
Gamma prime was not observed to be prone to overaging or transformation to any
morphologically deleterious phase after long term exposure. Molybdenum and cobalt play an
important part in retarding gamma prime overaging. The work by Mankins et al. on Alloy 617
led to a good understanding of the high temperature mechanical properties of IN617 and it
became a strong candidate for structural components in high temperature design applications.
Other properties like oxidation and corrosion resistance, fatigue strength and environmental

effect at high temperature on the alloy’s performance was reported in 1980s-1990s (Kirchhofer
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et al. 1984; Bruch et al. 1984; Schneider et al. 1984; Ennis et al. 1984; Srivastava et al. 1990; Lai,
1993; Meyer-Olbersleben et al. 1999; Coade et al. 2002).

Hosoi and Abe (1975) have investigated creep rupture properties of Inconel 617 in
helium and vacuum at 1000°C under a stress of 34 MPa. Creep rupture properties in air were
always greater than in helium and high vacuum. The low oxygen content in helium (99.9% He)
causes a remarkable decrease of the creep rupture time and a similar effect of oxygen is also
found in the controlled pressure of air. The effect of oxygen on the creep rupture properties is
attributable to surface decarburization and oxidation attack, which tends to decrease the high

temperature strength.

Kimball et al. (1976) reported the effect of thermal ageing on the microstructural and
mechanical properties of Inconel 617. Their investigation was to examine the microstructural
and mechanical properties changes which occurred during ageing in the absence of an applied
stress for temperatures in the range 593 to 816°C for times up to 8000 h. The material was
solution annealed at 1177°C/air cooled before the ageing process. Hardness, Charpy V-notch
tests, toughness etc were studied for the aged samples. Age-hardening was observed for all
temperatures, however softening was observed after long time ageing at 760°C. This
temperature was identified by Mankins et al. (1974) as the temperature at which solutioning of
y" particles occurs. The microstructure was characterized by a discontinuous grain boundary
network of carbides and the presence of numerous carbides stringers. A number of discrete
carbide particles are also present in intragranular regions. These carbides were identified as
being of M23Cs type where M is Cr and/or Mo. After ageing for 1000 h the grain boundary
carbide network was seen to be nearly continuous and in many areas the large grain boundary
carbides were surrounded by numerous fine carbide particles. These fine particles were also of
M33Cs type. No significant changes occurred in the intragranular carbides. After ageing for 8000
h the grain boundary carbide network was observed to be continuous throughout the specimen.
The grain boundary carbides were further observed to be somewhat increased in size compared

to the solution annealed material. Also no fine carbides were observed in the vicinity of the
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grain boundary carbides. The individual carbide particles present in the carbide stringers and
isolated intragranular carbides appeared to have increased slightly in average size (<1pm) over

that of the solution annealed materials (Kimball et al, 1976).

Kihara et al. (1980) reported that for creep exposed Inconel 617 alloys at
1000°C/25MPa, the major observed phases were M23Cs and M¢C types of carbides. They were
precipitated both in grain boundaries and as intragranular particles. It was reported earlier
(Hosoi and Abe, 1975) that creep strength of this alloy at 1000°C in He atmosphere is
remarkably reduced by decarburization. Therefore, carbides are associated with the creep
strength of this alloy (Mankins et al. 1974). Grain boundary migration is an important
mechanism during creep at 1000°C, however grain boundary carbides act to suppress grain
boundary migration, and this significantly affects the recovery mechanism. All samples before
creep tests were subjected to a solution and ageing treatment. Solutionization was conducted to
increase the grain size and to dissolve all carbides. Ageing treatments to all solution treated
samples were conducted to eliminate the precipitation of carbides during creep. After this
treatment fine intragranular carbides (metastable) were quickly precipitated as massive and
stable grain boundary carbides. BSE micrographs showed that M;3C¢ carbides were dark and
small in size and had high chromium rich and low molybdenum contents. However, M¢C types of
carbides were bright due to high molybdenum and low chromium content, and of massive size.
The MeC type carbides were localized mainly on the grain boundaries and near to the M»3Cs type
carbides. It was concluded in the report that fine intragranular carbides contribute to a lower
creep rate only in the transient state (negative transient curve) by impeding dislocation
movement, however they did not give lower creep rate in the steady state region. This was
owing to a decrease in the discrete number of carbides to a significantly low value, which then
increase the ability of dislocations to move through the microstructure, prior to the onset of the
steady state creep. Therefore, the main contribution to creep strength in the steady state region
is due to interstitial atoms of carbon/or grain boundary carbides. Grain size also influences the

creep rupture life. The creep-rupture life for smaller grain size samples were remarkably
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decreased by the finer grain size. In relation to microstructural changes during creep Kihara et
al. (1980) made very concise and clear understanding on migration of grain boundary & their
carbides and voids formation & creep deformation mechanism during tertiary creep. The wavy
grain boundaries are attributed to grain boundary migration which occurred during the creep
deformation. Grain boundary migration was independent of applied stress direction and
observed at all grain boundaries. A list of intermetallic compounds, carbides and nitrides that

are precipitated in Inconel alloys is given in Table 2.1.1.1.

Table 2.1.1.1 Constituent phases observed in Inconel alloys, which are present in IN617.

Phase Crystal structure Lattice parameter, A Formula

Y fcc (ordered L17) 3.561 for pure NizAl to 3.568 for NizAl, Ni3(Al, Ti)
Niz(Alo.sTios)

n hcp (D024) ao=>5.093,c0=8.276 NizTi (no solubility of

other elements)

Y’ bct (ordered DO032) a0 =3.624,co=7.406 NizNb
MC Cubic 4.3-4.7 TiC, NbC
M23Ce fcc 10.50 - 10.70 (varies with Cr23Cs,
composition) (Cr, Fe, W, M0)23C¢
MeC fcc 10.85-11.75 FesMosC, FezW3C-

Fe4W2C, Fe3Nb3C,

NbsCosC
M7Cs hcp a0 =13.98,co = 4.523 CrsCs
MN Cubic 4.240 TiN
u Rhombohedral a0 =4.75,co=25.77 (Fe,Co)7(Mo,W)s

The carbide precipitation phenomenon does not preferentially occur on tensile

boundaries but from the migration of carbides from compressive boundaries to tensile
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boundaries. Carbides on the tensile boundaries grew rapidly and those on the compressive
boundaries disappeared. The migration of carbides is as a sequence containing dissolution of
carbides at the compressive boundary, diffusion of carbide forming atoms from compressive to

tensile boundary region and re-precipitation of carbides on the tensile boundary.

The research effort on this alloy for gas-cooled reactors was vigorous in 1980s, and in
1984, an entire issue of Nuclear Technology, Special issues on high-temperature gas-cooled
reactor materials, was devoted to review the progress (Nuclear technology, 1984).
Kirchhofer et al. (1984) developed a time-temperature precipitation (TTT for time-temperature
transformation) diagram for Alloy 617. Two solution-treated alloys at 1200°C followed by a
water quench were examined. The ageing temperatures ranged from 500°C to 1000°C for times
from 0.5 h to 1000 h. Additional samples aged for longer times to 10,000~ 30,000 h at 900°C.
Precipitate characterization methods included optical metallography, scanning electron
microscopy, transmission electron microscopy, energy dispersive X-ray analysis, and X-ray
diffraction of extracted residues. Vickers diamond hardness values (HVs) were also reported for
ageing times of 300-1000 h. The precipitation of primary MeC, Ti(C, N) and small amount of y
was reported. Bruch et al. (1984) aged a tubing product at temperatures from 700°C to 1000°C
for times up to 30,000 h. Schneider et al. (1984) included ageing effects in their examination of
the creep behaviour of Alloy 617. They performed testing at 850°C and 950°C for times of up to
10,000 h. Samples aged 175 h, 500 h, 3100 h, and 8700 h were tested at 950°C and 44 MPa.
Ennis et al. (1984) also reported their observation of some ageing effects in Alloy 617 during the
course of the study of helium and carburization effects on the creep behaviour, tensile
properties, and toughness. Their ageing treatments were performed for 2000 h at 850°C.
Several papers were published on Alloy 617 for turbine applications in the 1990s (Srivastava et
al. 1990; Lai, 1993; Meyer-Olbersleben et al. 1999; Coade et al. 2002). The temperatures of
concern were in the range of 760-982°C and loadings included creep, low-cycle fatigue, and
thermal fatigue. The microstructural studies and ageing effects were briefly discussed in these

papers. Research activities on high-nickel alloys for use in ultra-supercritical steam boiler
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technology for boiler tubing, headers, and piping have increased interest in 1990s. Alloy 617
became a potential candidate material for the manufacture of boiler components that operate at
750°C (Starr & Shibli, 2000; Swindeman et al. 2004; Viswanathan et al. 2002).

IN617 is one of the acknowledged candidate materials widely used in high temperature
service (600-800°C) component applications for future generations of power plants when the
steam inlet temperatures exceeds 750°C. The current working steam temperatures of most
efficient power plants are now in the range of 600°C-650°C with steam pressures of 30 MPa and
it is expected that temperatures will rise up to 700°C and above to obtain the necessary high
thermal efficiencies (Meetham, 1986; Vanstone, 2000; Viswanathan et al., 2005; Viswanathan et
al 2005; Amorelli, 2007). In order to meet the material requirements, selection was based on
long-term creep rupture properties (longer creep life & creep resistance), microstructural
stability, structural stability, fatigue resistance, fracture toughness, corrosion & oxidation
resistance and fabricability (Nickel et al, 1984). Alloy 617 was therefore chosen for
investigation for the critical components used in steam turbine technology (Meetham, 1986;
Tancret and Bhadeshia, 2003).

In a European project, Allen et al. (2004) examined solution-annealed base metal and
service-aged Alloy 617 and its weldment from a gas turbine combustion system with 25,000
operating hours. The microstructures of the aged base metal, the HV of the aged base, the weld,
the outside and inside wall metals, etc., were studied. Shingledecker et al. (2004) continued the
research on Alloy 617 for boiler application and constructed hardness versus time curves for a
broad range of temperatures and times. Microstructural studies were conducted by Wu et al.
(2008) to examine the ageing response of IN617, as a part of USC Steam Boiler Consortium
project. Prolonged ageing conditions for the precipitate study ranged up to 65,000 hours at a
series of temperatures from 482°C to 871°C. Hardness was also measured for various ageing
conditions. Solid solution strengthened IN617 alloys are attributed with exceptional creep life
and rupture strength at temperatures up to 800°C, due to solid solution strengthening of matrix

by the molybdenum and cobalt additions and precipitation strengthening by intermetallic
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precipitate (gamma prime), carbides precipitation etc. It has an excellent combination of high
strength and oxidation resistance, particularly at temperatures over 980°C (Huntington Alloy,
1972; Hosier and Tillack, 1972; Mankins et al.,, 1974; Nickel et al., 1982; Bassford and Hosier,
1984). The high nickel and chromium contents make the alloy resistant to both reducing and
oxidizing media. The aluminium, in conjunction with the chromium, provides high-temperature
oxidation and decarburization resistance. The high chromium promotes the formation of
chromium oxide as a protective oxide under adequately oxidizing conditions. Cr and Mo are
carbide formers that act to improve the creep resistance. These carbides, especially at grain
boundaries, play an important role in deciding long term creep rupture strength of the alloy
617. However, an excess loss of chromium from the matrix reduces the effectiveness of solid-
solution strengthening. It also leads to dissolution of chromium carbides from the chromium-
depleted zone as the chromium activity decreases (Ennis et al. 1993). In addition, Mo and Co
enhance the strength. The presence of 1 wt% aluminium in the matrix enhances the oxidation
resistance and improves the strength of the matrix by precipitating coherent phase during
ageing Niz (Ti, Al) type intermetallic compound (y’). It increases the strength and creep
resistance at higher temperatures. However, the major role of aluminium and chromium
additions is to improve the oxidation and carburization resistance at high temperatures. The
solute element, titanium, promotes the formation of thin protective aluminium oxide surface
scales, if titanium/aluminium (Ti/Al) ratios near to unity. In Alloy IN617, Ti/Al ratio is 0.63 and
forms protective surface scale, whereas the alloys have lower Ti/Al ratios form semi protective
aluminium-oxide scales such as Alloy IN713C, Ti/Al = 0.4. Some alloys that contain aluminium
but no titanium such as alloy M21 form un-protective surface scales. (Mankins et al., 1974;
Kimball et al., 1976; Takahashi et al., 1978; Hosoi and Abe, 1975; Kihara et al. 1980; Johnson et
al,, 1984). The alloy is considered superior to Inconel 625 since it does not form any embrittling
TCP phases such as o, y, and x in the temperature range 649°C to 1093°C for durations below
10,330 hours (Mankins et al, 1974). The primary precipitated phases present in the

microstructure are titanium nitride, titanium carbides (or solution of those two compounds
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commonly called cyano-nitrides), and chromium carbides. These nitrides and cyano-nitrides are
stable at all temperatures below the melting point and are unaffected by heat treatment.
Strengthening behaviors are also derived from these precipitates. These precipitates are

precipitated both in grain boundaries and as intragranular particles.

The mechanical performance of the alloy degrades during service under stress, temperature and
in aggressive environments, owing to changes in the microstructure. At temperatures in excess
of 650°C, under application of stress, the alloying elements start to interact with the
environments and precipitate out in the matrix, causing de-alloying of matrix. Such evolution of
the microstructure usually results in degradation of properties especially creep-rupture
strength and creep life. This degradation in performance leads to creep deformation and
ultimately to fracture. Therefore, this study is preliminary focused on the mechanistic
understanding between creep deformation mechanisms and microstructural evolution that

arise during long-term creep exposure.

Creep resistance to failure is one of the primary considered materials properties for
components used for high temperature applications in potentially aggressive environments.
Time dependent slow plastic deformation under the application of constant load till failure is
studied in creep behaviour of materials. Creep damage and failure is associated with permanent
change in shape of the material during tertiary creep and quantified by the nucleation, growth,

distribution and coalescence of microscopic internal cavities and voids.

The identified phases in Inconel 617 by researchers after different thermal ageing and creep
exposure conditions from a range of temperature of 482 - 1050°C are shown in Table I. The

primary phases present in IN617 are y’, M23Cs, Ti(C, N) and MeC.
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Table I: Identified phases in IN617 reported by other researchers (continued)

Phases Temp (°C) Tests Amount Researchers
649-1093 Crefrll):i::ted Very abundant Mankins et al.
593-816 Aged - Kimball et al.
700-800 Creep tested - Gariboldi et al.
M23C6
[M= Cr + Mo]; 1000 Aged i Takahashi et al.
Crz21Mo.Cs 1000 Creep Tested i Kihara et al.
482-871 tAged gle High volume Wu etal.
atmosphere) | g, tion at 871°C
500-1050 Aged - Kirchhofer et al.
1000 Aged - :
Ti (CN) Takahashi et al.
500-1050 Aged - Kirchhofer et al.
TiN 649-1093 | Creep tested Rare Mankins et al.
in Air
Cr Mo (C, N) 649-1093 Crefﬁ‘fﬁted Very Rare Mankins et al.
Aged in
MC [M=Ti, Mo] 482-871 Helium - Wu et al.
atmosphere
MC [M= Cr, Mo] 700-800 Creep tested Rare Gariboldi et al.
649-760 Creep tested 0.6% Mankins et al.
in Air
593-816 Aged Very small Kimball et al.
700-800 Creep tested - Gariboldi et al.
i 1000 Aged - Takahashi et al.
Y
500-1050 Aged Very small Kirchhofer et al.
482-871 Aged in 593°C-5% Wu et al.
Helium Volume fraction
atmosphere (V.F.),704°C -
2% V.F., 871°C -
very low V.F.
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Table I: Identified phases in IN617 reported by other researchers

1000 Aged -

Takahashi et al.
n-MoC; 1000 Creep Tested - Kihara et al.
MosCr: (Ni, Co)C : , Very low
482-871 Aged in Helium volume fraction Wu et al.
atmosphere at low
temperature
500-1050 Aged Kirchhofer et al.
Ni. (Cr, Mo) 482-871 Aged in Helium | Absent at high Wu et al.
atmosphere temperature
4 - NisMo Only at 700 Creep tested - Gariboldi et al.
M;2C 500-1050 Aged - Kirchhofer et al.

2.1.2 Research Activities on Inconel Alloy 625

Inconel alloy 625 is a nickel based superalloy solid-solution strengthened mainly
by the additions of carbon, chromium, molybdenum, and niobium. This alloy is developed for
application at temperatures below 700°C. It has been used extensively in the petrochemical and
aerospace industries and in many marine applications. The alloy possesses high strength and
toughness at elevated temperature, excellent corrosion and creep resistant properties, with
excellent fatigue strength and fabrication characteristics as one of the age-hardened nickel
based superalloys. The alloy is a solid solution hardened, but extra hardening appeared in the
alloy due to precipitation of intermetallic ordered phases and carbides (Eiselstein and Tillack,
1991). Several ordered phases are formed in this alloy as a function of temperature and
duration of ageing, Among the observed ordered phases, Ni; (Cr, Mo) and y” phases are formed
on ageing below 600°C. Precipitation hardening in this alloy at elevated temperatures (600-
700°C) is mainly derived from the metastable phase y” [Niz (Nb, Al, Ti)]. It has ordered body-
centered tetragonal DO»; crystal structure. The precipitates of y" are generally small in size (~10
to 20 nm) and coherent with the matrix. Coherency strain plays an important role in

strengthening the alloy. It also influences the coarsening behaviour of precipitates and the long
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term behaviour of the microstructure and mechanical properties at elevated temperature
(Collier et al. 1988). The metastable y” phase gets transformed to the equilibrium orthorhombic
d-phase [Niz (Nb, Mo)] upon prolonged ageing. M23Cs (M is rich in Cr), M¢C and MC (M is rich in
Ni, Nb & Mo) carbides get precipitated in the range of 760-980°C. The primary MC carbide has
shown their presence in solution annealed condition and has been reported to decompose into
M23Cs and MeC on prolonged exposure at elevated temperatures (Shankar et al. 2001). The
orthorhombic phase deteriorates the alloy tensile, creep ductility and toughness properties
Inconel Alloy 625, nickel-based superalloy is extensively used under aggressive
environment of high stress, high temperature and corrosive atmosphere. The material shows a
good combination of yield strength, tensile strength, creep strength, excellent fabricability,
weldability and good resistance to high temperature corrosion and oxidation on prolonged
exposure to aggressive environments (Rai et al.,, 2004). It is a nickel-chromium-molybdenum
alloy with an addition of niobium that acts with the molybdenum to strengthen the alloy’s

matrix.

The outstanding strength and toughness of Inconel 625 in the temperature range
cryogenic to 1093°C are derived primarily from the solid solution strengthening effects of the
transition metals, niobium and molybdenum, in a nickel-chromium matrix. Nickel and
chromium provide resistance to oxidizing environment, while nickel and molybdenum provide
resistance to non-oxidizing environment. Pitting and crevice corrosion are prevented by
molybdenum. Niobium resists scaling and oxidation at high temperatures. Some typical
applications for Inconel 625 are heat shields, furnace hardware, gas turbine engine ducting,
combustion liners and spray bars, chemical plant hardware and special seawater applications

(Paul et al., 2007).

Eiselstein & Tillack (1991) studied intermetallics phases and carbides precipitation in
Inconel alloy 625 on ageing in the range of 550 - 750°C. Alloy 625 shows secondary

precipitation hardening at temperatures above 650°C. The precipitates observed in this alloy
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are metastable y” phase [Niz (Nb, Al, Ti)] having ordered BCT DO, structure and Ni, (Cr, Mo)
phase having an orthorhombic, Pt;Mo type structure. The metastable y” phase is transformed
from orthorhombic 6 to phase [Niz (Nb, Mo)] upon prolonged ageing (Brown & Muzyka, 1987;
Shankar et al., 2001; Sundararaman et al.,, 1999). Sundararaman et al. (1999) also discussed
different variants of Ni, (Cr, Mo) precipitates; usually in the austenite grains. These particles
exhibited a snowflake-like morphology and were uniformly distributed in the matrix. Apart
from the intermetallic phases, the precipitation of a MeC type carbide phase within the matrix
and the formation of near continuous films, comprising discrete M¢C/M23C¢ carbide particles, at
the austenite grain boundaries have been observed in the alloy after prolonged service. Delta (§)
phase has also been found to form directly from the supersaturated solid solution on ageing at

higher temperatures.

Xuebing et al. (1998) investigated in detail the microstructural features of Ni-based
superalloys used in gas turbines and its high temperature properties were attributed to the high
volume fraction of the gamma-prime (y") phase. The gamma-prime (y") precipitate has a slight
mismatch with the matrix but can block the movement of dislocations, resulting in a high creep
resistance. They concluded that the degeneration of MC to M23Cs was facilitated by the

formation of the gamma-prime (y”) phase. This can be described by the following reaction:

(Ti, Mo)C + (Ni, Cr, Al) > (Cr, Mo) 23 Cs + Ni3 (Al, Ti)

M23Cs type carbides play a more important role in strengthening the grain boundary than MC

carbides because of the finer grain size of the M23Cs carbides.

Kumar et al. (2002) have reported about the change in properties of prolonged (about
60 000 h) exposure in Inconel 625 to a temperature close to 600°C and reported a substantial
decrease in ductility and toughness of the alloy due to heavy intragranular and intergranular
precipitation. In this work the authors demonstrated the influence of various precipitates, such

as intermetallics v", Niz (Cr, Mo) and - phases, and grain-boundary carbides, and correlated the
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results with yield strength. The changes in microstructure, due to precipitation of second phase

precipitate led to a decrease in room temperature tensile properties.

The excellent oxidation resistance of Inconel 625 alloy has reported by Fujikawa et al.
(2007). Inconel 625 alloy showed better oxidation resistance to other Ni-based crystalline
superalloys and the oxide scale of Inconel 625 alloy is very thin and mainly comprised of Cr;0s.
Microstructural evolution in alloy 625 during creep deformation was investigated by Mathew et
al. (2007), in the temperature range of 650°C to 875°C for duration from 30 to 31,800 h.
Microstructural changes were observed under different test conditions with precipitation of
intermetallics y” and & phases in the austenitic matrix. The observed phase y” was at 700°C and
d phase at above 700°C. A continuous decoration of MC type carbides was also observed on the
grain boundaries. The carbides precipitated at grain boundaries play an important role in the
strengthening of grain boundaries at elevated temperatures (Fernandez et al., 1978; Bae et al.

2001).

The service-exposed alloy 625 at 600°C for 60, 000 h showed higher strength and lower
ductility compared to the virgin material in the solution annealed state. Precipitation of
intermetallic v and Ni; (Cr, Mo) phases and inter- and intragranular carbides were found to be
responsible for higher strength of the service-exposed alloy. On subjecting the service-exposed
alloy to subsequent thermal ageing treatments at 650°C and 850°C (above the service
temperature of the exposed alloy) dissolution of the intermetallic phases occured that in turn
increased the ductility of the alloy. Post-service ageing of the alloy at 650°C for short durations
resulted in the dissolution of the Ni; (Cr, Mo) phase. The dissolution of the Ni, (Cr, Mo) phase
exhibited significant influence upon yield strength (YS) but a negligible effect on ductility.
Prolonged ageing of the alloy for 500 h at 650°C resulted in the precipitation of intermetallic &
phase. Post-service ageing of the alloy at 850°C promoted the dissolution of both Ni; (Cr, Mo)
and y” formed during service. Longer duration ageing at the same temperature led to the

precipitation of 6 phase with an associated increase in strength and loss in ductility. Re-solution
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annealing of the service-exposed alloy at 1150°C caused dissolution of the strengthening
phases. When the re-solution annealed alloy was subjected to prolonged exposure at 650°C, the
yield stress was found to increase rapidly with ageing time with significant loss in ductility due
to the precipitation of y” (Shankar et al,, 2001).

Yang et al. (2006) studied the morphology, location and stability of MC, M¢C and M23Cs
carbides in thermally exposed polycrystalline Ni-based superalloy and it was reported that MC
carbide is stable from 850 to 950°C; MeC carbide was stable above 1000°C; M;3Cq carbide
appeared in the 950-1000°C temperature range.

Angeliu et al. (1990) reported that the thermodynamic analysis of the carbide stability
indicates that factors, such as favourable orientation relationships, play an important role in

controlling the precipitation of Cr23Cs in nickel-based superalloys.

The tensile creep behaviour of alloy 625 was investigated by Rodriguez et al. (2003).
The dominant strengthening contribution comes from grain size refinement. Solid solution
strengthening plays a secondary role. The analysis of creep curves over the temperature range
538-650°C revealed two distinct regions of creep behaviour. At lower stress levels the creep
characteristics were consistent with a structure controlled creep process. At higher stress levels
the creep characteristics were consistent with mobility-controlled deformation where creep
was controlled by the viscous glide of dislocations. The species thought to be responsible for
viscous glide is niobium (Nb). The apparent activation energies determined for creep in both
the low stress region and high stress region exceed by a considerable amount the values for
lattice self-diffusion of Ni. In addition, normalization of the creep data using Young’s modulus
for Inconel 625 to compensate the stress and the activation energy for self-diffusion of Ni to
compensate the strain rate fails to collapse the data onto a single slope. These phenomena are
explained in terms of the simultaneous deformation of second phase particles along with the
austenitic y matrix during creep. The second phase most likely to be deforming along with the

austenitic y matrix is the equilibrium delta (8) phase.
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2.1.3 Research Activities on Nimonic Alloy 263

Nimonic 263 is a wrought Ni-based super alloy, which has found wide applications in
gas turbines for power plants, aircraft and aero-engines, because of its attractive creep strength
and good oxidation resistance. It is a precipitation-hardening creep-resistant nickel-chromium-

cobalt-molybdenum alloy developed and introduced by Rolls-Royce in 1960.

Cr

Nickel Nimonic alloy 75

Nimonic alloy 80A & 81 Nimonic alloy 90

Nimonic alloy 105, 115, & 263

Figure 2.1.3.1: Nickel-base superalloy NIMONIC tree.
It is primarily used for applications where welding is important. This alloy shows excellent weld
ductility and fabrication characteristics as of Nimonic 75, as well as excellent creep-rupture
strength as of Nimonic 80A (Stubbs, 1974; Brown and Muzyka, 1987). Figure 2.1.3.1 shows the
development tree of Nimonic alloys. Polycrystalline Nimonic 263 is an important age-hardened
alloy, mainly strengthened by y” precipitation from the addition of aluminium and titanium, and
by carbides. Some strengthening is also achieved by solid-solution hardening from chromium,
cobalt and molybdenum. The nature and morphology of the y* phase Nis (Al, Ti) are of primary
importance during age-hardening in obtaining optimum high temperature properties.
Compositionally, the aluminium and titanium contents and their ratio are very important, as is
heat treatment. On increasing the aluminium/titanium ratio, high temperature properties
improve. Figure 2.1.3.2 shows precipitation-strengthened alloys (Nimonic series) have
considerably higher strength values than solid-solution strengthened alloys. The addition of

cobalt also increases the solubility of y* above 1100°C, thus facilitating hot working despite the
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high aluminium and titanium contents. In the fully heat-treated condition, the microstructure
shows fine discontinuous precipitates of carbides (M23Cs) at the grain boundaries. After solution

and ageing heat-treatment the hardness is around 275Hy.

Temperature, °C
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100 689
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Figure 2.1.3.2: Stress-rupture characteristics of wrought superalloys (Davis, Ed. Heat-Resistant

Materials, 1999)

The high temperature performance of the complex alloy is improved by the fine
dispersion of second-phase particles within the grains. These particles are primarily provide (1)
impedance to dislocation motion/glide, which increases strain hardening of the alloy; (2)
restriction to recovery by imbedding the dislocation networks formed during strain hardening.
Smaller particles do not present significant obstacles to dislocation motion and dislocations may
readily loop around the largely spaced precipitates. The high temperature properties are

optimized by controlling the magnitude of precipitates size and their spacing.

Most of the nickel base superalloys are precipitation-hardened by the presence of
intermetallic precipitates, having geometrically closed packed (GCP) cubic structures, coherent

with the Ni-rich austenitic matrix. Nimonic alloys are categorized as precipitation-hardened
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nickel-based superalloys. Nimonic® is a trademark of the Special Metals Corporation group of
companies. Nickel, the base metal, has fairly high melting point and has the additional
advantage of face-centered-cubic structure. Sufficient chromium is added to nickel to provide
oxidation resistance without destroying the face-centered-cubic structure. The first alloy was
Nimonic 75, essentially 80/20 Ni/Cr +Ti with additions of titanium (0.4 wt. %) and carbon (0.12
wt. %) for precipitation hardening. It was then found that a more effective precipitation
hardening agent was one based on f.c.c. phase NizAl, in which titanium can replace some of the
aluminium to give Ni3(Ti, Al), termed as gamma-prime, y". The first of the turbine blade
materials to be strengthened with vy was Nimonic 80A & 81 alloys, with varying Ti/Al ratios.
Further improvements were then made by adding cobalt to lower the stacking fault energy of
nickel. With addition of cobalt up to~ 21%, Nimonic 90, was developed as a better heat and
corrosion resisting alloy. The addition of molybdenum and cobalt also provided solid solution
strengthening. Nimonics 105 & 115 alloys were the next alloys in this category with Ti/Al ratios
of up to < 0.8. The presence of the y’-precipitates decreased the rate of coarsening obtained by
decreasing the lattice mismatch between precipitates and matrix. This has a substantial
influence on the high temperature mechanical, and creep-rupture properties. The workability of
these alloys was low and interest focused on the development and processing of alloys, with
optimum chemical compositions, which can show superior high temperature properties, fatigue,

creep-fatigue interactions, and better oxidation and corrosion resistance (Crane et al, 1997).

Nimonic alloy 263, an air melted nickel-base alloy, was developed by Rolls-Royce Ltd., in
1971 to provide improved ductility, weldability and fabricability over Nimonic alloy 80A.
Nimonic 263 primarily intended as a material having the weld ductility and fabrication
characteristics of Nimonic 75 combined with the creep-rupture strength of Nimonic 80A
(Stubbs, 1974; Brown and Muzyka, 1987). Nimonic 263 shows improved high-temperature
strength (up to 900°C) and excellent mechanical properties (Special metals, 2010). Nimonic 263

was designed primarily for use in the stationary components of gas turbines like the
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combustion chamber, casing, liner, exhaust ducting, bearing housing and others. These
components are fabricated from plate/sheet forms of the alloy. The formability and weldability
of the alloy are an important factor for the fabrication of these components. Controlled
precipitation of the intergranular y” phase greatly enhances the strength of the Nimonic 263.
This alloy differs from Inconel 617 & 625 alloys on elemental composition and heat treatment
processes. The controlled heat treatment process in this alloy gave high strength and good creep

properties for applications.

The precipitation of y’-phase is the primary strengthening phase in Nimonic alloy 263
and its properties are strongly dependent upon the morphology and distributions of the y’
precipitates. The y’-precipitates are ordered and coherent, with a long-range ordered CuzAu
structure, which is also called L1, structure and show distinct cube-to-cube orientation
relationship with Ni-rich austenitic matrix (y).It has an ordered face-centered cubic structure

below 1150°C, as shown in (Figure 2.1.3.1)

(b)

Figure 2.1.3.1: NizAl phase (y") responsible for age-hardening in Ni-based superalloys. (a)
Primitive ordered L1, crystal structure, (b) Stochiometric arrangement of Ni and Al atoms.

The unit cell density is 0.37.
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The coherency of y/y” interface is due to the very small lattice misfit between their lattice
parameters. The excellent properties of the alloys are found to depend critically on the

coherency of the y/y”" interface. The orientation relationship can be described by

{100}, // {100}y & €010), // {010)y;

,which is referred as the cube-to-cube orientation relationship.
The polycrystalline Nimonic alloy 263 is also solid solution-strengthened by chromium, cobalt
and molybdenum. The fine precipitates at the grain boundaries are important in controlling
creep rupture ductility. Carbides and borides play an important role in improving the high
temperature creep-rupture properties in these alloys. If no carbides are present, grain boundary
sliding causes premature failure. The optimum conditions are provided by discrete globular
particles. The presence of carbon and boron cause the formation of these phases. The improved
properties are primarily due to the preferred location of carbides and borides at the y-grain
boundaries, which improves the rupture strength by inhibition of grain-boundary sliding.
Therefore, carbon and boron are often referred to as grain-boundary strengtheners. The
important carbides phases reported are MC, M23Cs and M¢C, which are rich in Ti, Cr, and Mo
respectively. When grain boundaries of misorientation equal to 10° were introduced, carbon
and boron concentrations of 0.09 and 0.01 wt%, respectively, were sufficient to improve the
rupture life from 10h to 100h. The effect was attributed to small, distinct, coherent and closely

spaced Mz3C¢ carbides precipitating on the grain boundaries.

Gibbons and Hopkins (Gibbons and Hopkins, 1984) have found that y” strengthening effect was
most dominant when the grain size was large. This effect occurs because the prominent form of
creep damage in polycrystalline nickel-based alloy is creep cavitation at the y-grain boundaries,

this become less effective as the grain size increases.

Excessive quantities of Cr, Mo and W promote the precipitation of intermetallic phases which

are rich in these elements. The resulting phases are known as topologically closed-packed
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(TCP), have complex crystal structure and general chemical formulae AxBy, where A and B are
transition metals. The important TCP phases are o, y, and P-phases. The pu phase is based upon
the stoichiometry A¢B7 and has rhombohedral crystal structure containing 13 atoms per unit
cell, for example MosCo7. The o-phase is based upon the stoichiometry A;B and has a tetragonal
structure containing 30 atoms, for example Cre1C039. The P-phase has an orthorhombic unit cell,

containing 56 atoms, for example CrigMo42Niso (Reed, 2006).

Zhao et al (2001) have investigated precipitation behaviour in Nimonic 263. The major
precipitates at temperatures below 900°C were gamma-prime (y’) and eta (n-NisTi). They
reported that eta phase precipitated at the expense of the gamma-prime (y’) phase after
prolonged annealing. The eta (n) precipitates had a thin-plate morphology and formed a regular
Widmanstatten pattern. Both phases had a fixed orientation relationship with the FCC matrix.
Very fine particles of M23Cs also precipitated intragranularly, and they had a cube-on-cube
orientation relationship (OR) within the FCC matrix. Intragranular precipitation of very fine
cylindrical MC carbide was also observed. Grain-boundary (GB) precipitates were mostly M23Cs,
with a small fraction of MC.

The deterioration of the creep performance of Nimonic 263 at high temperature was
reviewed by Srinivas et al. (1995). The effect of degradation on creep properties in the air
exposed alloy at 780°C in the stress range of 160-275 MPa was discussed in terms of the outer
layer of intergranular oxide and the depletion of gamma prime (y'). The presence of
intergranular oxide and the y’denuded region led to a creep weakening effect, resulting in an
enhanced creep rate and poor creep life. Higher creep rates in air-exposed specimens of
Nimonic 263 provided evidence that the formation of CO gas bubbles occurred along the grain
boundaries during exposure to air. The presence of CO gas bubbles acted as cavity nuclei during
creep. Growth and inter linkage of cavities led to failure and hence poor creep ductility.

Extensive cavitation was also observed in the Nimonic 263 alloy.
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Polycrystalline Nimonic 263 is strengthened by gamma prime (y') particles with a
spherical shape and size of around 20 nm. The creep rate dependence on dislocation flux as a
function of the gamma prime (y') volume fraction with temperature has been studied by
Manonukul et al,, (2002) who described the creep of Nimonic 263 in the temperature range
between 700 and 950 °C, above and below the gamma prime (y’) solvus temperature
respectively. They found that below the solvus temperature of y (925°C) the material
undergoes creep at a rate which is determined by precipitate cutting, or by dislocation bowing
at pinning occurring at either the y’' precipitate particles, or within the dislocation network.
Precipitate coarsening contributes significantly to the creep rate if bowing at precipitate
particles is rate-controlling. Particle coarsening has been quantified and embodied in the model.

Above the y” solvus, the separation of pinning distance is defined by the dislocation network.

Several authors have proposed that for Ni-based superalloys containing high volume
fractions of y’, particle-coarsening causes a progressive increase in creep rate (i.e. a long period
of tertiary creep) due to a steady decline in oo. It has been shown that coarsening of gamma
prime (y’) is unable to account for tertiary creep in these alloys. The extent of acceleration of
strain rate and that tertiary creep is produced by at least two competing strain-softening
damage micromechanisms. One is fracture damage—cavitation and cracking—while the other is
suggested as being caused by the accumulation of dislocations (Dyson and McLean, 1983).

It was reported (Manonukul et al. 2005) that after standard heat treatment, Nimonic
263 material has a mean grain size of 104um, 9.5% volume fraction of y* with an average
precipitate size of 22 nm, and almost continuous precipitation of M»3Cs carbide at grain
boundaries. The precipitation solvus temperature is approximately 925°C. Creep deformation
becomes significant once the temperature has exceeded about 600 °C. In standard creep tests at
temperatures below the precipitation solvus, particle (y") cutting, dislocation bowing and
climbing have been observed (Manonukul et al, 2002), dependent on the size of the v’

precipitate (Zhang and Knowles, 2002; Zhang et al., 2001; Sundararajan, 1985). During
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isothermal creep tests, the volume fraction of precipitate remains constant but the precipitates

coarsen. The rate of coarsening has been found to be independent of applied stress (Stevens and

Flewitt, 1979). As the precipitate coarsens, eventually the critical particle size is achieved and

exceeded, and dislocation (Orowan) bowing takes over and climb occurs as the rate-controlling

deformation mechanism. Cavitation occurs at grain boundaries during creep, but other

microstructural evolutions such as precipitation, precipitate coarsening, generation &

multiplication of mobile dislocations are also observed.

Summary:

Inconel 617, 625 and Nimonic 263 alloys are used for high temperature applications as

high temperature components in steam boilers, discussed in Table II.

Table II: Properties and Applications of IN617, IN625 & Nimonic 263

Inconel 617 Inconel 625 Nimonic 263
High strength, creep and
Good corrosion | excellent corrosion
resistance, Exceptional | (pitting and crevice) | Attractive creep strength,
combination of | resistant, very good | oxidation and corrosion
Properties metallurgical stability, | fabricability, high | resistance along with good
strength, and oxidation | corrosion-fatigue formability and  high-
resistance  at  high | strength, resistive to | temperature ductility
temperatures. stress-corrosion
cracking
Thinner-walled vessels
or tubing, reaction
HP/IP valve chest, rotor | vessels, distillation | Superheater tubes, outlet
forgings, blades, pipes, | column, heat- | headers, steam lines, hot
Applications | tubes, headers, and | exchangers, transferring | gas ducting (transition
superheater tubes in | piping, valves, gas | piece) and bolting in
steam boilers coolers, cladding on | steam boilers

ferritic steel tubes in

steam boilers
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Chapter 3 Materials & Experimental Procedures

This chapter gives details about materials investigated in this thesis, their nominal
chemical compositions, heat-treatments and the experimental techniques employed to
evaluate the materials. The first part describes the materials, their composition and the heat-
treatment process for the solid-solution strengthened alloys, Inconel 617 and 625. The later
part discusses the precipitation-strengthened (age-hardenable) alloy, Nimonic 263. Solid-
solution strengthened alloys are generally distinguishable from precipitation-strengthened
(age-hardenable) alloys by their relatively low content of precipitate-forming elements such
as aluminium, titanium, or niobium. The heat-treatment procedure for high-temperature

alloys include stress relieving, annealing, solution treating and quenching.

Solution Treating: The first step in heat-treatment is usually solution treatment, whereas
stress relieving and annealing is conducted simultaneously after cold forming process to
promote adequate formability of the material being deformed. The solution-treatment
temperature will depend on the properties desired. Basically, a higher temperature is
required for optimum creep-rupture properties. Higher solution-treatment temperatures will
result in some grain growth and more extensive dissolution of carbides. The principle

objective is to put hardening phases into solution and dissolve some carbide.

Quenching: The purpose of quenching after solution treating is to maintain at room
temperature the supersaturated solid solution obtained during solution treating. Quenching

permits a finer age-hardening precipitates size.

Ageing Treatments: Ageing heat-treatments are used to harden the alloys, through the
precipitation of intermetallic phase from the supersaturated matrix. After ageing, the
resulting microstructure of wrought alloys (forged) consists of large grains that contain the

principal ageing intermetallic phases such as vy, n and y” and localized precipitation of
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carbides (M23Cs, MC, MsC, and M7C3), nitrides (MN), carbo-nitrides (MCN), and borides (M3B>)

as well as 6 phase (Davis, 1999).

Inconel 617 Alloy

The complete nominal chemical composition of the ‘as received’ IN617 is given in Table

3.1.1. A standard creep rupture specimen was prepared from a solution-annealed forged rod

of IN617. The solution-annealed forged rods (1100°C/3 Hrs/WQ) were given a heat-

treatment (670°C/ 10 Hrs/AC) which usually precipitates primary carbides only on grain

boundaries (Figure 3.1.1). Creep-test specimens were then machined from the rods. The

creep rupture tests were conducted at 650 and 700°C under an applied intermediate stress in

air by ALSTOM Power Ltd. Rugby, UK. The creep tests were continued until fracture occurred.

Table 3.1.1: Chemical composition of Inconel Alloy 617 (In Weight %)

Elements Ni Cr Mo Co Al Ti Fe C Si A\
Wt % Bal. 22.8 9.0 11.9 1.15 0.48 0.35 0.06 0.05 0.02
Elements Mn Cu Zr P \% N Nb S
Wt % 0.02 | 0.013 | 0.005 | 0.005 | 0.005 | 0.004 | 0.003 | 0.001 0.0002
gl
B
&

1100°C

670°C

3 Hours

10 Hours

Time

Figure 3.1.1: Heat-treatment cycle.

The solution exposure dissolves all phases except MC carbides, and y* precipitates nucleate

during cooling (quenching) from the solution temperature. During ageing, the y* volume

| 66




Chapter 3 | Materials & Experimental Procedures

fraction increases. Grain boundary M23Ce increases stress-rupture life as long as it is not a

continuous carbides film on grain boundary, which markedly decreases rupture ductility.

The creep test conditions and durations to failure along with their corresponding

reduction in area after testing of the samples investigated in this study are shown in Table

3.1.2.
Table 3.1.2: Creep-test conditions (IN 617)
. Stress" (MPa) I 0
Alloy Specimen ID | Temp. (Estimated) Duration* (h) RA%
1(T0154) 700°C 145 32,000 -
IN617 (Solution- 2 (T0151) 700°C 200 4,000 45.1
annealed condition)
Forged 3 (T0008) 650°C 275 45,000 16.9
4 (T0003) 650°C 350 574 17.6

y Estimated stress values are reported from life times creep-rupture data of Inconel 617
alloy. (Ennis et al. 2007; Chandra et al. 2005)

* All creep tests were continued till rupture. - %RA was not measured for T0154.

3.2 Inconel 625 Alloy
The complete nominal chemical composition of ‘as received’ IN625 is given in Table 3.2.1.
A standard creep rupture specimen was prepared from a solution-annealed forged rod of
IN625. The solution-annealed forged rods (1100°C/3 Hrs/WQ) were given a heat-treatment
(670°C/ 10 Hrs/AC) which usually precipitates primary carbides only on grain boundaries
(Fig. 1). Creep-test specimens were then machined from the rods. The creep rupture test was
conducted at 650°C under an applied intermediate stress in air by ALSTOM Power Ltd.

Rugby, UK. The creep tests were continued until fracture occurred.

Table 3.2.1: Chemical composition of Inconel Alloy 625 (In Weight %)
Element Ni Cr Mo Nb Fe Ti Al C Si W
Wt % Bal. 21.9 9.1 3.7 2.17 0.2 0.19 0.03 | 0.02 | 0.03
Element Co Ir Mn Vv Cu N P S B
Wt % 0.02 0.01 0.01 0.01 | 0.012 | 0.006 | 0.002 | 0.001 0.004
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The creep test conditions and durations to failure along with their corresponding

reduction in area after testing of the samples investigated in this study are shown in Table

3.2.2.
Table 3.2.2: Creep-test conditions (IN625)
Alloy Specimen ID | Temp. | Stress (MPa) Duration* (h) RA%
IN625 (Solution- 1 (S9976) 650°C High 1,000 12.7

annealed condition)

P 2 (S9980) 650°C | Intermediate 33,000 21.8
orged

*All creep tests were continued till rupture. %RA was measured form the ruptured samples

3.3 Nimonic Alloy 263

The complete nominal chemical composition of ‘as received’ Nimonic 263 alloy is

given in Table 3.3.1.

Table 3.3.1: Chemical composition of Nimonic 263 Alloy (in weight %)

Elements Ni Cr Mo Co Al Ti Mn C Si w
Wt % Bal. | 20.02 5.85 19.6 | 049 | 2.2 | 0.35 | 0.055 | 0.13 | 0.05
Elements | Nb Cu P S Sn B Ir
Wt % 0.03 | 0.02 0.005 | 0.00 | 4.9 (ppm) 10.0 (ppm) 1.0 (ppm)

The standard pre-heat treatment normally given to Nimonic alloy 263 is two-stage heat-
treatments, that is, solution treatment at 1150°C for Zhours followed by WQ and
precipitation hardening (ageing) for 8 hours at 800°C followed by AC, prior to service. The
objective of the solutionization is to dissolve the precipitates, present in the matrix, as
carbides, prior to their controlled precipitation of y’ and discrete carbides, during
precipitation hardening (ageing). Precipitation hardening is related to high temperature
mechanical properties, and it depends upon the controlled precipitation of hardening
particles, y'. The precipitation response of y’ is dependent on the ageing temperature and
time. Doosan Babcock conducted stress-rupture tests thereafter at 725°C and 775°C for the

durations to failure (645 hours to 16,172 hours at 200 MPa to 286 MPa of applied tensile
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stresses), as detailed in Tables 3.3.2 and 3.3.3. The creep fractured samples were supplied to

the University of Leicester for microstructural studies.

Hardening
Temp. (°C) | Duration (h)

Nimonic 263 NO Shrs 8007(

Parent Pipe 800 4 -

Specimen ID Parent As Hardened

Specimen ID Weld As Hardened

Specimens Macrostructures

Hardened 800 4
Parent
Aged 725 3000
Specimen ID Parent As Hardened
Hardened 800 4
Aged 725 3000 '
Specimen ID Weld As Hardened
Parent \ .

(Solution-treated)

Specimen ID Parent Wedge of Pipe

Table 3.3.2: Macrostructures and ageing conditions of precipitation hardened (age-

hardened) specimens of Nimonic 263 alloy from 16mm diameter bar (Parent and
Welded Pipe).

Stress Time to Hardening
Specimens | Temp. (°C) (MPa) Rua’lc;lre Temp. | Duration Macrostructures
(°C) (h)

N1 200 16,172 800 8 ”

Specimen ID Parent N1

N2 230 7089 800 8

Specimen 1D N2
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i

SR1 286 1828 800 4‘ Specimen ID SR1

Specimen 1D SR3

SR3 286 1814 800 8

s =

SR4- 725 250 3529 800 8 Specimen ID SR4

263-P3 286 | 1833 | 800 24 m

Specimen ID 263-P3

XWeld 265 | 2376 | 800 4 m—
263-W1

Specimen ID X-Weld 263-W 1

X-Weld
263-W2 265 | 1988 | 800 8 * [ E—

Specimen ID X-Weld 263-W2

. . Stresg | 1ime to Hardening
Specimens | Temp. (°C) MP Rupture T Durati
(MPa) (h) eomp. uration Macrostructures
(°C) (h)
N3 200 1232 800 8 """" .
Specimen ID N3
N4 230 645 800 8
Specimen 1D N4

Table 3.3.3: Macrostructures and tests conditions of creep-ruptured specimens of Nimonic 263.

3.4 Specimen Preparation Techniques

Metallographic studies were conducted on the load free and load-bearing regions of
all samples (head regions and gauge length, respectively) using optical microscopy (OM),
scanning electron microscopy (FEGSEM), Electron backscattered diffraction (EBSD) in FEGSEM,
and transmission electron microscopy (TEM) techniques in order to characterize the
microstructure. Scanning electron microscopy (SEM) and transmission electron microscopy

(TEM) were performed with a FEI Sirion 200 field emission gun scanning electron microscope
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(FEGSEM), Philips XL 30 ESEM and Jeol JEM-2100, LaBs TEM. The SEM was performed on
mechanically polished and unetched metallographic specimens.
3.4.1 Specimen preparation for light microscopy

Metallographic specimens were prepared from the head and gauge length of each
failed creep specimens. Specimens were mounted in phenolic resin. The mirror polished
surface was achieved by grinding with SiC abrasive paper of 1200 grit, then by polishing
using 9 to 3um diamond slurry, and finally polished using colloidal silica (0.05pum), and then
etched with glyceregia (etchant for Inconel 617 and 625) which is a mixture of hydrochloric
acid, glycerol and nitric acid in a 3:2:1 ratio. A mixture of 2 gm CuCl;, 40 ml HCI and 40-80 ml
ethanol, called Kallings reagent (or Fry’s reagent), as an etchant, was used for Nimonic 263
alloy. The etchant mixture was swabbed on the polished surface for 30-40 seconds. After

etching, all samples were examined by reflected light microscope.

3.4.2 Specimen preparation for scanning electron microscopy
(FEGSEM)

To observe the specimens in the FEGSEM, mirror polished specimens were prepared
from the head and gauge length of the failed creep specimens. Specimens were mounted in
phenolic resin. The mirror polished surface was achieved by grinding with SiC abrasive paper
of 1200 grit, then by polishing using 9 to 1um diamond slurry, and finally polished using
colloidal silica (0.05um). The final polishing is to remove all scratches from the surface. After
mirror polishing, FEGSEM was performed on unetched specimens. The SEM images were
acquired at 20kV with either secondary electron (SE) or the backscattered electron (BSE)
detector. Phase identification, and quantification (Spirit) of major elements (for Z > 10)
present in phases observed in the SEM was accomplished with energy dispersive X-ray

spectrometry (EDS).
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3.4.3 Specimen preparation for Electron backscattered diffraction
(EBSD)

Specimens for Electron backscattered diffraction (EBSD) orientation investigations
were prepared with an additional step of polishing on % pm diamond slurry prior to
polishing with colloidal silica. EBSD orientation images were obtained using an HKL Channel
5 EBSD system attached to a FEI Sirion 200 field emission gun scanning electron microscope.
The accelerating voltage used was 20kV. A step size of 4.3um was used. Full automatic
indexing of the microstructure was obtained using proprietary software: Flamenco was used
for image acquisition and indexing and Tango was used for orientation maps. Indexing was
performed using an FCC nickel structure with a lattice parameter a= 0.352 nm. Typical

indexing rates were 97-98%.

3.4.4 Specimen preparation for transmission electron microscopy
(TEM)

34.4.1 Thin foil preparation

3mm thin foils of specimens were mechanically thinned using a Gatan Model
623 Disk Grinder, to 40-60pm thickness. Specimens from the gauge length of the creep tested
samples were prepared for transmission electron microscopy. Final electro-polishing to
perforation was performed with twin-jet electro polishing (Model: 120; Fischione
Instrument, USA) using an electro-polishing mixture of perchloric acid (HCIO4) and methanol
(MeOH) in 1:4 ratios at 14 V and -22°C. a JEOL JEM-2100, LaBg electron source transmission
electron microscope (TEM) with an operating voltage of 200 kV was used to observe the
microstructure of the as-received and creep-exposed samples and to analyze the crystal

structures of the precipitates.
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34.2.1 Carbon-replica preparation

i.  The sample was prepared using standard metallographic techniques for general
optical or SEM observations. For extraction replicas, the polished specimens were
lightly etched to reveal the microstructure.

ii.  This first etching step used Kallings etchant (a), 10% oxalic acid or a y' etchant (b),
depending on the phase to be studied.

(a). Kallings modified reagent - 40 ml distilled water + 480 ml HCI + 48 gm of CuCl2
(b). Y’ etchant - a mixture of 12ml H3P04 + 40ml HNO3 + 48ml H2S04 for 6V at 5-6
seconds

iii.  After etching, the area of interest was observed under a low magnification
microscope and the remaining area was carefully covered by a masking tape.

iv. A thin carbon film was then deposited on the specimen.

v.  After coating, the masking tape was removed and the remaining coating was scored
into approximately 3mm?2 areas. This allowed the electrolyte to penetrate beneath the
coating and help in removing it during the final stage.

vi.  After scoring, the specimen was electrolytically re-etched, either in the same solution
used for initial etching or with a solution of 10 ml HCl and 1 g tartaric acid in 90 ml
methanol at4 V.

vii.  Once etched, the specimens were carefully lowered, at a shallow angle into a beaker
filled with distilled water to detach the carbon replica.
viii. = These replicas were then be collected on to 200 mesh copper grids and dried before
TEM examination.
3.5 Characterisation of alloys
The exposed alloys were characterised through X-ray diffraction on bulk samples,
carbides extracts, from 10% Br2 dissolution techniques and gamma prime extracts from

electrolytic dissolution in 10% phosphoric acid.
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3.5.1 X-ray diffractometry (XRD) and peaks separation
X-ray diffractometry (XRD) was performed using a Philips PW 1716 diffractometer
with CuKa; radiation (7»=1.541°%) in the angular range of 2° < 26 < 125°, A20=0.0096° t=0.5
s/step, to characterize the phases present in the creep failed sample. Some potential
precipitate peaks overlap with the austenitic y-matrix peaks and thus PeakFit® (PeakFit®

4.12, 2003; Mukherji, et al. 2003) software was used to separate the peaks.

3.5.2 Extraction techniques for x-ray diffraction (XRD)

Typical solutions and techniques used for the extraction of phases for identification

by XRD technique are as follows:

(i) Extraction of carbides and certain intermetallics: 3gram of sample chippings
were dissolved in 10% bromine in ethanol for 24 hours. The supernatant
liquid was centrifuged at 15000 rpm for 30 minutes at 4°C to separate the
residue. Then the residue was washed with water and dried for XRD.

(ii) Gamma prime, eta phase, and M (C, N): 5gram extracts of bulk sample was
electrolytically dissolved in 10% phosphoric acid in water at a current density
of 10A/dm? (current ~0.5 mA). The time of extraction was 5-8 hours. The

residue was filtered and dried for XRD.

3.5.3 Mechanical property i.e bulk hardness determination
Hardness is an extrinsic material property that enables it to resist plastic
deformation, bending, scratching, abrasion or cutting Vickers hardness tests were conducted
using a Vickers hardness testing machine, Hardness Control Services Ltd. Make, with a 20kgf
load on ground and polished longitudinal cross-section of the creep fractured specimens. The
hardness measurements were conducted on the head and gauge length of creep ruptured
specimens. The average hardness value along the length of the specimen was average of three

hardness values at intervals of 2Zmm.
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3.5.4 Average grain size measurement
Linear Intercept Method is used for the measurement of average grain size on optical
and secondary electron images. Linear intercept length is the average length of a line
segment that crosses the grains. It is proportional to the equivalent diameter of a spherical
grain (grain size). The mean linear intercept length (L) is determined by laying a number of

randomly placed test lines on the image and counting the number of times that grains or

Lt
grain boundaries are intercepted. Mathematically, it is defined as: L = (ﬁ)' where LT, is

the total length of the test lines, P, is the total number of grains or grains boundary

intersections and M is the magnification.

3.6 Estimation of area fraction of precipitates

The area fractions of individual precipitates were determined on back-scattered
scanning electron (BSE) micrographs. These micrographs were from magnification 5000 to
10,000. The high range of magnifications was used to resolve the precipitate shape and size.
The representative area fractions of precipitates are the average of individual area fractions
of precipitates in 20 BSE micrographs. Image] software was used to analyse the BSE
micrographs to get area fractions of different precipitates. Figure 3.6.1 shows the (a) BSE
micrograph of sample T0151 (700°C/4000 H) (b) analysis of Image] software to get the area
of the precipitates. The systematic steps were (i) setting of exact scale, as global for the area
measurement from the micrograph’s micron bar, (ii) selection of precipitate of interest from
the tool (use of ‘Freehand selection’), (iii) outline the selected precipitate, (iv) fill the
precipitate and finally (iv) analyse the filled precipitate for its area. The standard errors in

the area measurement were in the range from 0.1% to 3.4%.
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Figure 3.6.1: Illustration of application of Image] on BSE micrograph of sample T0151 to get
the area of the precipitates. (a) Micrograph shows the precipitates of Ti rich(dark), Cr rich
(gray) and a very fine precipitates of Mo rich (white). (b) Micrograph shows area dimension

on the respective precipitates using Image] software.

| 76




Chapter 3 | Materials & Experimental Procedures

3.7 Estimation of volume fraction of precipitates from TEM Images
The volume fraction of precipitates from TEM images are estimated as
follows. The TEM image of gamma prime particles gives the superimposed view through a
cross-section of material of a number of particles at different depths, as in Figure 3.7.1a. The
resulting observed area fraction (Figure 3.7.1b) is not the same as the volume fraction of the
particles as particles are imaged through the entire thickness, not just on the top surface.
Also, for the high particle densities we are observing, the effect of particle overlap is very

significant.

(b)

Figure 3.7.1: Spherical particles observed in a thin film via TEM. (a) The particles are at

different positions through the thickness of the film and hence appear to overlap in a TEM

image. (b) The actual area of particles observed in the TEM image.

The effect of overlap can be taken into consideration in the following way. The different

visualisations of the images in Figures 3.7.1a and 3.7.1b are very similar to those for a
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partially complete 3D phase transformation. The classic Avrami-Mehl equation relates the

difference in the actual volume fraction transformed, 1%, to the so-called “extended volume

fraction”, V_..., by
e =1—exp (V) (3.7.1)

where the extended volume is the volume of particles in the absence of particle impingement
(i.e the particles touching). For small volume fractions the likelihood of impingement is small

and the two volume fractions are the approximately the same.

Equation (3.7.1) is widely used throughout the work. In this case (3.7.1) can be written as
Ar=1—exp(—A..) (3.7.2)

This applies to the 2D images of particles that we see in the TEM images.

If there are N particles in a film of total area 4; and thickness h then the total extended area

fraction (area fraction in the absence of impingement/overlap) of the particles is

Ave =" (3.7.3)

The extended volume fraction of the particles in the film is simply

Vir = A;“" - _“’ A (3.7.4)

From (3.7.1) and (3.7.2) we can express the actual volume fraction, V= , in terms of the

observed area fraction (in the TEM image), A, such that

~In(1 Vs = —=In(1-4;) (3.7.5)
or, finally
) 8
Vi=1—{1—Ag)2 (3.7.6)

Note that this necessarily assumes that h>>R, i.e. the particles are smaller than the film

thickness (which is the case here).
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Summary:

Table I shows the chemical composition of tested alloy.

Table I: Chemical composition of alloys

IN617 IN625 Nimonic 263
Elements Weight % Weight % Weight %

Ni Bal. Bal. Bal.

Cr 22.8 21.9 20.02
Mo 9.0 9.10 5.85
Co 11.9 0.02 19.6
Al 1.15 0.19 0.49
Ti 0.48 0.20 2.23
Fe 0.35 2.17 0.00

C 0.06 0.03 0.055
Si 0.05 0.02 0.13
W 0.02 0.03 0.05
Mn 0.02 0.01 0.35
Cu 0.013 0.012 0.02
Zr 0.005 0.01 1(ppm)

P 0.005 0.002 0.005
\'s 0.005 0.01 0.00

N 0.004 0.006 0.00
Nb 0.003 3.70 0.03

S 0.001 0.001 0.001
B 0.0002 0.004 10 (ppm)
Sn 0.00 0.00 4.9 (ppm)
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Chapter 4 Inconel 617 Alloy

Inconel 617 alloy is well known for excellent creep properties at high temperature. The
microstructure consists of y' precipitates, primary carbides (M23Cs) and occasional TiN particles
dispersed in a single-phase austenitic matrix. Owing to high temperature exposure and the
creep deformation processes that occur in-service, evolution of the microstructure occurs. This
chapter discusses the influence of creep deformation at an operating condition of 650 to 700°C
for 574 to 45,000Hrs, with emphasis on the morphology and distribution of carbide/nitride or

any other phase precipitation.

4.1 ‘As-received’

41.1 Grain Morphology

The grain structure and its morphology is one of the important structural factors which
controls the high temperature creep and fracture behaviour of nickel base superalloys.
Therefore, it is vital to control its size to avoid excessively fine grains, which decrease creep
and rupture strength and excessively large grains, which lower tensile strength. An optimal
structural state in this type of alloys may be achieved by way of single or multi-stage heat
treatments. In this section metallographic observation of the grain structure and its
morphology for the ‘as-received’ sample of Inconel 617 (IN617) alloy are discussed.

The ‘as-received’ sample is in solution-annealed condition (heat-treated at 670°C/ 10
Hrs/ AC after solutionization for 1100°C/3 Hrs/WQ). The optical microstructure of the ‘as-
received’ Inconel 617 sample is shown in Figure 4.1.1. The ‘as-received’ sample shows an
equiaxed austenitic y-grain structure with an average size of 120pum. This coarse grain
structure in the solution-annealed condition is the prerequisite for high creep rupture
strength. The grain orientation has been shown to be random (Krishna et al. 2009). Annealing

twins and twinning boundaries are observed in a number of grains. Twins have facetted
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appearance and are broad, whereas twin boundaries have flat and straighter sides. Twins can
be observed in Figure 4.1.1, and they have shown special orientation relationship with grains
and grain boundaries. Twin boundaries are as readily visible as grain boundaries, since the
etchant etched both at about the same rate, indicating they are high-energy boundaries. They
are oriented in particular direction inside the grains and formed at the grain boundaries. The
observed annealing twins are of type edge (a), incomplete (b), or complete(c) (Figure 4.1.1). A

summary of the morphology of grains and grain boundary is listed in Table 4.1.1.

Table 4.1.1: Summary of Grain/Grain Boundary Morpholo
) Grain Morphology ASTM Grain-
As}lﬁgil;led Grain-size range | Avg. grain Grain grain size boundary
(um) size (um) shape No. morphology
70 to 440 120 Equiaxed 5-6 Flat & Zigzag

Twin boundaries and twin-limited microstructures are important in evolutions of
structure and in determining the bulk properties of the polycrystalline material. They also
make materials resistant to intergranular degradation (Murr, 1975; Davies and Randle, 2001).

The Vickers hardness value for the ‘as received’ sample was found to 186.6+5 Hy/20.

The intergranularly distributed precipitates are supposed to strengthen the alloy at high
temperatures. Solutionization and ageing heat treatments were use to dissolve the
intragranular precipitates (mainly carbides) and to enhance localized precipitation of fine
carbides intergranularly. Figure 4.1.1 shows that there is fine precipitation of intragranular
precipitates observed in the optical micrograph. In some regions of the microstructure,
intragranular precipitates were observed; which indicates that the ageing heat treatment

duration was not sufficient to dissolve all the primary precipitates.
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Figure 4.1.1: Optical micrograph of ‘as-received’ (solution-annealed) IN617 shows the grain
structure, fine intra- and intergranular precipitates (dark points) and annealing twins
(arrowed). The annealing twins are of edge, incomplete and complete types, as shown in

micrograph.

4.1.2 Phase Identification

The exact nature of the precipitates was identified through X-ray powder diffraction analysis
on electrolytic and Br; dissolved extracted residues of carbides, nitrides and intermetallics. Both
techniques registered similar types of peaks in X-ray pattern. The resultant X-ray pattern was
analysed by comparing experimental diffraction data with standard (JCPDS) diffraction data. It was

observed that some potential precipitate peaks overlapped with the austenitic y-matrix peaks.
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PeakFit® software was used to separate the peaks. X-ray diffraction pattern analysis of the ‘as-

received’ sample is shown in Figure 4.1.2.

'As-received' IN617 Sample (Solution-annealed condition)
700 o CuK radiation; A= 1.54 A
] o
600 m ' Gamma-Prime
1 ¢ (CrQSCG)
% 500 - O (TiN/TiC)
-
C J
2
8 400 - :
2] 2
g) 300 - ': i i
3 " e e
£ 2004 :
100 -
0 1 I Ll l ' I L) ' L\l l L) I
0 20 40 60 80 100 120
20 (Degrees)
Figure 4.1.2: X-ray diffraction analysis on Br; dissolved extracted residues of
‘as-received’ IN617 sample.

The phases are identified as y’-gamma prime, Cr23C¢ and TiN/TiC by analysis of the

XRD traces. The term M»3C¢ is a more general notation for Cr23Cs, as often elements such as

Ni, Mo, and Co, are found to substitute partially for chromium. M23Cs is referred to in many
places of this work in place of the Cr-rich precipitate Crz3Ce.

The nature of phases and their identification were further accomplished by the

EDX measurements in transmission electron microscopy (TEM) and the analysis of selected

area electron diffraction (SAED) patterns, discussed later in this chapter.
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4.1.3 Precipitate Morphology and its Location

The role of precipitate morphology and its precipitation influences the creep-rupture
behaviour of high temperature nickel base alloys. In this section precipitate morphology and
their locations are discussed, for the solution-annealed ‘as-received’ sample. A backscattered
electron (BSE) SEM micrograph in Figure 4.1.3 shows the precipitates in the ‘as-received’

sample.

20 pm

Figure 4.1.3: Scanning electron micrographs of ‘és-received' IN617. In (a) Inset micrograph is

magnified image of triple point at where Cr-rich precipitate is situated (arrowed) and (b) Ti-

rich precipitates found randomly in the matrix.

The atomic number (or Z) contrast mechanism that produces BSE images shows that
some precipitates have a higher average Z than the austenite grains, whereas some, appearing
dark in the image, have a lower average Z than the austenite. EDX spectra acquired from these
precipitates indicated the high-Z and low-Z phases were enriched in Cr and Ti, respectively.
These therefore, appear as M23Cs-type Cr enriched phase and an M(C, N)-type Ti enriched phase.
In the SEM, EDX spectra were measured from these precipitates and quantified for elemental
analysis using a standardless approximation. These precipitates were found both intra- and
intergranularly in the specimen. Their morphology varied from a regular to a totally
irregular morphology. They are the primary precipitates, and beneficial to creep
properties. The typical elemental composition of these precipitates was measured by EDX, is

shown in Table 4.1.3.1.
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Table 4.1.3.1: Typical composition of observed phases in ‘as-received’ solution-treated
condition by EDX (wt.%)

M33Ce Cr-30.6Mo-12.3Ni-4.4Co-7.2Ti

Ti (C,N) Ti-1.8Cr

The precipitation strengthening phase in the austenitic gamma (y) matrix was
ordered intermetallic gamma prime (y’) precipitates. Their morphology and locations were
identified using transmission electron microscopy, and are discussed in the next section.
The shape and size of the coherent precipitates of y* were identified as spherical, and
varied from 10nm to 15nm. The size of Cr-enriched (M23C¢) precipitates varied in size from
less than 1um to 6pum. The size of the Ti-enriched precipitate varied from 2pum to 10um. The
precipitate morphology and their locations and area fractions, in the ‘as-received’ specimen
after solution-annealed are listed in Table 4.1.3.2. The area fraction was estimated as discussed
in section 3.6. The precipitates size shown here is the average of the size measured on more
than 50 BSE micrographs and 20 TEM micrographs. The average standard error in the

measurement was in range from 1.1 to 1.5%.

Table 4.1.3.2: Precipitates morphology and location in ‘as-received’ sample

Specimen Precipitate Precipitates Morphology .
ID location Phases Size Shape
(%)
throughout the T .
As. matrix v - Ni3(Ti, Al) | 10-25nm Spherical 8
received | Intra-and inter- Ti (C,N) <1-10pum regular to 0.3
granularly, twin totally irregular
boundary M23Cs <1-6pm geometry 1.4

Precipitates of size less than 1um were situated intergranularly and some larger
particles were observed within the grains. The blocky particles of Ti-enriched phase, of M(C, N)
type carbo-nitrides were randomly distributed in the matrix and at twin boundaries. XRD
analysis confirmed that the precipitates of Cr-rich and Ti-rich are M»3Cs carbides and Ti (C, N)
respectively. Carbides were present in the matrix and at the grain boundaries. A discrete

carbides network along the grain boundaries was observed in Figure 4.1.3. Energy dispersive X-
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ray microanalysis (EDX) showed that the grain boundary precipitates were mostly rich in

chromium. The blocky particles M(C, N), were mainly composed of titanium.

Precipitates at prior austenitic grain boundaries play an important role in metallurgical
stabilization of the microstructure during creep and thermal exposure. They also act as barriers
for moving dislocations as do grain boundaries. The effectiveness of precipitates in hindering
the movement of dislocations is dependent on the morphology, size, volume fraction and
orientation with the direction of dislocation motion. Precipitate morphology, fraction and

location depend upon the creep exposure temperature, strain and creep duration.

4.1.4 Transmission Electron Microscopy (TEM) Observations

The microstructure of the as-received IN617 sample has been analysed
using analytical transmission electron microscopy and the results are presented in this section.
The precipitates of different phases shown in Figure 4.1.3 are further identified using selected
area electron diffraction patterns and energy dispersive X-ray spectrometry (EDX), in TEM. The
microstructure of the ‘as-received’ sample consists of a y-austenitic matrix with coherent
precipitates of y’, and semi coherent dominant precipitates of M23C¢ (M = Cr, Mo, Co) and Ti (C,
N), with arrays of dislocations. These precipitates were mainly located at austenitic grain
boundaries and sub-grain boundaries and also appeared randomly within the matrix. The
morphological geometries of these precipitates are discussed in the following subsections. A

typical precipitate-dislocation interaction and symmetric precipitates are shown in Figure 4.1.4.
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Figure 4.1.4. Montage of BF-TEM micrographs of solution-annealed as-received IN617 alloy
illustrating the dislocation structure, precipitate particles and dislocation-particle interactions

in the solid solution strengthened austenitic y- matrix.

4.1.4.1 Gamma Prime

Gamma prime (y') is a strongly ordered intermetallic, stable up to its melting point and
having a cubic-primitive centre crystal structure (L1:). The y" precipitate coherent interfaces
were in a cube-to-cube orientation relationship with the y -matrix as 111mawix- || 111¢. TEM
micrographs showed that the matrix was found to consist of face centered cubic austenitic - v,
and a fine distribution of hardening phase - y". It was difficult to resolve the gamma prime in
thin foil; however the carbon replica technique would able to extract some of the fine ¢y’
precipitates. Figure 4.1.4.1 shows TEM micrograph of fine y* precipitates and the selected area
diffraction pattern acquired from these precipitates. The reflections from y” and indexed pattern

are shown in Figure 4.1.4.1b. The beam direction was along B=[001].
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SAEDP Ofy~ _
)] 200 "
(0240)

200

B = Z = [001]
Figure 4.1.4.1 (a) Bright field (BF) TEM

micrograph showing the y"on carbon replica;
(b) Selected area electron diffraction

pattern (SAEDP) from y’, B =Z=[001].

XRD spectra were used to find the lattice parameter (a,) of fine distribution of y’
precipitates as ap = 0.36 nm. Its typical cube-on-cube crystallographic relationship with

austenitic y matrix provides precipitation hardening at high temperature creep exposure.

4.1.4.1 (a) Volume fraction of Gamma Prime

The method for volume fraction estimation of gamma prime precipitates is discussed
in previous section 3.7. The thickness (h) of carbon film was measured from the AFM and found
in range of 18-24nm. The estimation was conducted on 20 TEM images and the estimated

typical value is shown in Table 4.1.4.1.

Table 4.1.4.1: Estimated values of volume fraction in as-received Inconel 617
Diameter 2
NmR Ao - 4R
L= Ar=1—exp(—A_, —1—71— A3k
@Rnm) | Aexe =1 | (o | A P (—Aexe) | Vp=1-(1-A4;)3h
20 0.155 8100 0.145 0.079

The volume fraction of gamma prime in this specimen was estimated approximately 8%. The

error in the measurement was 1.3%.
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4.1.4.2 TiN

Ti-enriched precipitates in the ‘as-received’ sample, (noted in Figure 4.1.3), were
examined in the TEM. Figure 4.1.4.2 shows a bright field (BF) transmission electron micrograph

of Ti-enriched precipitates, in the solution-annealed ‘as-received’ Inconel 617 sample.

(b) SAEDP Of TiN

100 nm:

Figure 4.1.4.2 (a). BF TEM micrograph shows morphology of TiN precipitate; (b) Selected area
electron diffraction pattern (SAEDP) from TiN precipitate, Beam direction was B=Z=[011].

Selected area electron diffraction pattern (SAEDP) identified these precipitates as TiN. The
beam direction and zone axis were along the [011] direction. An indexed selected area

diffraction pattern acquired from the TiN precipitate is shown in Figure 4.1.4.2b.

4.1.4.3 M33Ce

M33Cs precipitates have a complex FCC structure. They form during heat-
treatment from the degradation of M(C, N) carbo-nitrides and reaction of chromium with
soluble residual carbon in the alloy matrix. The precipitates of M3Cs are shown in Figure 4.1.4.3.
They usually occur at grain boundaries, along twin bands and boundaries, at twin ends and
occasionally occur in the grain interior. The approximate composition of M23Cs precipitate has
Cr-5.9Co0-26.1Ni-14.7Mo (wt%). The discrete particles of M23Cs influence the high temperature
properties of the alloy through the inhibition of grain-boundary sliding. Interfacial dislocations

can also be observed in the micrograph (Figure 4.1.4.3). Interfacial dislocations are lying on
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semi-incoherent precipitates forming an interface-inter-phase boundary (Figure 4.1.4.3a).
The SAEDP shows the orientation relationship between the Crz3Cs and the austenitic y phase,

since the crystallographic close packed directions are parallel (Figure 4.1.4.3b).

(b) SAEDP of M,,;C,

0Q2 202

.'..‘ ™ '-‘.‘250.

B=Z=[111] FCC

Figure 4.1.4.3. (a) BF TEM micrograph shows interfacial dislocations on M23Cs precipitate; (b)
Selected area electron diffraction pattern (SAEDP) from M23Cs precipitate and reflection spots

from the matrix.

Electron diffraction patterns obtained from the grain boundary precipitates show that

they are M23Cs (rich in Cr, Figure 4.1.4.3b) having lattice parameter a; = 10.6 A,

4.1.4.4 Quantitative Measurements of Dislocation density

The dislocation structure observed in thin foil samples was approximately
representative of the bulk material. Great care and extra precautions have been taken during
the handling and thinning of foils, to minimize dislocations introduced during the thinning. The
measurement of dislocation density was based on twenty micrographs, using (001) orientation
from different areas of the foil, taken at different magnifications from 7,000 to 12,000. These
magnifications were high enough to resolve the individual dislocations. The arrays of
dislocations and piling-up of dislocations near to grain boundary and around precipitates can be

seen in Figure 4.1.4.4.
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The dislocation density (Ham, 1961; Hirsch et al, 1977; Hambleton et al, 1997; Yang &

Bhadeshia, 1990) was obtained from equation 4.1.4.4:

pa=2Nmk/Lt (4.1.4.4)
where N is the number of dislocations intersecting a circle of circumference L, m is the
magnification of print, t is the foil thickness and k accounts for the number of dislocations which
are not visible in the image for a given operating condition; for the {220} reflection used

throughout, k=6/5.

Foil thickness was estimated by counting extinction contours. The foil thickness is given by

equation 4.1.4.4a. Typical values of 7, &, and t are listed in Table 4.1.4.3.

t=1ny& (4.1.4.4a)
where 1 is the number of extinction fringes observed at an inclined boundary when the

diffracted beam is represented by the reciprocal lattice vector g. The &g is the extinction distance

for that g vector and accelerating voltage.

Figu 4.1.4.4: BF TEM micrographs illustratin (a) dislocation structure, precipitates particles

and dislocation-particle interactions (b) dislocations piled up at the grain boundary.
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Table 4.1.4.4: Typical values for 14, &, t and pOa

o & (A) at 200kV t(4) pd (lines/m2)
5 299.25 1496.24 6.8 X 1012

The average value of dislocation density was found to be 6.8 £ 3.2 x 102 lines/m2. This
estimated value of dislocation density is the average of the twenty TEM images and the standard
error was 3.2. The value found appears to be reasonable, but no values of dislocation densities
for these materials were found in the literature search. The methodology used here is the same
as has been used for obtaining dislocation densities in steels and aluminium (Ham, 1961; Hirsch

etal, 1977; Hambleton et al, 1997; Yang & Bhadeshia, 1990).
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4.2 ‘Creep-exposed specimen’ (T0003) (650°C/ 574Hrs / 350MPa)

Heat-treated Inconel 617 specimen was creep tested at 650°C in air under a uniaxial
load of 350MPa (estimated stress value from creep data of IN617, Ennis et al 2007). This
specimen ID: TO003 fractured after 574 hours of creep duration. The area reduction was

measured as 17.6%.

4.2.1 Fractography

The failure mechanism of the creep fractured specimen was analyzed using scanning
electron microscopy and optical microscopy. A fractograph of the creep failed specimen, T0O003
is shown in Figure 4.2.1a.

The failure mechanism was intergranular fracture by decohesion of the grain
boundaries. Intergranular creep fracture involves the nucleation, growth and subsequent linking
of voids at grain boundaries to form two differing types of cavities, wedge type cavities and
isolated type cavities. Wedge type cavities are associated with cracking at grain boundary triple
points and form by grain boundary sliding. The formation of cavities is controlled by diffusion-
controlled processes (Kassner and Hayes, 2003). Triple point wedge cracking (marked) and
creep cavitation (arrowed) are shown in Figure 4.2.1(a). The failure mechanism of the specimen
was further confirmed by optical and scanning electron microscopy of a polished cross-section
of the fractured surface. Figure 4.2.1(b) & (c) shows further confirmation of wedge cracking,
decohesion and crack propagation along the grain boundaries in the creep-exposed specimen.
The direction of loading is shown by the arrows in Figure 4.2.1. The open cracks intruded inside

the specimen to a depth of 100 to 500um.
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Figure 4.2.1: (a) Intergranular creep failure of creep-exposed specimen, (b) Optical micrograph,
observed at 1cm behind the fracture surface, and (c¢) SEM micrograph shows wedge cracking

and grain boundary decohesion.

4.2.2 Grain Morphology

The austenitic grain structure of ‘creep-exposed IN617’ specimen is
shown in Figure 4.2.2. The optical microstructure of the creep-exposed specimen shows an
equiaxed austenitic y-grain structure with an average size of 158pum. The grain orientation has
been shown to be random. Annealing twins and twinning boundaries are observed in a

number of grains. Twins have broad facetted appearance, similar to the ‘as-received’ specimen.
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Twin boundaries are observed as flattened and straighter in sides, however in a few areas of
the micrograph they are observed as steps (Figure. 4.2.2). They have a special orientation
relationship with the grains and are formed at the grain boundaries. Serrated grain
boundaries are observed (arrowed) in Figure 4.2.2, after creep exposure duration of 574H
at 650°C. Edge, incomplete and complete- types of twins were as common as ‘as-received’
specimen. Grain boundary thickening controls the intergranular deformation mechanism
at elevated temperature. This specimen has shown grain boundary thickening (Figure

4.2.2).

i CN ) , %
650°C/5 Pa . - oo L MRS b o= ¢ sl o /

Figure 4.2.2: Optical micrograph of 'ci’e_:zap-exposed’ specimen (T0003) shows the gréin
structure, and annealing twins are observed in number of grains. The serrated grain
boundary morphology is shown by arrows (black). A white arrow in the micrograph

shows the grain boundary cracking.

A summary of the morphology of grains, grain boundary and average hardness of the head and

gauge is listed in Table 4.2.2. The gauge length hardness substantially increased to average value
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of 334Hv whereas head had average hardness of 229Hv. Here, it may be assumed that the

major effect on the specimen head is from the thermal effects with minimal effect from

stress, therefore, the hardness is lower than that measured along the gauge length.

Table 4.2.2: Summary of Grain/Grain Boundary Morphology & Hardness of T0003 specimen

Creep-exposed
(650°C/574
Hrs /350MPa)

Grain Morphology VHN (Hy/20) Grain-
Grain-size Ayg. grain Grain Head | Gauge boundary
range (um) | size (um) shape morphology
46 to 544 158 Equiaxed 229 334 Serrated

The materials get hardened during creep exposure from the precipitation of fine

carbides of M23Cs type, from the combined effect of stress and temperature. At elevated

temperature there is an increasing tendency for the matrix to soften with continued exposure

time due to carbide dissolution and coarsening. This specimen fractured and the test

discontinued in a short period (574 H), due to high level stress on the specimen.

4.2.3

Phase Identification

The precipitates were identified through X-ray powder diffraction

analysis. XRD was conducted on electrolytic and Br, dissolved extracted residues from alloy

specimen. The potential precipitate’s peaks overlapped with the austenitic y-matrix peaks were

identified using PeakFit® software. An X-ray diffraction pattern analysis of ‘creep-exposed’

specimen is shown in Figure 4.2.3. The precipitates in the creep-exposed specimen were

identified as y"-gamma prime, Cr23C¢ and TiN/TiC by analysis of the XRD traces, similar to

the as ‘as-received’ specimen.

The phases were further identified by using EDX measurements in transmission electron

microscopy (TEM) and by analysis of selected area electron diffraction (SAED) patterns,

discussed later in this chapter.
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Creep-exposed IN617 (T0O003: 650°C/ 574 Hours / 350 MPa)
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Figure 4.2.3: X-ray diffraction analysis on Br; dissolved extracted residues of

‘creep-exposed’ specimen, TO003.

4.2.4 Precipitate Morphology and Location

The precipitate morphology and their locations are discussed in this section. A
backscattered electron (BSE) SEM micrograph (Figure 4.2.4) shows the evolutions of
precipitates in creep-exposed specimen at 650°C. The atomic number (or Z) contrast mechanism
that produces BSE images derives that some precipitates have a higher average Z than the
austenite grains, whereas some, appearing dark in the image, have a lower average Z than the
austenite. EDX spectra acquired from these precipitates indicated the high-Z and low-Z phases
are enriched in Cr and Ti, respectively. These therefore, appear as M»3Cs-type Cr enriched phase
and M(C, N)-type Ti enriched phase. EDX spectra were quantified for elemental analysis using a
standardless approximation. The elemental composition of the precipitates was measured by
EDX as is shown in Table 4.2.4.1. The precipitates were found both intra- and intergranually in
the creep-exposed specimen. Their morphology varied from a regular to a totally irregular

morphology.
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Table 4.2.4.1: Typical composition of observed phases in creep-exposed condition (T0003) by
EDX (wt.%)

M23Ce Cr-28.5Mo-12.9Ni-3Co-2Ti

Ti (CN) Ti-1.7Cr

The size of Cr-enriched precipitates varied from 1um to 17pum. The size of Ti-
enriched precipitate varied from 0.25um to 18.75um. The Cr-precipitates are extensively

precipitated along the grain and twin boundaries in the creep-exposed specimen.

Austenitic (y)
Grain

Figure 4.2.4: Scanning electron micrograph of the creep-exposed specimen. The blocky shape
(darker contrast, marked ‘Ti’) near the twin boundary (marked with a white arrow) is Ti-rich
phase, TIN; facetted particles (marked ‘Cr’) are distributed intragranularly, at triple junctions
and also decorating the grain boundary (black arrow), and twin boundaries (white arrow)

are Cr-rich phase, Cr23Ce.

The major precipitates found in the gauge length after creep exposure is shown in Table

4.2.4.2. The standard error in the measurement was 2.1-3.3%.
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Table 4.2.4.2: Precipitates morphology and location after creep exposure at 650°C

Precipitates Morphology
Specimen . . Area
ID Precipitate location Phases Size Shape fraction
(%)
througho_ut the v - Ni3(Ti, Al) | 10-65nm Spherical 6.0
matrix
Extensive
T0003 precipitation of Cr- Ti (C, N) 0.25-19um Regular to 0.4
enriched carbides totally
(M23C6) on grain irregular
boundaries and M>3Ce <1-17pm geometry 4.3
twin boundaries

The precipitation strengthening phase in austenitic gamma (y) matrix is ordered
intermetallic gamma prime (y") precipitates. Their morphology and locations were
identified using transmission electron microscopy, and are discussed in the next section.
The shape and size of the coherent precipitates of y* were identified as spherical and varied

from 10nm to 65nm.

4.2.5 Transmission Electron Microscopy (TEM) Observations

The microstructure of ‘creep-exposed IN617 specimen (T0003;
650°C/574Hours/350MPa) was analysed using analytical transmission electron microscopy and
the results are presented in this section. The phases noted in Figure 4.2.4 were further identified
using selected area electron diffraction patterns and energy dispersive X-ray spectrometry
(EDX), in TEM. The microstructure of the ‘creep-exposed’ specimen consists of y-austenitic
matrix, coherent precipitate of y’, and semi coherent dominant precipitates of M23Cs (M = Cr, Mo,
Co) and Ti (C, N), with an array of dislocations. These semi-coherent precipitates were mainly
located at prior austenite grain boundaries and sub-grain boundaries and also appear randomly
within the matrix. The morphological geometries of the precipitates were discussed in previous

section and further discussion continued in the following subsections.
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4.2.51 Gamma Prime (y")

Finely dispersed y” precipitates strengthen the grains at high temperature.
However, this y* coarsens during service exposure condition, which reduces high temperature
strength. Additionally, exposure at higher temperature and higher stress accelerates the
coarsening behaviour. Creep exposed specimen (T0003; 650°C/574Hours/350MPa) was
examined in the TEM. The morphology of the y" precipitates was spherical shape and their
average size varied from a minimum 10nm to a maximum 65nm with an average size of 42nm.

Their morphology is shown in Figure 4.2.5.1.

50 nm . S0
T _

Figure 4.2.5.1 TEM micrographs show the y" precipitates of spherical morphology; inset diagram

(@) shows selected area electron diffraction pattern (SAEDP) of y~ precipitates. (b) Black
arrows show y” precipitates and white arrows show fine precipitates of TiN. Beam direction: B =
[001].

The reflections from y” and their indexed planes are shown in inset micrograph in Figure 4.2.5.1.

The beam direction was along B= [001].
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4.2.5.1 (a) Volume fraction of Gamma Prime

The method for volume fraction estimation of gamma prime precipitates is
discussed in previous section 3.7. The thickness of carbon replica was measured using AFM. The
carbon replica thickness (h) was in range from 18-24nm. The estimation was taken on 20 TEM

images and the estimated typical value is shown in Table 4.2.5.1.

Table 4.2.5.1: Estimated values of volume fraction in creep-exposed Inconel 617 specimen

Average NmR?% | Ao
Diameter | Aext = A, | (nm?) A =1 —exp (—Aext) Vy=1-(1- Af)%
(2R, nm)

42 0.056 116506.2 0.0549 0.0598

The volume fraction of gamma prime in this specimen was estimated approximately 6%, i.e
smaller than that seen in the as-received specimen. The standard error in the measurement was

2.2%.

4.2.5.2 TiN

The precipitation of carbo-nitrides and nitrides occurred during the
creep exposure. The gamma prime, Niz (Ti, Al) precipitate dissolved and carbo-nitride of
titanium formed. Figure 4.2.5.2.1 shows the Thermo-calc result on the effect of nitrogen content
in the alloy on its weight% of y” and TiN. The residual nitrogen content in the alloy matrix is
critical in determining the wt.% of strengthening phase, y": Niz(Ti, Al), in the alloy matrix. A low
nitrogen content (< 0.2 wt.%) in the alloy does have a significant effect on the weight% of y".
However, on increasing nitrogen content in the alloy through atmospheric diffusion, the
weight% of TiN increases due to nucleation of secondary TiN of size less than 0.1pm. The
necessary titanium diffuses out from the y” to form TiN, and therefore that may be one reason

for reduction in weight% of y” precipitates in the matrix. That leads to weakening of the matrix.
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Figure 4.2.5.2.1: Variation of y* content and TiN content as function of nitrogen concentration.

TiN is one of the predominant phases present at higher concentration of N in the alloy.
However, the weight% of Ti is 0.48 in this alloy and titanium diffusing from the y” is important in
decreasing its volume fraction in the alloy. The fine distribution of Ti (C, N) cuboidal particles
contributing to hardness in this specimen and has shown harder than the ‘as-received’

specimen. The fine distribution of cuboidal Ti (C, N) particles is shown in Figure 4.2.5.2.2.

Figure 4.2.5.2.2: BF-TEM micrograph shows the fine distribution of cuboidal Ti (C, N)

precipitates, second generation precipitates contribution as strengthening phase to the matrix.
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The distribution of TiN phase over whole the gauge length of creep-exposed specimen is shown
in the Figure 4.2.5.2.3. It is a statistical representation of frequency of TiN size (im) found in the
gauge length after the creep exposure at 650°C. The TiN precipitate size varied from a minimum

0.25pm to a maximum 18.75um with an average size of 4.9um.

¢ T0003 (650°C/574Hours) Gauge Length (% SE = 0.3)
100 ¢ 5
Average Size of TiN = 4.9um
80 -
> 60
o
c
[}
%
o 40
s
20
. 0
0 - e 000,000
T - T T T T T w T
0 5 10 15 20
Size of TiN, (pm)
Figure 4.2.5.2.3: Statistical representation of average TiN precipitate size (ium) over whole
gauge length.

Typical BF-TEM micrographs of TiN phase are shown in Figure 4.2.5.2.4. TiN precipitates
of size 0.25um (Figure 4.2.5.2.4a) and 3.4pm Figure (4.2.5.2.4b) were observed. The fine
precipitates of TiN are potentially second generation of nitrides formed in the alloy during the
creep exposure. These secondary nitrides as well as large ones were found in large numbers

along the surface edge of the creep specimen.
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Figure 4.2.5.2.4: BF-TEM micrographs of TiN phase (marked). (a) TiN phase and SAEDP of TiN
phase (inset). (b) TiN phase near the grain boundary of size 4.5um. Beam direction and zone

axis were along [112].

The quantification of the TiN phase size is shown in Figure 4.2.5.2.5.

T0003 (650°C/ 574 Hours)

® 0.9 mm from the edge of Gauge length (% SE = 1.1)
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Figure 4.2.5.2.5: Statistical representation of TiN precipitates along the surface edge and centre

of the creep-exposed specimen, TO003.
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TEM studies (Figure 4.2.5.2.2) showed that the secondary fine precipitates of TiN
partially may replaced the primary strengthening phase of y” and act as strengthening phase

similar to y” in the matrix.

4.2.5.3 M:3Ce

BF-TEM micrographs of M23Cs phase are shown in Figure 4.2.5.3. The indexed SAEDP is
shown in Figure 4.2.5.3a. The beam direction and zone axis were along [111]. EDX shows that
the predominant carbide formed was M33Cs enriched in chromium approximately of

stoichiometric composition, Cri6 (Ni, Mo, Co)7 Ce.

M23Ce carbides have a cubic structure with a lattice constant amzsce =10.65A and these

precipitates have shown its crystallographic relationship with the matrix as {001} m23ce|| {001}

matrix & <00 1> M23C6 || <001>matrix-

100 nm
=

Figure 4.2.5.3: BF-TEM micrographs show the Mz3C¢ (Cr-enriched) carbides,(noted in
Figure 4.2.4) (a) SAEDP of M23Ce precipitates shown in inset. (b) Precipitates of M23Cs are

located along the grain boundary.

The additional precipitation of carbides and evolution of primary carbides during creep
exposure are from degradation of MC carbides and from soluble carbon residual in the alloy

matrix (Davis, 1999). The precipitation appears at different locations, such as near to/on twin
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boundaries, within the grains, but typically on the austenite grain boundaries and on sub-grain
boundaries. The discrete M»3Cs particles formed intra- and intergranularly are favourable to
high temperature strength through blocking of dislocation movements by pinning. However,
they take out solid solution strengthening elements from matrix, which affects the high
temperature mechanical properties. Therefore, there is a combined action of strengthening and
weakening effects on creep tests. The weakening effect was stronger than the strengthening
one; therefore, this creep test condition (650°C/ 574Hrs / 350MPa) specimen showed a short

life.

4.2.5.4 Quantitative Measurements of Dislocation density

The dislocation density was calculated using Equation 4.1.4.4, as discussed in section
4.1.4.4. The average dislocation density in gauge region of T0003 specimen was estimated as 8.3
+ 2.0 x 1012 lines/m?2. The standard deviation in the measurement was 1.9.

Typical values of py, 774, &, and t are listed in Table 4.2.5.4.

Table 4.2.5.4: Typical values for 1y, &, t and pu
g & (A) at 200kV t(A) pd (lines/m?)
5 299.25 1496.24 8.3X 1012

The value of dislocation density in this specimen is higher than that of ‘as-received’
specimen by an order of 10. Figure 4.2.5.4 shows a montage of BF-TEM micrographs illustrating

dislocation structure, and dislocation-precipitate interaction in the austenitic y-matrix.
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Figure 4.2.54: Montage of BF-TEM micrographs illustrating dislocation structure, and
dislocation-precipitate interaction in austenitic y-matrix (arrowed). Burger vector is along

g=<110> direction.

The Burgers vector of dislocations is along the g=<110> direction. The coherent precipitates
(such as ') act as a barrier for dislocations and also, strengthen the matrix. Precipitates
interacted with dislocation and formed interfacial dislocations (arrowed) are shown in Figure
4.2.5.4. Such precipitate-dislocation interaction decreased the dislocation spacing (Figure 4.2.5.4)

and the interaction contributed to the strength of the matrix at exposed temperature.
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4.3 ‘Creep-exposed specimen’ (T0008) (650°C/45,000Hrs/275MPa)

Solution-annealed ‘as-received’ Inconel 617 alloy was creep tested at 650°C in air under
a uniaxial load of 275MPa (estimated stress value from creep data of IN617, Ennis et al 2007).
This specimen ID: T0008 fractured after 45,000 hours of creep duration. The area reduction

was measured as 16.9%.

4.3.1 Fractography

The failure mechanism of the creep fractured specimen was analyzed using scanning
electron microscopy and optical microscopy. A fractograph of the creep failed specimen, T0008
is shown in Figure 4.3.1a.

The failure mechanism was intergranular by decohesion along the grain boundaries.
Intergranular mechanism involves nucleation, and growth of micro-voids. The subsequent
linking of voids at grain boundaries were found to form wedge and isolated type cavities. The
formation of these cavities was controlled by diffusion-controlled processes. Wedge type
cavities were associated with cracking at grain boundary triple points. Triple point wedge
cracking (marked) and creep cavitation (arrowed) are shown in Figure 4.3.1(a). The failure
mechanism in this specimen was further confirmed by optical and scanning electron microscopy
of a polished cross-section of the fractured surface. Figures 4.3.1(b) & (c) show further
confirmation of wedge cracking, decohesion and crack propagation along the grain boundaries.
The direction of loading is shown by the arrows in Figures 4.3.1 (b) & (c). The open cracks

intruded inside the specimen to a depth of 200 to 800um.

| 109



Chapter 4 | T0008

¥

AccV Spot Det WD F——— 200 um

200kV 4.0 S 9
(b)

Intergranular CHCW

Creep Cavities

vV Det WD
00 kV 5.0 BSE 66

Figure 4.3.1: (a) Intergranular creep failure of creep-exposed specimen at 650°C, (b) Optical
micrograph, 1cm behind the fracture surface, shows intergranular decohesion and intergranular

crack propagation and (c) SEM micrograph showing creep cavities along the grain boundaries.

4.3.2 Grain Morphology

The austenite grain structure of ‘creep-exposed IN617’ specimen is shown in
Figure 4.3.2. The optical microstructure of the creep-exposed specimen shows an equiaxed

austenitic y-grain structure with an average size of 146um.

The grain orientation was random (Krishna et al 2009). Annealing twins

and twin boundaries were observed in a number of grains. Twins have a facetted appearance and
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are broad, similar to the ‘as-received’ specimen. Twin boundaries were observed to be
flattened and straighter in the sides; however in a few areas of the micrograph they were

observed as steps (Figure 4.3.2).

650°C/45,000H/275MPa 3

~e .~ - S * LN

o 0

Figure 4.3.2: Optical micrograph of ‘creep-exposed’ specimen (T0008) shows the grain
structure, and annealing twins and fine slip lines. The wavy/serrated grain morphology is

arrowed in the micrograph.

They were found to have special orientation relationship with grains and formed at
grain boundaries. Serrated gain boundaries were observed (arrowed in Figure 4.3.2) in the
micrograph, similar to the TO003 specimen. Edge, incomplete and complete- types of twins
were common as was found for the ‘as-received’ specimen. Grain boundary thickening is an
important intergranular deformation mechanism at elevated temperature. Grain boundary
thickening was observed for this sample, similar to the T0O003 (Figure 4.3.2). A summary of
the morphology of grains, grain boundary and average hardness of the head and gauge is listed
in Table 4.3.2. The gauge length hardness had substantially increased to an average value of

353Hv whereas head had an average hardness of 267Hv. Here, again similar reason as discussed

| 111



Chapter 4 | TO008

in previous specimen T0003, that the major effect on the head is from the thermal effects

with minimal effect from strain, therefore, the hardness is lower than the gauge length

value.
Table 4.3.2: Summary of Grain/Grain Boundary Morphology & Hardness of TO008 specimen
Creep-exposed Grain-sizeGralrll’%l\\//Iorr:‘g?rllo . Grai VEN [ 20) bc?lfra:zlrell-r
(650°C/45,000 vE-8 ran | Head | Gauge e
Hrs /275MPa) range (Um) | size (um) shape morphology
65 to 487 146 Equiaxed 267 353 Serrated

The high hardness value in the gauge region was due to extensive precipitation of
carbides (M23C¢), carbo-nitrides [Ti (C, N)], p-phase, and of increased dislocation density

during the creep exposure.

4.3.3 Phase Identification

An X-ray diffraction pattern analysis of T0008 specimen is shown in Figure 4.3.3.

Precipitates in this specimen were identified as y"-gamma prime, Cr23Cs TiN/TiC and p-

phase.
Creep-exposed IN617 (T0O008: 650°C/ 45,000 Hours / 275 MPa)
180 CuK radiation; A= 1.54 A
- m /' Gamma Prime
160 + ® e Cr C,
T o TINTIC
140 - ! O p-Phase (Mu phase)
2 .
[ e 1
-
3 120- g0l 5
O, % l
| : g
2100+ ] i
n i :
C . "' ' -
<)
E 80
60 -
40 ' T v T v T ' T v 1
0 20 40 60 80 100
20 (Degrees)
Figure 4.3.3: X-ray diffraction analysis on Br; dissolved extracted residues of
creep-exposed TO008 specimen.
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Here it is important to note that, p-phase was not observed in the ‘as-
received’ and T0003 specimens. It appears in the alloy after long duration of exposure and

this creep-exposed specimen was longest exposed duration of 45,000 hours at 650°C.

4.3.4 Precipitate Morphology and Location

The morphology of precipitates and their locations were studied in the
same way as for previous samples. Figure 4.3.4 shows the evolutions of precipitates in a
specimen creep-exposed at 700°C. BSE micrograph in Figure 4.3.4 shows that precipitates have a
higher average Z than the austenite grains appear white, whereas some, appearing dark in the
image, have a lower average Z than the austenite grains. EDX spectra acquired from these
precipitates indicated the high-Z and low-Z phases are enriched in Mo, Cr and Ti, respectively.
These therefore, appear as Mu-phase (p-phase, Mo enriched), M23Cs-type Cr enriched phase and
M(C, N)-type Ti enriched phase, in contrast to the as-received and T0003 specimens, which only
showed Cr- and Ti-rich phases. In the SEM, EDX spectra were measured form these precipitates
and quantified for elemental analysis using a standardless approximation. The elemental
composition of these precipitates is shown in Table 4.3.4.1. These precipitates were found both
intra- and intergranually in the specimen. Their morphology varied from a regular to a totally

irregular morphology.

Table 4.3.4.1: A typical composition of observed phases in creep-exposed condition (T0008)

by EDX (wt.%)
M23Cs Cr-27Mo-8.3Ni-3.2Co-4.1Ti
Ti (C,N) Ti-1.8Cr-1.3Al

(Ni, Co, Fe)7Mos Mo-28.1Ni-17.7Cr-11.1Co

The size of the Cr-enriched precipitates varied from <0.1pum to 5pum. The size of the
Ti-enriched precipitates varied from 0.5um to 14um. The size of the Mo-enriched

precipitates varied from less than 0.1um to 6um. The Cr-enriched and Mo-enriched
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precipitates were extensively precipitated along the grain and twin boundaries, in the

creep-exposed specimen.

Figure 4.3.4: Backscattered scanning electron microraph of the creep-exposed specimen

shows the blocky shape (darker contrast, marked ‘Ti’) near to the twin boundary is Ti-rich
phase, TIN; particles (marked ‘Cr’) at grain boundary, triple junctions and twin boundaries
are Cr-rich phase, Crz3Cs. Mo-enriched precipitates are also observed along the grain

boundaries and near to Cr-enriched precipitates (marked ‘Mo’), are p-phase.

Here it is note worthy that the extensive precipitation of Cr- and Mo-enriched
precipitates was not observed in the T0003 specimen. In this specimen, precipitates were
not only increased in number but also in size. Therefore, precipitation was the function of
creep conditions. Extensive precipitation weakened the matrix strength due to diffusion of
strengthening elements from the matrix to precipitates and weakening leads to rupture of
the specimen. The major precipitates found in the gauge length after microstructural evolutions

during creep are shown in Table 4.3.4. The standard error in the measurement was 2.4 to 3.9%.
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Table 4.3.4.2: Precipitates morphology and location after creep exposure
Precipitates Morphology

Specimen ID Precipitate Area
p location Phases Size Shape fraction
(%)
throughout | y"- Ni3(Ti, .
the matrix Al) 10-70nm Spherical 3.12
o . Regular to
T0008(650°C/45,000 Extensive Ti (C, N) 0.5-14pm totally 0.67
Hrs /275MPa) o _
precipitation irregular
throughqut Mz3Ce <0.1-7um geometry 2.8
the matrix u-phase <0.1-4pum Blocky 1.2

The strengthening phase in the austenitic gamma (y) matrix is the ordered
intermetallic gamma prime (y) precipitate. Their morphology and coherency were
identified using transmission electron microscopy, as discussed in the next section. The
shape and size of the coherent precipitates of y* were identified as spherical and 10nm to

50nm, respectively.

4.3.5 Transmission Electron Microscopy (TEM) Observations

The  microstructure of the ‘creep-exposed IN617  specimen (T0008;
650°C/45,000Hours/275MPa) has been analysed using analytical transmission electron
microscopy and the results are presented in this section. The microstructure of the ‘creep-
exposed’ specimen for longer duration of 45,000 hours at 650°C consists of a y-austenitic matrix,
coherent precipitates of y°, Ti (C, N), semi coherent precipitates of M23C¢ (M = Cr, Ni, Mo, Co) and
the topologically-closed-packed p -phase (Mo-enriched). The presence of pi-phase is detrimental
to the properties of alloys because it is brittle in nature. The semi-coherent precipitates were
mainly located at austenite grain boundaries, sub-grain boundaries and also, randomly appear
within the austenite grains, in the alloy. The morphological geometries of these precipitates are

discussed in following sections.

| 115



Chapter 4 | TO008

4.3.5.1 Gamma Prime (y')

Finely dispersed y  precipitates strengthen the alloy matrix at high
temperatures. However, y* coarsens during service exposure conditions, which reduces the high
temperature strength. Additionally, exposure of the alloy at high temperature and high strain
coarsening was observed. The morphology of the y* precipitates varied from spherical shape and
their average size varied from a minimum 10nm to a maximum 55nm with an average size of

36nm. Their morphology is shown in Figure 4.3.5.1.

B =Z =[001]

Figure 4.3.5.1: TEM micrographs show the y” precipitates of spherical morphology; inset diagram
is selected area electron diffraction pattern (SAEDP) from y". Beam direction and zone axis were

along B=z=[001].

The reflections from y” and their indexed planes are shown in Figure 4.3.5.1 (b). The beam

direction and zone axis were along B=[001].

4.3.5.1 (a) Volume fraction of Gamma Prime

Typical values for the y" volume fraction are shown in Table 4.3.5.1. The

carbon replica thickness was measured using AFM. The replica thickness (h) was in range from

18-24nm.
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Table 4.3.5.1: Estimated value of ' volume fraction in creep-exposed IN 617, TO008 specimen
Average 2 NmR* | Ao : iR
Diameter ext — 5 2 Ar=1—exp(—A..) i 3R
A (nm ) f - EXt e — — ak
(2R, nm) 0 Vi=1-(1-A4y)
36 0.036 562500 0.0349 0.0312

The volume fraction of gamma prime in this specimen was estimated to be
approximately 3.12%. This is lower than for the sample, T0O003 exposed for 574 hours which is
as would be expected from the increased area fraction of TiN found in this sample, as discussed

in the following section.

4.3.5.2 TiN

The distribution of TiN phase in the head and gauge length of creep-

exposed specimen, TO008 are shown in the Figures 4.3.5.2.1 and Figure 4.3.5.2.2.

T0008 (650°C/ 45,000 Hours)
B 0.9 mm from the edge of Head (% SE = 0.8)
100 ® Center of the Head (% SE =0.7)
1 |
80 Fdge of Hea
60 |
<¢>>' Center of Head
0 -
>
o 40 —
(1
20
1 |
0 - [
I T I T I T I T I T I T ]
0 5 10 15 20 25 30
Size of TiN, (pm)
Figure 4.3.5.2.1: Statistical representation of TiN precipitate size (um) in whole head region
of TO008 specimen.
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The TiN precipitate size varied in the head region from a minimum of 0.1pm to a
maximum of 27.75um with an average size of 6.9um. The TiN precipitate size varied in gauge
region from a minimum of 0.5um to a maximum of 14um with an average size of 6.9um. The size
of TiN particles in the gauge length is shown in Figure 4.3.5.2.2. The fine TiN precipitates of size
less than 0.1pum are expected to act as a strengthening phase. It was observed that y' was
coarsened from the initial size of 10nm to final size of 36nm after 45,000 hours and this
coarsening behaviour reduces the strength of the alloy, however TiN precipitates were not shown
coarsening. Therefore, fine TiN precipitates are expected to act as a promising strengthening

phase in this alloy.

T0008 (650°C/ 45,000 Hours)
® 0.9 mm from the edge of Gauge length (% SE = 0.3)

® Center of the Gauge length (% SE = 0.4)
140
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100

o
o
1

Frequency
3

—
—

Size of TiN, (um)

Figure 4.3.5.2.2: Statistical representation of TiN precipitate size (um) in whole gauge region of
T0008 specimen (first graph shows the distribution of TiN along the surface edge of the gauge
and second graph shows the distribution of TiN along the centre of the gauge length).
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A typical BF-TEM micrograph of TiN phase is shown in Figure 4.2.5.2.3. A rectangular TiN
precipitate of size 0.15um can be observed in Figure 4.3.5.2.3a and the indexed SAEDP pattern is

shown in Figure 4.3.5.2.3b. The zone axis and beam direction were along [012].

042
242

B=2=[012]

Figure 4.3.5.2.3: BF-TEM micrographs of TiN phase (marked). (a) TiN phase and SAEDP of TiN
phase (inset). (b) TiN phase located at the grain boundary of size 0.15pum. Beam direction and

zone axis were along [012].

4.3.5.3 M33Ce

M23Cs precipitate was formed during the heat-treatment and service
exposure conditions from the degradation of carbo-nitrides, M(C, N), as discussed in section
1.1.6 and reaction of chromium with soluble residual carbon in the alloy matrix. They usually
found at the grain boundaries, twin boundaries and occasionally in the grain interior. The
approximate composition of M»3Cs precipitate was quantified by EDX as Cr-6.8Ni-28.6Mo (wt
%). It was observed that the discrete precipitates of M23Cs influence the high temperature
strength of the alloy by inhibiting the grain-boundary sliding (Mankins et al, 1974). A large
M_3Cs precipitate of size 0.2um is shown in Figure 4.3.5.3. The indexed SAEDP is shown in Figure
4.3.5.3 (b). An extensive precipitation of M23C¢ precipitates was observed along the boundaries

and near to the large precipitates of M23Cs or Ti(C, N) in this specimen.
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(b)

220 |

B=2Z=[111]

Figure 4.3.5.3: (a) BF TEM micrograph shows M23Cs precipitate. (b) Indexed Selected area
electron diffraction pattern (SAEDP) from M23Cs precipitate is shown. The beam direction and

zone axis were along [111].

The morphology of Mj3Cs precipitates was almost similar to the ‘as-received’ and T0003

specimen. However, their numbers were increased extensively, in this specimen.

4.3.5.4 p-phase

p-phase is a thermodynamically stable phase in IN617 alloy up to 800°C. This phase is
rich in refractory element, Mo, and known as topologically close-packed (TCP) phase. It was
observed to precipitate during exposure conditions at high temperature and intermediate
stress, in alloys having high refractory elements Mo and W (Pollock and Argon, 1992). This
phase has a detrimental effect on the high temperature strength and creep properties of IN617
alloy, due to its brittleness. The precipitation of p-phase in the alloy depletes the strengthening
elements, Mo, Cr, and Co from the y matrix and therefore, decreases its strength (Rae et al,
2005). The presence of large area fraction of TCP phase in the alloy produces multiple internal
cracks and interfacial decohesion during the high temperature fracture. (Simonetti & Caron,
1998). This specimen showed a large number of internal cracks and decohesion along the
boundaries, as discussed in the previous Section 4.3.1. This phase was nucleated at the Mo rich

grain boundaries and near to the carbides. Figure 4.3.5.4 shows the BF TEM micrograph of p-
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phase having blocky morphology. Inset in Figure 4.3.5.4 shows the SAEDP of p-phase. A stacking
fault defect in its structure can be observed in the micrograph (Figure 4.3.5.4). The standardless
quantitative analysis from EDX shows that the pi-phase was enriched by Mo and Cr and a typical

quantitative analysis was Mo-28.1Ni-17.7Cr-11.1Co (wt. %).

Figure 4.3.5.4: BF-TEM micrograph shows p-phase. It is a TCP phase, and potentially
detrimental to strength of the matrix, due to the presence of stacking faults and twins in its

structure. The beam direction and zone axis were along [121].

4.3.5.5 Quantitative Measurement of Dislocation density
The dislocation density was estimated in gauge region of the specimen T0008, as the

similar method discussed in section 4.1.4.4. The average dislocation density was estimated to be
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2.5 £ 1.6 x 1013 lines/m2. The standard deviation in the measurement was 1.6. The average
dislocation density in this specimen was increased in the order of 10, than that of ‘as-received’
specimen. Figure 4.3.5.5 shows a typical BF-TEM micrograph illustrating the dislocation
structure, and dislocation-precipitate interaction in austenitic y-matrix. The coherent ¢’
precipitates act as a barrier for the movement of dislocations and this provides strengthening to
the matrix. The interaction of dislocations with y’ precipitates and interfacial dislocations can be

observed in Figure 4.3.5.5.

Figure 4.3.5.5: BF-TEM micrograph shows the dislocation structure, and aislocation-precipitate

interaction in austenitic y-matrix.

Typical values of dislocation density (pa), 779, &5, and t are listed in Table 4.3.5.5.

Table:4.3.5.5: Typical values for ng, &, t and pa
Mg & (A) at 200kv t(A) Pd (lines/m?)
5 299.25 1196.24 245X 1013
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4.4 ‘Creep-exposed specimen’ (T0151) (700°C/ 4,000Hrs / 200MPa)

A solution annealed IN617 alloy sample was machined for creep test and creep tested at
700°C in air under a uniaxial load of 200MPa (stress value estimated from creep data of IN617,
Ennis et al 2007). This specimen ID: TO151 fractured after short creep duration of 4,000 hours.

The area reduction was 45.1% for this specimen.

4.4.1 Fractography

The failure mechanism of the creep fractured specimen was analyzed in a similar way as
discussed for the previous specimens, by using scanning electron and optical microscopy. A
fractograph of the creep failed specimen, T0151 is shown in Figure 4.4.1a.

This specimen showed mixed mode of failure mechanisms, intergranular and
transgranular. The fast crack propagation shows that transgranular failure possibly a rapid
failure mechanism. The fracture was propagated along the grain boundaries resulting in bulk
deformation in the alloy. The failure mechanism in this specimen was further confirmed by
optical and scanning electron microscopy, as discussed for the previous specimens. Figures
4.4.1(b) & (c) show wedge cavities, bulk creep voids and decohesion along the grain boundaries.
The direction of loading is shown by the arrows in Figure 4.4.1. The open cracks intruded inside

the specimen to a depth of 50 to 700um.
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Figure 4.4.1: (a) Creep fracture micrograph of T0151 specimen, (b) Optical micrograph, 1cm
behind the fracture surface shows wedge cavity and creep voids, and (c) SEM micrograph shows

the bulk creep voids along the grain boundary.

4.4.2 Grain Morphology
The austenite grain structure of specimen T0151 is shown in Figure 4.4.2. An optical
micrograph of this specimen in Figure 4.4.2 shows an equiaxed and elongated austenite grain
structure with an average size of 133um, in contrast to grain morphology observed in ‘as-received’,

T0003 and T0008 specimens.
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Figure 4.4.2: Optical micrograph of creep-exposed specimen T0151 shows the grain structure
and its morphology. Annealing twins and creep cavities (arrows) are clearly observed in the

micrograph.

The grain orientation and grain size observed in this specimen was random (Krishna et
al, 2009). Annealing twins and twin boundaries were observed in the grains, similar to the ‘as-
received’, TO003 and TO008 specimens. All the grain boundaries were wavy along their lengths;
this was in contrast to the specimens T0003 and T0008. A summary of the morphology of

grains, grain boundary and average hardness of the head and gauge is listed in Table 4.4.2.

Table 4.4.2: Summary of Grain/Grain Boundary Morphology & Hardness of T0151 specimen

Creep-exposed Grain-sizeGramAl\\//lorli‘};(i)rllo s Grai YR /2] b Grrelliln-r

(700°C/4,000 VE-& rain Head | Gauge oundary

Hrs /200MPa) range (um) | size (um) shape morphology
28 to 269 133 Elongated 272 343 Wavy

The gauge length hardness substantially increased to an average value of 343Hv where
as head had an average hardness of 272Hv. Here, the higher value of hardness in gauge length
was from the thermal and stress effects, whereas lower hardness observed in the head of
the specimen was only from the thermal effect and minimal from stress. This specimen

also showed extensive precipitation of carbides of M33Cs type and work hardening was the
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primary reason of the high hardness value in the gauge length. The hardness value in the gauge
length of T0151 specimen was lower than the hardness value in gauge length of the specimen
T0008 but higher than the specimen T0003. TO151 specimen was exposed to 4000 hours and
the precipitation in this specimen was not as extensive as that of the T0O008 specimen, even if
the TO151 specimen was exposed at 700°C. The extensive precipitation was the reason for

high hardness value in TO008 specimen.

4.4.4 Phase Identification

An XRD was conducted on electrolytically and Br; dissolved T0151
specimen residues of carbides, nitrides and intermetallics. An analysed X-ray diffraction

pattern of specimen T0151 is shown in Figure 4.4.4.

Creep-exposed IN617 (TO151: 700°C/ 4000 Hours / 200 MPa)
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creep-exposed T0151 specimen.

Figure 4.4.4: X-ray diffraction analysis on Br, dissolved extracted residues of

The identified precipitates in this specimen were y-gamma prime, Crz3Cs, TiN/TiC

and p-phase, as similar to the TO008 specimen, exposed for 45,000 hours at 650°C.
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4.4.4 Precipitate Morphology and Location

The morphology of precipitates and their locations in this T0151 specimen are discussed
here using a backscattered electron (BSE) SEM micrograph. Figure 4.4.4 shows the precipitates
morphology and their locations in the T0151 specimen. The precipitates were enriched in Mo,
Cr and Ti. They were identified from the XRD as p-phase, enriched in Mo, M23Cs-type carbides
enriched in Cr and M(C, N)-type carbo-nitrides enriched in Ti. The quantified elemental analysis
from EDX spectra is shown in Table 4.4.4.1. The precipitates were found randomly in the matrix
and at the grain boundaries. Their morphology varied from a regular to a totally irregular, as

similar to the ‘as-received’, T0003 and T0O008 specimens.

Figure 4.4.4: Backscattered SEM micrograph of the creep-exposed T0151 specimen. The blocky
shape (dark in figure, marked ‘Ti’) at the boundary is Ti-enriched precipitate. The particles
(marked ‘Cr’) are at inter- and intragranular, are M23Cs type carbides. Mo-enriched precipitates

are observed along the grain boundaries and near to Cr-enriched precipitates (marked ‘Mo’),

are p-phase of (Ni, Co, Fe) 7 Mog type.

| 127



Chapter 4 | T0151

The size of the Cr-enriched (M23Cs) precipitates varied from less than 0.1pum to 4pum.
The size of the Ti-enriched (TiN/TiC) precipitate varied from 2pm to 7um. The size of the
Mo-enriched, [(Ni, Co, Fe) 7 Mog] precipitate varied from less than 0.1um to 2um. The Cr-
enriched and Mo-enriched precipitates were extensively precipitated along the grain and

twin boundaries, in this specimen.

Table 4.4.4.1: Typical composition of observed phases in T0151 specimen by EDX (wt. %)
M33Ce Cr-21.5Mo0-17.9Ni-7.9C0-0.4Ti-0.2Al

Ti (CN) Ti-1.7Cr

(Ni, Co, Fe)7 Mos Mo-19.9Ni-20.8Cr-9.1Co-0.1Ti-0.4Al

The morphology of these precipitates was similar to the TO008 specimen. However,
sizes of the precipitates were less than the size of the precipitates observed in the T0008.
This was due to the lower exposure duration for the T0151 specimen. The morphology of y’
precipitates was not resolved in SEM, due to fine precipitate size. Therefore, its
morphology and locations was identified using transmission electron microscopy, and are
discussed in the following section.

The major precipitates found in the creep-exposed gauge length of T0151 specimen are

listed in Table 4.4.4.2. The standard error in measurement was in the range of 1.3 to 4.1%.

Table 4.4.4: Precipitates morphology and location after creep exposure in T0151 specimen

. Precipitate Precipitates Morphology .
Specimen ID . . Area fraction
location Phases Size Shape (%)
0
throughout the | v - Ni3(Ti, 10- )
matrix Al) 55nm spherical 471
_ regular to
T0151(700°C/4,000 Ti(GN) | 2-7um tgotally 0.7
Hrs /200MPa) Precipitation irregular
intra- and M23Cs <1-4pm 2.2
. geometry
intergranularly
-phase <0.1- Globular 0.3
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4.4.5 Transmission Electron Microscopy (TEM) Observations

The creep-exposed T0151 specimen (700°C/4,000Hours/200MPa) was analysed using
analytical transmission electron microscopy. The phases noted in Figure 4.4.4 were further
identified using selected area electron diffraction patterns and energy dispersive X-ray
spectrometry (EDX). The microstructure consists of y-austenitic matrix, coherent precipitate of
v’, Ti (C, N), semi coherent precipitate M23Cs (M = Cr, Ni, Mo, Co) and topologically-closed-packed
1 - phase, enriched in Mo. p-phase was found to detrimental to the strength of the alloy
(Simonetti, and Caron, 1998). The semi-coherent precipitates of carbides were mainly found at
the austenite grain boundaries, sub-grain boundaries and also, randomly found within the
austenite grains. A detailed morphological geometry of these precipitates is further discussed in

the following subsections.

44.5.1 Gamma Prime (y)

The coherency of finely dispersed y* precipitates with the matrix strengthens the alloy at
high temperature. However, coarsening of precipitates during service exposure reduces the
strength of the matrix. T0151 specimen was examined in the TEM for identifying the ¢’
precipitates. The morphology of the y* precipitates varied from spherical shape and their
average size varied from a minimum 10nm to a maximum 55nm with an average size of 32nm.
The micrographs in Figure 4.4.5.1 show the morphology of the y' precipitates. The indexed

SAEDP is shown in Figure 4.4.5.1 (b). The beam direction and zone axis were along B= [011].
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L3

200
B=2Z=[011]

Figure 4.4.5. TEM micrograph show the y” precipitates of spherical morphology; inset diagram

is selected area electron diffraction pattern (SAEDP) from y". Beam direction and zone axis were

along B=7Z=[011].

A random dispersion of y' expected to strengthened the disordered FCC austenitic y

matrix (Mankins, 1974). The coherent interfaces of y' precipitates are in orientation relationship

with y - matrix as (100) fmatrix-3 || (100) ¢3; [010] ¢mawixyy || [010] ¢ The average size of y'

precipitates in this T0151 specimen was higher than the average size of precipitates in the ‘as-

received’, TO003 and T0008 specimens. The obvious growth of ¥ precipitates was due to the

combined effect of temperature and strain.

4.4.5.1 (a) Volume fraction of Gamma Prime

The volume fraction of gamma prime in T0151 specimen was estimated as similar to the

previous specimens. The average measured carbon replicas thickness (h) was 22nm. Typical

values of average size, area fraction and volume fraction of gamma prime is shown in Table

4.4.5.1.

Table 4.4.5.1: Estimated value of gamma prime, y' volume fraction in T0151 specimen
Average NmR? sR
Diameter ext = T4, | Ac(mm?) A =1—exp(—A.y) Vi=1-(1-Ag)3k
(2R, nm)

32 0.086 562500 0.0827 0.0471
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The volume fraction of Y’ in this specimen was estimated to be approximately 4.71%, which is
smaller than the estimated in ‘as-received’ and T0003 specimen but larger than the T0008
specimen. The coarsening effect due to high temperature exposure results in decrease in volume
fraction. It was found to reduce with increased exposed duration and temperature, due to the
diffusion of Ti from y" and the formation of TiN precipitate. This specimen exposed for 4000
hours at 700°C and the low volume fraction in this specimen is due to increased area fraction of

TiN precipitates.

4.4.5.2 TiN

Ti-enriched precipitates in T0151 specimen as noted in Figure 4.4.4 were
examined in the TEM. Figure 4.4.5.2 shows BF-TEM micrograph of Ti-enriched precipitate, TiN in

T0151 specimen.

200¢ @00

B=2=[012]
Figure 4.4.5.2: (a) BF TEM micrograph shows morphology of TiN precipitate; (b) Selected area

electron diffraction pattern (SAEDP) from TiN precipitate shown in (a), Beam direction and

zone axis were along B=Z=[012].

The indexed selected area electron diffraction pattern (SAEDP) is shown in Figure
4.4.5.2b. Beam direction and zone axis were along [012] direction. EDX analysis showed that the

dark feature in Figure 4.4.4 is enriched in Ti relative to grain interiors. A standard less typical
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quantitative analysis of TiN phase was Ti-1.7Cr. The size of blocky TiN phase in Figure 4.4.5.2a is

1.2pm.

4.4.5.3 M23C6

M;3Cs precipitates are expected to strengthen the grain boundary at high temperature
(Mankins et al, 1974; Davis, 1999). It was found that grain boundaries were decorated with fine
M_3Cs precipitates. It was also observed at twin boundaries, twin ends and occasionally in the
grain interior. The approximate composition of M23C¢ precipitate was Cr-21.5Mo-17.9Ni-7.9Co-
0.4Ti-0.2Al (wt. %). The precipitate of M23Cs is shown in Figure 4.4.5.3. The indexed SAEDP is
shown in Figure 4.4.5.3 (b). The beam direction and zone axis were along [111]. The size of the

precipitate shown in Figure 4.4.5.3 is of 0.12pm.

(a)

+ 022

000

220
202

B=2Z=[111]

micrograph shows M3y3C¢ precipitate. (b) Selected area electron

e

Figure 4.4.5.3: (a) BF TEM
diffraction pattern (SAEDP) from M33Cs precipitate. The beam direction and zone axis were

along [111].

4.4.5.4 p-phase

pt-phase was found in TO151 specimen after the exposed conditions of

high temperature at 700°C and stress of 200MPa. This phase was nucleated at the grain
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boundaries and near to carbides. Figure 4.4.5.4 shows the BF TEM micrographs of p-phase
having globular morphology. Figure 4.4.5.4 (b) shows the higher magnification of p-phase
precipitate.

The stacking faults and twins in the structure were the potential reason for its brittle
behaviour. The quantitative analysis from EDX showed that the p-phase was rich in Mo and Cr
and a typical quantitative analysis was Mo0-19.9Ni-20.8Cr-9.1C0-0.1Ti-0.4Al (wt. %). This phase
was also found in TO008 specimen, which was exposed at 650°C for 45,000 hours. However, it

was not observed in TO003 specimen, which was exposed at 650°C for 574 hours.

Figure 4.4.5.4: BF-TEM micrographs show p-phase. (b) A magnified image p-phase. It was found

detrimental to the strength of the matrix. The beam direction and zone axis were along [121].

Therefore, p-phase was found to precipitate in the alloy at high

temperature of 700°C or at 650°C when exposed for a longer durations of time.

4.4.5.4 Quantitative Measurements of Dislocation density

The dislocation density was calculated in a similar way as discussed in the previous
sections. Figure 4.3.5.5 shows a typical BF-TEM micrograph illustrating the dislocation structure,

and dislocation-precipitate interaction in austenitic y-matrix. It was found cells almost free from
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dislocations and tangles of dislocations in this creep deformed T0151 specimen. Typical values

of p4, ng, &, and t are listed in Table 4.4.5.5.

Table:4.4.5.5: Typical values for ng, &, t and pa

g & (A) at 200kV t(4) pd (lines/m?)
5 299.25 1296.24 3.35X 1013

Figure 4.4.5.5: A BF-TEM micrograph illustrating dislocation-precipitate interaction in
austenitic y-matrix.

The average dislocation density was estimated in this T0151 specimen exposed at 700°C
to be approximately 3.4 £ 2.1 x 1013 lines/m2. The standard deviation in the measurement was
2.1. The coherent precipitates act as a barrier for movement of dislocations. The interaction of

precipitates with dislocations was observed in the alloy (Figure 4.4.5.5).
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4.5 ‘Creep-exposed specimen’ (T0154) (700°C/32,000Hrs/145MPa)

A solution-annealed IN617 alloy sample was creep tested at 700°C in air under a uniaxial
load (estimated) of 145MPa (estimated stress value from creep data of IN617, Ennis et al 2007).
This specimen ID: T0154 fractured after long creep duration of 32,000 hours. The reduction in

area was not measured for this specimen.

4.5.1 Fractography

The failure mechanism of the creep fractured specimen was analyzed using scanning
electron and optical microscopy. A fractograph of the creep failed specimen, T0154 is shown in
Figure 4.5.1a.

This specimen showed similar fracture mechanism as observed in T0151 specimen. The
fracture mode was intergranular and transgranular for the high temperature exposure. The bulk
deformation along the grain boundary was observed as similar to the TO151 specimen. Creep
fracture was found to involve with nucleation and growth of micro voids. The coalescence of
voids at the grain boundaries was found to form cavities. Crack propagation is shown by arrow
in Figure 4.5.1(a). The failure mechanism was further confirmed by optical and scanning
electron microscopy. Figures 4.5.1(b) & (c) show triple boundary cracking, decohesion and crack
propagation along the grain boundaries and creep voids. The direction of loading is shown by
the arrows in Figure 4.5.1. Creep cavity of size 5 to 20um (dark spots: marked) is shown in the
micrograph, with elongated grains and extensive precipitation along boundaries. This was
believed to be longer duration of 32,000 hours at 700°C. High temperature exposure was found
to induce recrystallization in the alloy. The open cracks intruded inside the specimen to a depth

of 500pm to 1mm.
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(a) 700°C/32,000H/145MPa

AccV Spot WD
200KV 5.0 6.1

2 000" Pa:

p
. - # A ¢ o E 20.00 kV 5.0 BSE 54
Figure 4.5.1: (a) Fracture surface of creep specimen tested at 700°C at 145MPa. Fracture was

brittle intergranular failure; (b) The light micrograph, 1cm behind the fracture surface shows
triple boundary cracking, extensive bulk deformation, and (c¢) SEM micrograph showing creep

voids and cavities.

4.5.2 Grain Morphology

The austenite grain structure of specimen T0154 is shown in Figure 4.5.2. The optical
microstructure of creep-exposed specimen shows an equiaxed and elongated austenite grain
structure with an average size of 93um, as similar to the grain morphology observed in T0151

specimen, but in contrast to the T0003 and T0008 specimens.
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raph of creep

grain structure, annealing twins are observed in the specimen.

The grain orientation was found to random (Krishna et al, 2009). Annealing twins and
twinning boundaries were found in a number of grains, as similar to the as-received and other
exposed specimens. They were showed a specific orientation relationship with the grains and
formed at the grain boundaries. The gain boundaries appeared serrated along their lengths,
as similar to the T0151 specimen. Grain boundary thickening was also found in this
specimen and is shown in the optical micrograph (Figure 4.5.2). A summary of morphology of

grains, grain boundary and average hardness of the head and gauge is listed in Table 4.5.2.

Table 4.5.2: Summary of Grain/Grain Boundary Morphology & Hardness of T0154 specimen

Grain Morphology VHN (Hv/20) Grain-
Creep-exposed Grain-size Avg. grain . boundary
(700°C/32,000 | range (um) | size (um) | Crainshape | Head | Gauge | 00100y
Hrs /145MPa) | 1515 222 93 Elongated & | 597 | 313 |  Serrated
Equiaxed

The gauge length hardness substantially increased to an average value of 313Hv
whereas head had an average hardness of 287Hv. The higher value of hardness in the gauge
length was found due to the extensive precipitation of phases, later it is shown that the are

carbides, TCP p-phase and coarsening of fine carbides. The gauge region was under the effects
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of thermal and stress, whereas head region was under the effect of thermal, therefore,
hardness was lower in the head than the hardness in the gauge length. The hardness value
in the gauge length of T0154 is lower than the hardness value of T0151 specimen; both
specimens were exposed at 700°C. T0154 was exposed for a longer durations of 32,000 hours,
where as T0151 exposed only for 4,000 hours. The precipitation coarsening due to continued
exposure duration in the T0154 specimen was the reason for its lower hardness in the gauge

length. The hardness graph of along the head and gauge length is shown in Appendix I.

4.5.3 Phase Identification

A similar technique was used to produce the phase extract powder from the alloy for
XRD as discussed in section 3.5. An analysed XRD pattern of TO154 specimen is shown in Figure
4.5.3. The precipitates in the creep-exposed specimen were identified as ", Cr23Ce, TIN/TiC

and p-phase, as similar to the T0O151 and T0O008 specimens.

Creep-exposed ING17 (T0O154. 700°C/ 32,000 Hours / 145 MPa)
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Figure 4.5.3: X-ray diffraction analysis on Br; dissolved extracted residues of

creep exposed T0154 specimen.
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4.5.4 Precipitate Morphology and Location

In this section precipitates morphology and their locations of specimen
T0154 are discussed. Figure 4.5.4 shows precipitates morphology and their locations in a BSE-
SEM micrograph. The identified phases were enriched in Mo, Cr and Ti. They were identified
from the XRD as p-phase, enriched in Mo, M23Ce-type carbides enriched in Cr and M(C, N)-type

carbo-nitrides enriched in Ti.

Figure 4.5.4: Backscattered SEM micrograph of T0154 specimen. The blocky shape (dark in

figure, marked ‘Ti’) at the boundary is Ti-enriched precipitate of Ti(C, N) phase. The facetted
particles (marked ‘Cr’), at inter- and intra-granually are of M»3C¢ type carbides. Mo-enriched
precipitates are observed along the grain boundaries and near to Cr-enriched precipitate

(marked ‘Mo”), elemental composition as (Ni, Co, Fe) 7 Moe.

The elemental analysis of the precipitates from EDX spectra is shown in Table 4.5.4.1.

The precipitates were found randomly in the matrix and primarily at the grain boundaries.
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Their morphology varied from a regular to a totally irregular shape, as similar to the T0151

and T0008 specimens.

Table 4.5.4.1: Typical composition of observed phases in T0154 specimen by EDX (wt.%)

M23Ce Cr-29.2Mo-6.3Ni-2Co-2.5Ti

Ti (C,N) Ti-1.8Cr

(Ni, Co, Fe)7Mos Mo-23.3Ni-22.3Cr-8.6Co-1.7Ti-0.4Al

The size of the Cr-enriched (M23Cs) precipitates varied from 0.5um to 7pum. The
size of the Ti-enriched precipitate (TiN/TiC) varied from 6um to 8um. The size of Mo-
enriched precipitate (Ni, Co, Fe); Mo varied from less than 0.1pum to 5pm. The Cr-enriched
and Mo-enriched precipitates were extensively precipitated at the grain and twin
boundaries, as similar to specimen T0008. The size of the precipitates in T0154 specimen
was larger than the size of precipitates in T0008 and T0151 specimens. This was due to the
higher exposure temperature for longer duration of 32,000 hours.

The morphology of y" precipitates was not resolved in SEM, due to their fine
precipitate size.

The major precipitates found in the creep exposed T0154 specimen are shown in Table

4.5.4.2. The standard error in the measurement was 0.5- 3.1%.

Table 4.5.4.2: Precipitates morphology and location after creep exposure in T0154 specimen
Precipitates Morphology

Specimen Precipitate Area
ID location Phases Size Shape fraction
(%)
Precipitation
intra- and | Ti(C,N) 6-8um 1.1
intergranularly regu.lar to
and localised totally irregular
geometry

precipitation of
Mu-phase along
the grain and
twin boundaries,
and near to Cr-
enriched
precipitates

T0154 M23Cs 0.5-7pum 6.7

p-phase <0.1-5pum Globular 3.7
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Summary

This specimen was not analyzed using the transmission electron microscopy. The exact
nature of the different precipitates identified in the SEM can only be resolved after the TEM
analysis. However, XRD identified the phases present in this specimen after long creep durations
were v, TiN/TiC, M23Cs and p phase. The morphology of the primary precipitates of TiN/TiC, and
M23Cs were observed in the SEM micrographs. SEM did not able to resolve the morphology of the

y' precipitates, due to its fine size.
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Chapter 5 Inconel 625 Alloy

The nickel-chromium Inconel 625 alloy was developed to be a solid-solution-
strengthened alloy with relatively high levels of molybdenum and niobium. The strength,
mechanical and oxidation properties of Inconel 625 alloy are generally correlated to the solid-
solution-strengthened y phase, the presence of metastable NizNb phase y” (on exposure
metastable y” transforms to equilibrium & phase of the same nominal composition),
strengthening phases and grain boundary stabilizing phase. The objective of this chapter is to

investigate the precipitate evolution in IN625 alloy after short to long term creep tests.

5.1 ‘As-received’

5.1.1 Grain Morphology

The grain structure and morphology are the controlling microstructural
factor for determining the high temperatures creep and fracture behaviour in nickel base
superalloys. Therefore, it is vital to control the grain size to avoid excessively fine grains,
which decrease the creep and rupture strength and excessively large grains, which lower the
tensile strength. An optimal microstructural state is necessary in the alloys and this can be
achieved by way of single or multi-stage heat treatments. In this section metallographic
observations of grain structure and its morphology for the ‘as-received’ sample of Inconel 625
(IN625) alloy are discussed.

The ‘as-received’ sample was in the solution-annealed condition (heat-treated at 670°C/
10 Hrs/ AC after solutionization for 3 hours at 1100°C followed by water quenching). The
optical microstructure of the ‘as-received’ IN625 sample is shown in Figure 5.1.1. The ‘as-
received’ sample showed an equiaxed austenitic y-grain structure. The grain size varied from a

minimum of 35um to a maximum of 464pm, with an average size of 90um. This coarse grain
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structure in the solution-annealed condition is a prerequisite for high temperature creep
rupture strength. EBSD results showed that the grain orientation was found to be random.
Annealing twins and twinning boundaries were observed in a number of grains. Twins have a
facetted appearance which is a very common feature in IN625 alloy, whereas twin boundaries have
flat and straighter sides. Twin bands and boundaries can be observed inside the grains (Figure
5.1.1). Twins have a special orientation relationship with the grains and grain boundaries.
Twin boundaries are high-energy boundaries and are readily visible. They were formed at the
grain boundaries and oriented in specific directions inside the grains. The twin bands were 30-
120pm in width and of the grain size in length. A summary of the morphology of grains and grain

boundary is listed in Table 5.1.1.

Table 5.1.1: Summary of Grain/Grain Boundary Morphology
Grain Morpholo
As-received — P - g9y A.STM Grain-boundary
S-receive Grain-size Avg. grain Grain shape grain size morphology
IN625 range (um) size (um) P No.
35 to 464 90 Equiaxed 8-9 Flat

The Vickers hardness value of the ‘as received’ sample was found to be 190.5+6 H,//20.

Intergranular precipitates were found in the alloy to strengthen matrix at high
temperature (Mankins et al 1974; Davis 1999). Solutionization and ageing heat treatments
were used to dissolve the intragranular precipitates (mainly carbides) and to enhance the
localized precipitation of carbides along the grain boundaries. Figure 5.1.1 shows that there are

fine inter- and intragranular precipitates are randomly distributed in the alloy.
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v,

Figure 5.1.1: Optical micrograph of the ‘as-received’ (solutibn-annealed) IN625 shows the

grain structure and annealing twins in a number of grains.

5.1.2 Phase Identification

An analysed X-ray diffraction pattern of the ‘as-received’ IN625 sample is
shown in Figure 5.1.2. The identified phases were austenitic y - matrix, y”- gamma double
prime, Nb-enriched and Ti-enriched MC type carbides, and M323Cs type Cr-enriched
carbides. The presence of y” in the ‘as-received’ IN625 was difficult to register, since the
morphology of the precipitate was very fine and of nanometres in size range. However,
peaks from y” were registered in XRD from the matrix dissolved residue of the ‘as-received’

IN625 sample.
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'‘As-received' Inconel 625 CuK_Wavelength = 1.5418 A
60 -

Counts

10 l T ] T l Ll ' T I L) ] L) ] 1
0 20 40 60 80 100 120

Degree - 26

Figure 5.1.2: X-ray diffraction analysis on Br; dissolved extracted residues of ‘as-

received’ IN625 sample.

The identified phases were further confirmed by the EDX measurements in the
transmission electron microscopy (TEM) and by the analysis of selected area electron

diffraction (SAED) patterns, discussed later in this chapter.

5.1.3 Precipitate Morphology and Location

The role of precipitate morphology and their location were found to
influence the high temperature creep-rupture behaviour in nickel base alloys. In this section
precipitate morphology and their locations in ‘as-received’ IN625 sample are discussed. A BSE-
SEM micrograph in Figure 5.1.3 shows the precipitates morphology and their locations in the
‘as-received’ sample. Three major precipitates were found in the ‘as-received’ IN625 sample.
They were enriched in Nb, Ti and Cr. All the three enriched precipitates were marked in the

Figure 5.1.3.
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Figure 5.1.3: Backscattered scanning electron micrograph of ‘as-received’ IN625. Inset
micrograph shows Ti-enrich precipitates (arrowed). Cr- and Nb-enriched precipitates are found

intra- and intergranularly in the matrix.

The precipitates enriched in Cr, Ti, and Nb, appeared as M23Ces-type carbides, TiN/TiC
and NbC. These precipitates were distributed randomly in the alloy. Their morphology varied
from a regular to a totally irregular. The elemental composition of these precipitates was

measured by EDX and is shown in Table 5.1.3.1.

Table 5.1.3.1: Typical composition of the precipitates and austenitic matrix in ‘as-received’
IN625 by EDX (wt. %)

Austenitic y-Matrix Ni-20.3Cr-6.7Mo-2.2Fe-2.7Nb
M23Ce Cr-7.1Mo-19.6Ni-2.1Fe-2.2Nb

Ti (C,N) Ti-10.1Cr-18.9Ni-20.5Nb-9.2Mo
NbC Nb-13.5Mo-6.9Ni-2.3Cr-1.7Ti

The hardening phase in the austenitic gamma (y) matrix, in the majority of Ni-base

superalloys, is the ordered intermetallic metastable ¥y - phase, however, in IN625 alloy,
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hardening is caused primarily by the precipitates of y” or Niz (Nb, Al, Ti). The presence of y”
and morphology in ‘as-received’ IN625 was observed in transmission electron microscopy,
and is discussed in the next section. The shape and size of the y” precipitates were of
circular disc morphology with an average size of 5.5t1nm. The size of the Cr-enriched
(M23Cs) precipitates varied in size from less than 0.04pum to 1um. The size of the Ti-enriched
[Ti (C, N)] precipitate varied from 0.1pm to 2pum. The size of the Nb-enriched (NbC)
precipitate varied from 0.1pum to 12um. The precipitates morphology and their locations, in

‘as-received’ IN625, are listed in Table 5.1.3.2.

Table 5.1.3.2: Precipitates morphology and their location in ‘as-received’ IN625 sample
Specimen Precipitate Precipitates Morphology .
ID location Phases Size Shape (%)

Throughout the ” 3-8nm disc 7.65
As. matrix
) Intra- and Ti (C,N) 0.1-4pm regular to 0.05
received inter- totally
IN625 granula_rly, at M23C5 004-1pm irregular 0.21
twin NbC 0.1-12um | 9eometry 14.4
boundaries

The precipitates of size less than 1um were intergranularly dispersed and some larger
particles were observed within the grains. Ti-enriched precipitates, of M(C, N) type carbo-nitrides
were randomly distributed inside the grains and at the twin boundaries. XRD analysis confirmed the
precipitates of Cr-rich, Ti-rich and Nb-rich are M»;Cg type carbides, Ti (C, N) type carbo-nitrides and
NbC type carbides. Carbides were present in the matrix and primarily, at the grain boundaries.
The energy dispersive X-ray microanalysis (EDX) showed that the grain boundary precipitates
were mostly rich in chromium. The blocky particles were mainly of niobium enriched, in
contrast to as-received IN617. The large primary NbC carbides were un-dissolved primary
carbides after solution-annealing; however most of M23C¢ carbides were dissolved during the

solution annealing and precipitated along the grain boundaries.
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5.1.4 Transmission Electron Microscopy (TEM) Observations

The microstructure of ‘as-received’ IN625 was analysed using analytical transmission
electron microscopy and the results are discussed in this section. The precipitates of different
phases observed in Figure 5.1.3 were further identified in TEM. The microstructure of ‘as-
received’ sample consists of y-austenitic matrix, precipitation hardened ordered BCT
precipitates of y” (DO22 structure) or Nis (Nb, Ti, Al) phase, NbC carbides, dominant
intergranular precipitates of M23C¢ (M = Cr, Mo, Co) phase and Ti (C, N), with an array of
dislocations (Brown and Muzyka, 1987; Bhom et al, 1970; Floreen et al, 1994; Tawancy et al,
1990; Sundararaman et al, 1988 and Sundararaman et al, 1997). The precipitates were mainly
located at prior austenite grain boundaries and sub-grain boundaries and also appeared
randomly within the matrix. The morphological geometries of these precipitates are discussed
in the following subsections. The dislocations were generated during the quenching operation
and typical precipitate-dislocation interactions with regular precipitates are shown in Figure

514.

x 18-

3 "-:‘,‘_*v._. PN
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3

Figure 5.1.4: Montage of BF-TEM micrographs of ‘as-received’ IN625 alloy shows the
dislocation structure, precipitate and dislocation-particle interaction in a solid solution

strengthened austenitic y- matrix. A blocky carbide precipitate in the micrograph, is of NbC.
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Figure 5.1.4 shows a high density of dislocations is uniformly distributed in the

austenitic matrix and dislocations are pinned by the precipitate of NbC carbide phase.

51.4.1 Gamma Double Prime (y'')

y" phase has an ordered body-centered-tetragonal DO, crystal structure
(Cozar and Pineau, 1973). A coherent strain from the lattice distortions of y” was found to
provide strengthening to the y matrix (Oblak et al, 1974). The y" phase is metastable and its
thermodynamically stable equilibrium form is & phase, which has an incoherent, orthorhombic
crystal structure. The y” phase is an ordered phase containing Nb, Al, Ti and Ni, which is
coherent with the disordered FCC austenitic y phase. Figure 5.1.4.1 shows a TEM micrograph of

fine y” precipitates and indexed selected area electron diffraction pattern from these precipitates.

| 20nm

, B=27=[211]
v
Figure 5.1.4.1 (a) Bright field (BF) TEM micrograph shows y"; (b) Indexed selected area

electron diffraction pattern (SAEDP) from y"~ precipitates. The beam direction and zone axis were
along B =Z=[211].

The indexed SAEDP from y” is shown in Figure 5.1.4.1b. The beam direction and zone axis are
shown in Figure 5.1.4.1b {B=Z= [211]}. The y” precipitates coherent interfaces were in an

orientation relationship with y -matrix as (100) gmatrix- || (100) ¢7; [010] fmatrix- || [010] g
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5.1.4.1 (a) Volume fraction of Gamma Double Prime

The estimated volume fraction of y"' precipitate is listed in Table 5.1.4.1.
The procedure for the estimation was similar as used for other samples of IN617 and was

discussed in section 3.7. The measured carbon replica thickness was 24nm.

Table 5.1.4.1: Estimated values of volume fraction in ‘as-received’ IN625

. 7 _ _ r ™ ] E
Diameter A, = NmR Ao (nm2) Ar=1—-exp{—A.,:) Vi=1-(1—A;)3
(2R, nm) A,

5.46 0.154 25600 0.143 0.0765

The volume fraction of gamma double prime in the specimen was estimated to be

approximately 8%.

5.1.4.2 TiN

Ti-enriched precipitates in ‘as-received’ IN625 sample, (noted in Figure
5.1.3), were identified in TEM. Figure 5.1.4.2 shows BF-TEM micrograph of blocky TiN
precipitate. Selected area electron diffraction pattern (SAEDP) confirmed this precipitate as TiN.
EDX analysis was further confirmed that dark feature was enriched in Ti relative to the grain

interiors.

2

w B=Z =[112]

Figure 5.1.4.2: (a) BF TEM micrograph shows morphology of TiN precipitate; (b) Selected area
electron diffraction pattern (SAEDP) from TiN precipitate shown in (a), Beam direction was

B=Z=[112].
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Beam direction and zone axis were along [112] direction. The size of the blocky TiN in

Figure 5.1.4.2a is ~ 3pum. An indexed SAEDP is shown in Figure 5.1.4.2b.

5.1.4.3 M:23Cs
M23Cs precipitates form during ageing heat-treatment from the
degradation of M(C, N) carbo-nitrides and reaction of chromium with soluble residual carbon in

the alloy matrix, as discussed in section 1.1.6.

000

202 339

B=2=[111] —l D [

Figure 5.1.4.3: (a) BF TEM micrograph shows M3Ce precipitate near to the dislocation arrays
(arrowed), inset shows selected area electron diffraction pattern (SAEDP) from M33Cs

precipitate. (b) A typical TEM micrograph shows circular M»3Ce precipitates.

Their presence at the grain boundaries, near twin boundaries strengthens the grain
boundaries by pinning it. The approximate composition of M33Cs precipitate is Cr-17.7Ni-
17.1Nb-5.1Mo-1.8Fe (wt.%). The precipitate of M23Cs is shown in the BF-TEM micrograph in
Figure 5.1.4.3. Other features such as interfacial dislocations and dislocation arrays can also be
seen in the BF-TEM micrograph (Figure 5.1.4.3). The circular precipitates of M23C¢ are also

observed in the sample in size range from 50 to 80nm (Figure 5.1.4.3b).

5.1.4.4 NbC
Figure 5.1.4.4 shows the NbC carbide in ‘as-received’ IN625. The indexed
SAEDP is shown in Figure 5.1.4.4b. The beam direction and zone axis were along [001]. The

standardless quantitative analysis of NbC is Nb-13.5Mo-6.9Ni-2.3Cr-1.7Ti (wt.%). NbC
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precipitates were found in different morphology from irregular to regular of varying sizes from

250nm to 12pum. It was found inter- and intragranularly in the alloy.

200 nm 1 [OO 1 ]
= LLLSSSSSI—I—IS, | EESES—S.———._..—.—._—.—.—.—.—.—.—.—.—.———
Figure 5.1.4.4: (a) BF TEM micrograph shows NbC precipitate. (b) Indexed selected area electron
diffraction pattern (SAEDP) from NbC precipitate. The beam direction and zone axis were along

[001].

5.1.4.5 Quantitative Measurements of Dislocation density

The quantitative measurement of dislocation density was estimated as a
similar way used for previous IN617 samples and briefly discussed here. An array of
dislocations and piled-up dislocations near to the grain boundary and around the precipitate are
shown in Figure 5.1.4.5. The dislocation density was estimated to be 13.5+ 6.1 x 1012 lines/m?2.

The standard deviation in the measurements was 6.1.

The dislocation density was obtained from the equation 4.1.4.4, as discussed in subsection
4.1.4.4 for IN617 alloys. The value of dislocation density was for steel and aluminium was
discussed in Ham, 1961; Hirsch et al, 1977; Hambleton et al, 1997; Yang & Bhadeshia, 1990. But,

no literature was found for nickel base superalloys, IN625.
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Figure 5.1.4.5: BF TEM micrographs illustrating (a) dislocation structure, precipitates particle,

dislocation-particle interaction and dislocations piled up.

The foil thickness was estimated by counting the extinction contours as discussed in the
previous subsection 4.1.4.4. Equation 5.1.4.4a was used to calculate the foil thickness. The
typical values of 74 (extinction contours), &, and t (foil thickness)are listed in Table 5.1.4.5.
t= ¢y (5.1.4.5a)
where 7, is the number of extinction fringes observed at an inclined boundary when the
diffracted beam is represented by the reciprocal lattice vector g. The & is the extinction distance

for that g vector and accelerating voltage.

Table 5.1.4.5: Typical values for 14, &, t and g

Ty & (A) at 200kV t(A) pd (lines/m2)
5 299.25 1496.24 13.5 X 1012

| 155




Chapter 5 | S9980

5.2 ‘Creep-exposed specimen’ (S9980) (650°C/ 33000HTrs)

The solution-annealed condition (heat-treated at 670°C/ 10 Hrs/ AC after
solutionization for 3 hours at 1100°C followed by water quenching) alloy was machined for
creep test specimen. The creep test was conducted at 650°C in air under a uniaxial intermediate
load. This specimen ID: S9980 fractured after 33,000 hours of creep duration. The area

reduction was measured from the fractured specimen as 21.8%.

5.2.1 Grain Morphology

An optimal grain structure is necessary for the potential high
temperature alloys. In this section the morphology of the grains in creep-exposed IN625
specimen is discussed. The optical microstructure of the ‘creep-exposed’ IN625 specimen is

shown in Figure 5.2.1.
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Figure 5.2.1: Optical micrograph of grain structure of gauge length, observed in specimen
(S9980) after creep test at 650°C. A typical cell structure and sub-grains can be observed
in the micrograph after 33, 000 h of creep exposure. Fine slip lines and slip bands can be

seen in almost each grain, and are oriented along (111) plane.
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The creep-exposed specimen showed an equiaxed austenitic y-grain
structure. The austenite grain size varied from a minimum of 70pum to a maximum of 633um,
with an average size of 132.8um. The ASTM grain size number was in the range of 2-3. Fine
slip lines and slip bands were observed in a number of grains. The coarse slip lines can be
observed in the grain at different orientation (Figure 5.2.1). Clustering of these fine slip lines
were found to form coarse slip band, and can be observed in optical micrograph (Figure 5.2.1).
Slip was active on {111} <110> slip system. However, multiple slip was also found in some
grains, and in those grains more than one slip systems were active. Fine slip lines is shown in
the micrograph in Figure 5.2.1. They were observed in almost all the grains oriented along the
{111} planes. Slip bands were discontinuous and straight and of grain diameter in size. The
average length of slip bands was observed in the range of 5-215um. The average slip-line
spacings were in range of 1-5um. This slip-band spacing was found to depend on composition,
stress and temperature (Gemmel et al., 1957; Wilms et al., 1958-59). It was observed that the
decrease in creep stress, lead to increase in the distance between the slip bands. The slip-band
spacing was found to increase with an increase in the temperature. The mode of deformation
at high temperature was observed as deformation or kinks bending, multiple slip, cross-slip,
climb, lattice bending and rotation, twinning and grain-boundary sliding. At sufficiently high
temperature more than one deformation modes were found to become operative. A
kink/deformation bending was found to result from the lattice rotation and consequently form
deformation bands. A schematic representation of deformation band is shown in Figure
5.2.1(i) as observed in optical micrograph of Figure 5.2.1. The formation of these deformation
bands was found to be followed by the appearance of slip bands on the primary slip systems
(Garofalo, 1965). A summary of the morphology of grains and grain boundary is listed in Table

52.1.
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Table 5.2.1: Summary of Grain/Grain Boundary Morphology
Creep-d Grain Morphology VHN(Hv/20)
expose ——— ASTM GB
Grain-size
650°C ' '
(33 000/ range Avg. grain Grain No. Head | Gauge | morphology
) size (um) shape
Hrs) (Hm)
70 to 633 132.8 Equiaxed 6-7 3345 403 Flat

The substantial increase in hardness in the gauge length to an average value of 403Hv from the

head region of average hardness from 334.5Hv was due to the combined effects of strain and

temperature.
A /

Figure 5.2.1 (i): Schematic representation of the formation of a deformation band under a

uniaxial tensile stress. The bend planes (AB & CD) are perpendicular to the slip direction and

orientation change can be noted across the single twin plane.

The increase in hardness during the creep exposure for 33,000 hours was due to the
precipitation of fine carbides along the grain boundaries, grain interiors and work hardening
due to dislocations. The long creep exposure led to softening the matrix due to carbides

coarsening and precipitation. This specimen fractured after a long duration of creep exposure.

5.2.2 Fractography
The failure mechanism of the creep fractured specimen S9980 was

analyzed using scanning electron and optical microscopy. Fractographs of the creep failed

specimen, S9980, are shown in Figure 5.2.2.
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f——— 20 pm

Wedge Crack

Elliptical cavity

failure in creep-exposed specimen S9980. Grain boundaries decohesion and very big spherical
precipitates of chromium carbides are shown in the micrographs. The direction of loading is

perpendicular to the wedge crack propagation.

The failure mechanism was mixed mode, intergranular and transgranular
fracture. Grain boundary creep cavitation (arrowed) and spherical chromium carbides
precipitates (identified by EDX) on the fracture surface are shown in the Figure 5.2.2. The failure
mechanism of this exposed specimen was further confirmed by optical microscopy of a polished
cross-section of the fractured surface. The spherical chromium precipitates shown in the Figure
5.2.2b, were formed during the heat treatment process, since lower surface energy favours the
formation of the spherical shape. The presence of these spherical precipitates favours the
fracture initiation and crack propagation along the grain boundaries where spherical
precipitates are situated. Figure 5.2.2c shows further confirmation of wedge cracking, and
formation of elliptical cavities at the grain boundaries. The direction of loading is perpendicular

to the wedge crack. The open cracks intruded inside the specimen to a depth of 90 to 490um.
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5.2.3 Phase Identification

The precipitates were identified through X-ray powder diffraction
analysis on electrolytic and Br, dissolved extracted residues of carbides, nitrides and

intermetallics.

Creep-exposed IN625 (S9980: 650°C/ 33,000 Hours / Intermediate Stress)

CuK radiation; A= 1.54 A m 7" Gamma Double Prime
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Figure 5.2.3: X-ray diffraction analysis on Br; dissolved extracted residues of creep-

exposed S9980 IN625 specimen.

The resultant X-ray patterns were analysed by comparing experimental diffraction data
with the standard (JCPDS) diffraction data. An analysed X-ray diffraction pattern of this creep-
exposed specimen is shown in Figure 5.2.3. The identified phases were an austenitic y-matrix,
y"-gamma double prime, d-phase: Niz (Nb, Ti, Al), Nb-enriched and Ti-enriched MC type

carbides, and M23Cs (Cr-enriched).
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5.2.4 Precipitate Morphology and Location

The precipitate morphology and its precipitation location in creep exposed
specimen S9980 are discussed in this section. A backscattered electron (BSE) SEM micrograph
of specimen S9980 in Figure 5.2.4 shows the precipitate morphology and its locations. The
precipitates found in S9980 specimen were needle type Nb-enriched §-phase in two-near

orthogonal directions, and Nb-, Ti- and Cr-enriched precipitates.

Figure 5.2.4: Backscattered scanning electron micrograph of creep-exposed specimen S9980.
Inset micrograph shows Ti-enrich precipitates. Cr- and Nb-enriched precipitates are found

intra- and intergranually in the creep-exposed specimen.

EDX spectra were acquired from these precipitates indicated high-Z and low-Z phases
are enriched in Nb, Cr and Ti, respectively. The identified phases from the XRD analysis were
M23Ce-type Cr enriched phase, M(C, N)-type Ti & Nb enriched phase and needle shaped

precipitates of 5-phase. The precipitates were found intra- and intergranually in the alloy. The
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morphology varied from symmetric to totally asymmetric. The elemental composition of the

precipitates was measured by EDX and is listed in Table 5.2.4.

Table 5.2.4: Typical composition of identified phases and austenitic matrix in S9980 specimen
by EDX (wt. %)

Austenitic y-Matrix Ni-24.3Cr-10.7Mo-2.5Fe-12.7Nb
M23Ce Cr-4.1Mo-20.6Ni-1.4Fe-3.8Nb
d-phase (needle shape) Nb-45.3Ni-18.1Cr-15.6Mo-1.2Fe
Ti (C,N) Ti-17.1Cr-28.9Ni-11.5Nb-6.2Mo
NbC Nb-8.4Mo-1.9Ni-0.8Cr-1.8Ti

The precipitation hardening phase of y" in the creep-exposed specimen S9980 was
identified but the morphology of this hardening phase was different from the ‘as-received’
IN625. The shape and size of the y” precipitates were circular to thin ellipsoidal discs and
an average size of 12.3+6.2nm, in S9980 specimen. The size of the Cr-enriched (M23Cs)
precipitates varied in size from 0.01pm to 3um. The size of the Ti-enriched [Ti (C, N)]
precipitate varied from 0.5pum to 2.5um. The size of the Nb-enriched (NbC) precipitate
varied from 0.1pum to 20pm. The size of the 8-phase (needle shape) was of varying size and
the largest one observed was of grain size in length. The precipitate morphology and locations

are listed in Table 5.2.4.1.

Table 5.2.4.1: Precipitate morphology and location in $9980 specimen

Precipitates Morphology
Specimen ID Precipitate Area
p location Phases Size Shape fraction
(%)
Circular To
" Thin
Throughout Y 5-26nm Ellipsoidal 3.2
Creep-exposed the matrix Discs
(650°C/33,000 o-phase <1-23um | needle shape 13.6
Hrs/Intermediate (orthogonal)
Intra- and 0.5-
stress) _ Ti (C,N) regular to 0.02
inter- 2.5pm totally
granularly, MysCe 0.01-3pum irregular 0.64
near to twin geometry
boundaries NbC 0.1-20um 16.1
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The Ti-enriched phase, TiN was randomly distributed in the matrix. The identified
phases in XRD were confirmed the precipitates of Cr-rich, Ti-rich, Nb-rich and needle shaped
precipitates as M33Cs type carbides, Ti (C, N) type carbo-nitrides, NbC type carbides and d-phase
respectively. Carbides were present in the matrix and at the grain boundaries. A series of
discrete carbides along the grain boundaries were also observed. The blocky particles are

mainly composed of niobium, as similar to the as-received IN625.

5.2.5 Transmission Electron Microscopy (TEM) Observations

The creep-exposed S9980 specimen was analysed using analytical transmission electron
microscopy and the results are presented in this section. The precipitates of different phases,
shown in Figure 5.2.4; were further confirmed using selected area electron diffraction patterns

and energy dispersive X-ray (EDX) analysis, in the TEM, as discussed for previous specimens.

o-phase lath

Figure 5.2.5: BF-TEM micrograph of creep-exposed S9980 shows the dislocation structure,
and dislocation-particle interaction in austenitic y- matrix. Laths of the 6- phase can be

observed in the micrograph.
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The microstructure consisted of y-austenitic matrix, y”-phase, NbC carbides, Mz3Cs
carbides and TiN phase. These precipitates were mainly located at the prior austenite grain

boundaries and sub-grain boundaries.

The morphological geometries of these precipitates are discussed in the following
subsections. A large number of distributed dislocations resulted from the creep deformation
and typical precipitate-dislocation interactions with regular and irregular precipitates were

observed in this creep-exposed alloy.

5.2.5.1 Gamma Double Prime (y")

Figure 5.2.5.1 shows TEM micrograph of fine y” precipitates. The reflections

from y"” and their indexed SAEDP are shown in Figure 5.2.5.1b.

B =Z =[001]

Figure 5.2.5.1 (a) BF-TEM micrograph shows y"; (b) the indexed selected area electron
diffraction pattern (SAEDP) from y"~ precipitates. The beam direction and zone axis were along B
=Z=[001].

The beam direction and zone axis were shown in Figure 5.2.5.1b {B=Z= [001]}. Their random
dispersion strengthened the disordered FCC austenitic gamma (y) matrix. The y” precipitates
coherent interfaces are in orientation relationship with y -matrix as (100) matrix-y || (100) ¢

[010] {matrix-y} || [010] {7
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5.2.5.1 (a) Volume fraction of Gamma Double Prime

The volume fraction of gamma double prime was estimated in a similar way as
discussed in the previous section. The shapes of the y” precipitates found in this specimen were
thin ellipsoidal discs or thin lens shaped particles and the average size was 12.3£6.2nm.
The volume fraction of gamma double prime in this specimen was estimated to be

approximately 3.2%, which is smaller than that observed in the ‘as-received’ IN625.

5.2.5.2 TiN

Figure 5.2.5.2 shows BF-TEM micrograph of TiN precipitate, in this creep-exposed
specimen. The indexed diffraction pattern (SAEDP) from TiN precipitate is shown in Figure
5.2.5.2b. The Beam direction and zone axis were along [112] direction. EDX confirmed the
precipitate in Figure 5.2.5.2 is enriched in Ti relative to the grain. The size of the blocky TiN rich

phase in Figure 5.2.5.2a was 0.5um.

311

B=2Z=[112]

Figure 5.2.5.2: (a) BF TEM micrograph shows morphology of TiN precipitate; (b) The indexed
selected area electron diffraction pattern (SAEDP) from TiN precipitate (a), Beam direction

was along B=Z= [112].

5.2.5.3 M25Cs
The approximate of M»3Cs¢ precipitate composition was found to be Cr-6.7Ni-4.4Nb-

21.1Mo (wt. %). The discrete particles of M33Cs at the grain boundaries were found to influence
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the high temperature properties of the alloy through pinning grain-boundary sliding. A

precipitate of M23C¢ is shown in Figure 5.2.5.3a. The indexed SAEDP is shown in Figure 5.2.5.3

(b).

202
SO >

202 220

B=2Z=[111]

Fiure 5.2.5.3: (a) BF TEM micrograph shows M33Cs precipitate near to the 3-phase. (b) The
indexed selected area electron diffraction pattern (SAEDP) from M23Ce precipitate is shown.

The beam direction and zone axis were along [111].

5.2.5.4 S-phase

0-phase is a thermodynamically stable phase in IN625 alloy. This phase was found to
occur during the exposure to temperatures in excess of 650°C and leads to degradation in the
creep and strength properties. It is observed that the formation of 5-phases at 650°C and above
is a major consideration in limiting the alloy use to temperatures below 650°C. The
precipitation of intermetallic 3-phase was found to lower the mechanical and creep-rupture
properties. d-phase, [Niz (Nb, Mo)] precipitation was found to occur at Nb and Mo rich carbides
and initiated at Nb and Mo rich grain boundaries and matrix carbides. Figure 5.2.5.4 shows BF-
TEM micrographs of 3-phase laths. Figure 5.2.5.4(b) shows the higher magnification lath, and
stacking faults defects in its structure can be observed in the micrograph. Standard quantitative

analysis from EDX showed that these laths were rich in Nb, Mo Cr and Ni. The width of the laths
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in this specimen was in the range of 100nm to 0.5pum. The long creep duration was believed to

be the reason behind the coarsening of these laths.

Figure 5.2.5.4: (a) BF-TEM micrograph shows the laths of 3-phase, inset shows the SAEDP of 5-

phase. (b) BF micrograph shows the §-phase laths at higher magnification.

5.2.5.5 NbC
Figure 5.2.5.5 shows the NbC carbide in this creep-exposed specimen and the indexed
SAEDP acquired from it. The quantitative analysis of NbC was found to Nb-30.8Ni-9.4Mo-2.6Cr
(wt. %).
NbC carbides were found intra- and intergranularly in the creep-exposed specimen.
They were of different morphology from the irregular to symmetric of varied size range from

100nm to 15um.
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(b)

110 000

110
222312

B=Zi=[112]

Figure 5.2.5.5: (a) BF TEM micrograph shows NbC precipitate. (b) The indexed selected area
electron diffraction pattern (SAEDP) from NbC precipitate is shown. The beam direction and

zone axis were along [112].

5.2.5.6 Quantitative Measurements of Dislocation density

The arrays of dislocations near to the precipitates are shown in Figure
5.2.5.6. The dark lines in the micrograph are dislocations. The dislocation density (number of
dislocations that intersect a unit area of a random surface section) was measured by the method

discussed in the previous section 5.1.4.5.

The dislocation density in this creep exposed specimen S9980 was estimated as 19.7+
4.8 x 1013 lines/m2. The standard deviation for the measurements was 4.8. The value is higher
than the as-received IN625 by order of 10. Typical values of 74 (number of extinction fringes), &

(extinction distance for that g vector and accelerating voltage) and t (foil thickness) are listed in

Table 5.1.4.3.

Table 5.1.4.4: Typical values for ng, &, t and pa

g & (A) at 200kV t(4) pd (lines/m?)
5 299.25 1246.24 19.7 X 1013
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Figure 5.2.5.6: BF TEM micrographs illustrating (a) dislocation structure, precipitates particle,

dislocation-particle interaction and dislocations piled up.

The characteristics of dislocations are important with regard to the mechanical properties of
alloys. These include strain, temperature, and dislocations ability to multiply. During the
deformation, the number of dislocations increases dramatically. The existing dislocations are
the important source for the new dislocations; furthermore, grain boundaries, as well as
internal defects, and surface irregularities act as dislocation formation sites during deformation.
The specimen S9980 was exposed for longest duration at 650°C and the dislocation density was

found higher by an order of 10 from the ‘as-received’ specimen.

| 169



Chapter 5 | S9976

5.3 ‘Creep-exposed specimen’ (S9976) (650°C/ 1000HTrs)

The solution-annealed IN625 specimen was creep tested at 650°C in air under a uniaxial
high tensile load. This specimen ID: S9976 fractured after 1,000 hours of creep duration. The

area reduction was measured from the fractured specimen as 12.7%.

5.3.1 Grain Morphology

In this section metallographic observation of grain structure and its
morphology in creep-exposed specimen S9976 is discussed. The optical microstructure of the

creep-exposed specimen is shown in Figure 5.3.1.

Figure 5.3.1: Optical micrograph of grain structure of gauge length, observed in specimen

(S9976) after creep test at 650°C. A typical cell structure and grains can be observed in

the micrograph after 1000 hours of creep exposure.

The ‘creep-exposed’ S9976 specimen showed an equiaxed austenite y-
grain structure. The austenitic grain size varied from a minimum of 45pum to a maximum of

233um, with an average size of 104.7um. The ASTM grain size number was in the range of 3-4.
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Very fine slip lines were observed in the micrograph. The slip line spacing was not able to be
resolved in this specimen. A summary of the morphology of grains and grain boundaries is

listed in Table 5.3.1.

Table 5.3.1: Summary of Grain/Grain Boundary Morphology
Creep- Grain Morphology VHN(Hv/20)
exposed re—— A ASTM GB
( Hrs/l{ligh range grain size g{:;ré size No. | Head | GL | morphology
stress) (“’m) (I’Lm)
45 to 233 104.7 Equiaxed 5-6 320 433 Flat

The substantially high average value of hardness of 433Hv in the gauge length was
believed to be due to the extensive precipitation of phases from the thermal and strain effects.
The lower value of average hardness of 320Hv in the head was only from the thermal effect and
minimal effect from strain. The hardness value observed in this S9976 specimen was higher
than the hardness observed in the S9980 specimen. Specimen S9980 was exposed for the
longest duration of 33,000 hours. It can be concluded that strain played an important role in

increasing the hardness value, by enhancing the precipitation kinetics.

5.3.2 Fractography

The failure mechanism of the creep fractured specimen S9976 was
analyzed using scanning electron microscopy. Fractographs of creep failed specimen, S9976 are
shown in Figure 5.3.2. The failure mechanism was mixed mode of fracture, intergranular and
transgranular. Grain boundary creep cavitation (arrowed) and spherical chromium carbides
precipitates are shown in Figure 5.3.2. The failure mechanism of this exposed specimen was
further confirmed by optical microscopy of a polished cross-section of the fractured surface.
Figure 5.3.2b shows the spherical chromium precipitates in this specimen, forms during the heat
treatment and favours due to lower surface energy in its formation. The direction of loading is
perpendicular to the wedge crack. The open cracks intruded inside the specimen to a depth of

50 to 345um.
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Figure 5.3.2: SEM micrographs show mixed mode of (intergranular & transgranular) creep

-_——

failure in specimen S9976. Some area of microstructure shows transgranular fracture. Grain
boundaries decohesion and spherical precipitates of chromium carbides can be observed in

the micrographs. The direction of loading is perpendicular to the wedge crack propagation.

5.3.3 Phase Identification

An analysed X-ray diffraction pattern of creep-exposed S9976 specimen is
shown in Figure 5.3.3. The phases were identified by the analysis of the XRD traces as
austenitic y - matrix, y”- gamma double prime, d-phase: Niz (Nb, Ti, Al), Nb-enriched and Ti-

enriched MC type carbides, and M23Cs (Cr-enriched).
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Creep-exposed IN625 (S9976: 650°C/ 1000 Hours / High Stress)
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Figure 5.3.3: X-ray diffraction pattern from Br; dissolved extracted residues of creep-

exposed S9976 specimen.

5.3.4 Precipitate Morphology and Location

The precipitate morphology and their location of precipitation in creep
exposed specimen S9976 are discussed, in this section. Figure 5.3.4 shows BSE-SEM micrograph
of precipitate morphology in creep-exposed specimen S9976. The precipitates found in this
specimen were laths of Nb-enriched phase located in the grain interior, Nb-, Ti- and Cr-enriched
precipitates. The precipitates were identified as M23Cs-type Cr enriched phase and M(C, N)-type
Ti- and Nb-enriched phase and lath precipitates of d-phase. Their morphology varied from

regular to totally irregular.
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SEM Mag: 1200x —ee 20 UM

Figure 5.3.4: Backscattered scanning electron micrographs of creep-exposed S9976 specimen.
(a) BSE micrograph shows the laths of &-phase. (b) Micrograph shows location of Cr- and Nb-

enriched precipitates near to the grain boundary. (c) Micrograph shows the Ti-enriched

precipitates located intergranually and at grain interior.

The elemental composition of the precipitates was measured by EDX and is shown in Table

5.3.4.

Table 5.3.4: Typical composition of phases and austenitic matrix in creep-exposed specimen
S9976 by EDX (wt. %)

Austenitic y-Matrix Ni-20.3Cr-15.7Mo-2.5Fe-18.7Nb
M33Ce Cr-13.1Mo-20.6Ni-1.2Fe-13.8Nb
Laths of 3-phase Nb-45.3Ni-18.1Cr-15.6Mo-1.2Fe
Ti (C,N) Ti-19.5Cr-20.9Ni-11.5Nb-11.2Mo
NbC Nb-8.1Mo-0.8Ni-0.3Cr-1.5Ti
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The precipitate morphology and their locations, in creep-exposed S9976 specimen are

listed in Table 5.3.4.1.

Table 5.3.4.I: Precipitates morphology and location in ‘creep-exposed’ IN625 specimen
Precipitates Morphology

Specimen ID Precipitate Area
p location Phases Size Shape fraction

(%)

Throughout - };l 5-48nm discs 4.3

the matrix “bhase 10-200pm lath shape 15.3

Creep-exposed (laths)
(650°C/1000 Intra- and Ti (C,N) 0.5-2.5um | Regular to 0.04
Hrs/High stress) inter- totally
granularly, M23Cs 0.01-2pm irregular 0-47
twin NbC | 0.1-15um | 8eometry 183
boundary

The shape and size of the y” precipitates were circular to thin ellipsoidal discs and
of average size 21.448.1nm. The size of the Cr-enriched (M23C¢s) precipitates varied from
0.01pm to 2pm. The size of the Ti-enriched [Ti (C, N)] precipitate varied from 0.5pm to
2.0pum. The size of the Nb-enriched (NbC) precipitate varied from 0.1pm to 15um. The size
of the &-phase (laths shape) is varying and the largest one is of grain size in length. The
precipitates were confirmed by the XRD as Cr-rich, Ti-rich, Nb-rich and lath shaped precipitates
were M23Cs type carbides, Ti (C, N) type carbo-nitrides, NbC type carbides and &-phase

respectively.

5.3.5 Transmission Electron Microscopy (TEM) Observations

The microstructural evolution in creep-exposed specimen S9976 was
analysed using analytical transmission electron microscopy. The precipitates were further
identified using selected area electron diffraction patterns and energy dispersive X-ray

spectrometry (EDX), in TEM.
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Figure 5.3.5: BF-TEM micrograph of ‘creep-exposed’ IN625 alloy illustrating dislocation

structure, on the precipitate.

The microstructure consists of y-austenitic matrix, y”, NbC carbides, laths of 3-phase,

intergranular precipitates of M23Cs (M = Cr, Mo, Co) and Ti (C, N).

5.3.5.1 Gamma Double Prime (y"')

The metastable ¥ phase found in S9976 specimen, has complex body-
centered-tetragonal DOz crystal structure. Figure 5.3.5.1 shows TEM micrograph of y”
precipitates and their indexed selected area electron diffraction pattern. The reflections from y”
are shown in Figure 5.3.5.1b. The beam direction and zone axis are shown in Figure 5.3.5.1b

{B=Z=[112]}. The average size of y" was 21.4+8.1nm.

5.3.5.1 (a) Volume fraction of Gamma Double Prime

The volume fraction of gamma double prime precipitates was estimated as discussed in
previous sections. The shape of the y" precipitates was thin ellipsoidal discs or thin lens
shaped particles and their average size was 21.448.1nm. The estimated volume fraction of
gamma double prime in this specimen S9976 was 4.3%, which was smaller than that observed

in the ‘as-received’ IN625 specimen.
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B=2Z=[112]

Figure 5.3.5.1 (a) Bright field (BF) TEM micrograph showing the y"’; (b) Selected area electron
diffraction pattern (SAEDP) from y"~ precipitates. The beam direction and zone axis are along B
=Z=[112].

5.3.5.2 TiN

The Ti-enriched precipitates in this specimen (noted in Figure 5.3.4) were

identified as TiN.

indexed selected area electron diffraction pattern (SAEDP) from TiN precipitate (a), The

beam direction was along B=Z= [112].

Figure 5.3.5.2 shows BF-TEM micrograph of a TiN precipitate in the creep-exposed

specimen S9976. The indexed SAD pattern acquired from the blocky TiN precipitate is shown in

| 177



Chapter 5 | S9976

Figure 5.3.5.3b. The beam direction and zone axis were along [112] direction. The size of the

blocky TiN phase in Figure 5.3.5.3a was 0.5um.

5.3.5.3 M23Ce
The evolution of M;3Cs precipitates were discussed in previous sections. The
approximate composition of M23Cs precipitate was found to Cr-13.1Mo-20.6Ni-1.2Fe-13.8Nb
(wt. %). The precipitate of M23Cs is shown in Figure 5.3.5.3. The indexed SAEDP is shown in

Figure 5.3.5.3 (b).

000 292

20 220

P ~ B=2Z=[111]

Figure 5.3.5.3: (a) BF-TEM micrograph shows the M3Cs precipitate. (b) The indexed

selected area electron diffraction pattern (SAEDP) from M23Cs precipitate. The beam

direction and zone axis were along [111] direction.

5.3.54 S-phase
It was observed that the thermodynamically stable &-phase forms at the expense of
metastable ¢ on the exposure to high temperature in the alloy IN625. The formation of
intermetallic 3-phase was found to detrimental to the long term creep properties in this alloy
(Shankar et al 2001). Figure 5.3.5.4 shows the BF-TEM micrographs of the laths of &-phase.
Figure 5.3.5.4b shows the high magnification laths. The elemental quantitative analysis from
EDX shows that these laths were rich in Nb, Mo Cr and Ni. The width of the laths in this

specimen was in the range of 20nm to 80nm, which is smaller that that seen in specimen S9976.
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The width of laths was smaller due to short duration of 1000 hours exposure in this specimen

S9976.

i#i,

O-phase lat

»

Figure 5.3.5.4: (a) BF-TEM micrograph shows laths of &-phase, inset shows the SAEDP of o-

phase. (b) BF micrograph shows 3-phase laths at high magnification.

5.3.5.5 NbC
Figure 5.3.5.5 shows the NbC carbide in creep-exposed specimen S9976

and the indexed SAEDP acquired from it.

. 011
_110‘121
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Figure 5.3.5.5: (a) BF-TEM micrograph shows NbC precipitate. (b) The indexed selected area
electron diffraction pattern (SAEDP) from NbC precipitate. The beam direction and zone axis

were along [111].
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The elemental quantitative analysis of NbC was Nb-8.1Mo-0.8Ni-0.3Cr-
1.5Ti (wt. %). The precipitate was found to occur intra- and intergranularly in this specimen
S9976. The precipitates were found to occur in different morphology from irregular to regular

of varying size range from 100nm to 15pm.

5.3.5.6 Quantitative Measurements of Dislocation density

The array of dislocations and precipitate-dislocation interactions is
shown in Figure 5.3.5.6. The similar dislocation measurement technique was used as discussed
in previous sections. The dislocation density was estimated as 14.6% 7.8 x 1013 lines/m2., which
is higher than observed in ‘as-received’ IN625 and specimen S9980. This specimen was exposed

for only short duration of 1000 hours at 650°C under a high stress.

Figure 5.3.5.6: BF TEM micrograph shows dislocation structure, and precipitate in the creep-

exposed specimen S9976.

Typical values of 7y (number of extinction fringes), & (extinction distance) and t (foil thickness)

are listed in Table 5.1.4.3.
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Table 5.1.4.4: Typical values for ng, &, t and pa

g & (A) at 200kV t(4) pd (lines/m2)
5 299.25 1346.24 14.6 X 1013

Summary

Precipitation of type MC (M=Nb, Mo), MN (M=Ti), metastable precipitates of y”, equilibrium &-

phase and M23Cs carbide phases were observed in both creep-exposed S9980 and S9976

samples. The precipitates were found of varying fractions in both samples. It was observed that

the metastable y” phase is transformed to orthorhombic d-phase upon creep exposure.

However, -phase also form directly from the supersaturated solid solution on ageing at high

temperature.
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Nimonic 263 is a nickel-based alloy that has good welding properties. The main
strengthening phase in this alloy is y" with M3C¢ particles on the grain boundaries and TiN, n-
phase precipitates within the grains and on the grain boundaries. This chapter presents results
of microstructural observations on the samples that were detailed in chapter 3. The aim of the
work in this chapter was to establish how creep at varying temperatures and stresses affected
the evolution of precipitates. The microstructural work has been confined to optical and
FEGSEM observations, TEM and EBSD have not been performed owing to time constraints and

the large number of samples.

6.1 Grain Morphology

In this section the metallographic observations of the grain morphology and structure
for the ‘as-received’, thermal and creep exposed Nimonic 263 samples are discussed. The ‘as-
received’ sample was solution-annealed at 800°C/ 8 Hrs/ AC after solutionization for 1150°C/ 2
Hrs/ WQ. The solution annealed samples were machined for creep tests. The creep tests were
conducted at 725 and 775°C in air under a uniaxial load. Table 6.1.1 gives the main results for
grain size range and average, grain shape, grain boundary morphology and hardness for all the

thermally exposed alloys studied.

Table 6.1.1: Summary of Grain/Grain Boundary Morphology, ASTM grain size No. and Hardness

Thermal- Grain Morphology L
exposed AST.M VHN Grain
. ) ) grain boundary
Samples Grain-size | Avg. grain Grain sive No. (Hv/20) morphology
range (um) | size (um) shape
As-received 2510470 54 Equiaxed 10-11 305.6+14 Flat
Parentpipe | 43885 90.3 Equiaxed | 5-6 283.8+8 | Flat& wide
as-hardened
Parzgz(l;‘pe 14t0 427.6 118.7 Equiaxed 5-6 | 337.8+12.3 | Flat& wide
Weld as- 16 to 340 75.0 Equiaxed | 5-6 278.8+4 Flat
hardened
Weld aged 40 to 145 97.5 Equiaxed 5-6 310+14 Flat
NO ,
(Hardened) 10 to 420 88.5 Equiaxed 5-6 284.2+14.7 Flat
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The table shows that the grain size of the as-received alloy is small compared to the parent pipe
and welded pipe samples. The ageing treatment on both the pipe and the weld-pipe increases

the grain size. The hardness also increases for the pipes after the ageing treatments. The

microstructures of the initial alloys are shown in Figures 6.1.1.

5001um

Weld pipe aged NO
Figure 6.1.1: Optical micrographs of ‘as-received’, parent pipe hardened & aged and weld pipe

hardened & aged. Equiaxed grains with twins can be observed in all the samples.
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The micrographs show the equiaxed nature of the different samples. Twins can also be

observed in all the different samples.

Table 6.1.2 shows the effect of creep exposure on the different samples. It can be seen that the

grain size remains relatively constant over the temperatures, creep durations and stresses

studied.
Table 6.1.2: Summary of Grain & Grain boundary morphology, Average grain size, and
Hardness in head & gauge length of creep exposed samples
Grain Morphology VHN (Hv/20) Grain-
Creep-exposed — : : boundar
samples Grain-size Ayg. grain Grain Head | Gauge bl y
range (um) size (um) shape morphology
N1 Equiaxed
(725°C/200 20 to 340 81.5 & 290 345 Flat
MPa/16,172 Hrs) Elongated
N2 Equiaxed
(725°C/230MPa/ 10 to 295 72.5 & 297 351 Flat
7,089Hrs) Elongated
N3
(775°C/200MPa/ 18 to 249.5 65.9 Equiaxed | 292 348 Flat
1232 Hours)
N4 Equiaxed
(775°C/230MPa/ 21to 321 67.2 & 298 357 Flat
645 Hrs) Elongated
SR1
(725°C/286MPa/ 20 to 605 79 Equiaxed | 343 371 Flat
1828 Hrs)
SR3
(725°C/286MPa/ 20to 423 72 Equiaxed | 329 389 Flat
1814 Hrs)
SR4
(725°C/250MPa/ 25t0 323 77 Equiaxed | 325 352 Flat
3529 Hrs)
263-P3
(725°C/286MPa/ 12 to 559 114 Equiaxed | 349 366 Flat
1833 Hrs)
263-W1
(725°C/265MPa/ 32to 534 89 Equiaxed | 313 373 Flat
2376 Hrs)
263-W2
(725°C/265MPa/ 31to423 111 Equiaxed | 325 357 Flat
1988 Hrs)

The grain boundary morphology remains constant as well. The main change that is observed in
the creep exposed samples is an increase in hardness in both the head and the gauge. The gauge

hardness is always greater than the head hardness showing that the additional strain is

| 185



Chapter 6 | Nimonic 263 Alloy

accelerating microstructural precipitation and work hardening in the gauge. It is noticeable that

the grain size in the creep exposed samples is smaller than that of the as-hardened parent pipe

or the weld pipe.

The following section shows the microstructures of the creep exposed samples. The creep

exposed micrographs were found to be equiaxed in SR1 (725°C/286MPa/1828 Hrs), SR3

(725°C/286MPa/1814 Hrs), SR4 (725°C/250MPa/3529 Hrs), 263-P3 (725°C/286MPa/1833

Hrs), 263-W1 (725°C/265MPa/2376 Hrs), and 263-W2 (725°C/265MPa/1988 Hrs). Samples

shown elongated as well as equiaxed grains were N1 (725°C/200 MPa/16,172 Hrs), N2

(725°C/230MPa/7,089Hrs) and N3 (775°C/200MPa/1232 Hours). The higher stresses and

temperatures have played an important role in recrystallization and growth of the grains.

N3(775°C/200MPa/1232 Hours)

N4(775°C/230MPa/645 Hours)
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TSN
S N R

s U el A

SR1 (725°C/286MPa/1828 Hours) SR3 (725°C/286 MPa/1814 Hours)

Figure 6.1.2: The optical micrographs of creep-exposed samples N1, N2, N3, N4, SR1 and SR3
exposed at 725 and 775°C. The loading direction was from left to right.

Precipitates were found to precipitate along the direction of the load in samples SR1 and SR3.

. e -
= b, Ef % s 73 )

AN

e\
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263-W1 (725°C/265 MPa/2376 Hours) 263-W2 (725°C/265 MPa,/1988 Hours)

Figure 6.1.3: The optical micrographs of creep-exposed samples SR4, 263-P3, 263-W1 and 263-
W2 exposed at 725°C.
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They were exposed at 725°C for ever highest stress level of 286MPa. All samples
were exposed to precipitation annealing for 4 to 24 hours at 800°C before creep tests. The
different exposure time was found to effect the precipitation behaviour in all creep exposed

samples. Therefore, samples have shown different microstructure after the creep exposure.

6.2  Fractography

The failure mechanism of creep exposed specimens was analysed using scanning
electron microscopy. The representative fractographs of creep failed samples are shown in
following micrographs. The failure mechanisms in creep failed samples are discussed in this
section. The fracture modes were observed to depend on the creep exposure conditions in all
samples. Samples SR4, N1 and 263-W1 were found to creep failed by intergranular creep
mechanism. Both SR4 and N1 samples exposed at 725°C and were precipitation hardened for 8
hours at 800°C. The rest of all samples were failed by a mixed mode of fracture mechanism:
intergranular and transgranular. However the prominent mechanism observed in all samples was

intergranular fracture mode but there was evidence of a contribution from transgranular failure.

3 Ak Y g : g AccV  Spot Det WD F————1 100 um
"Det WD - 200kV50 SE 75
SE 4.0 last.tif

N1 (725°C/200 MPa,/16,172 Hours) N2 (725°C/230MPa/7,089 Hours)
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6.3 Phase Identification

X-ray diffraction patterns of as-received, thermal and creep exposed
specimens of Nimonic 263 alloys were analysed to identify the phases, as discussed in section
3.5. The identified precipitates in the specimens were y-gamma prime, M23Ce, TiN, p and n-
phase. M»3Cs is referred as in many places in place of Cr-rich precipitate Cr23C¢ as discussed

in the previous sections.

6.4 Precipitate Morphology and Location

Precipitate morphology and locations are discussed in this section. BSE-
SEM micrographs of as-received, thermal exposed and creep exposed samples are shown in
Figures 6.4.1 and 6.4.2, respectively. The precipitates found in the specimens were rich in Ti, Cr
and Mo. The morphology and location of the precipitates in thermal and creep exposed samples
are shown in Table 6.4.1 and 6.4.2 respectively. The precipitates were found intra- and
intergranularly in the alloy. Mo-enriched and Cr-enriched precipitates were found very fine in
size along the grain and twins boundaries in creep exposed specimens N1 (725°C/200
MPa/16,172 Hours), N2 (725°C/230MPa/7,089 Hours), N3 (775°C/200MPa/1232 Hours), N4
(775°C/230MPa/645 Hours), P3 (725°C/286 MPa/1833 Hours), SR1 (725°C/286MPa/1828
Hours), SR3 (725°C/286 MPa/1814 Hours), SR4 (725°C/250 MPa/3529 Hours) and W1
(725°C/265 MPa/2376 Hours). n-phase found in the thermal and creep exposed specimens
were long rod shape of size minimum of 2pum to maximum of 15um and observed near to TiN
precipitates. SR1 and SR3 specimens were creep exposed at 725°C under a uniaxial load of
286MPa after hardened for 4 and 8 hours at 800°C respectively. In both specimens extensive

precipitation were observed along the grain and twin boundaries.
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IAccV  Spot Det WD —————— 20um AccV  Spot Det WD 1 20pum
20.0kv 5.0 BSE 10.7 200kv 5.0 BSE 938

As-received Parent pipe as-hardened

lAccY  Spot Det WD F——— 20 m AccV  Spot Det WD F——— 20um
20.0kV 5.0 BSE 10.3 200kv 50 BSE 938

Parent pipe aged Weld pipe as-hardened

lAccY Spot Det WD 1 20um
20.0kV 5.0 BSE 11.1

Weld pipe aged NO

Figure 6.4.1: BSE-SEM micrographs of ‘as-received’, parent pipe hardened and parent pipe

aged samples.

The MC carbide, rich in Ti and Mo in the form of (Ti, Mo) C was observed in the alloy. The
intragranular MC carbides were cylindrical or equiaxed morphology. The MC carbides phase
was also observed at the grain and twin boundaries. The intergranular precipitates were rich in

chromium and they were mostly M;3Cs carbides.
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AccV Spot Det WD F———— 20um
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263-W1 (725°C/265 MPa/2376 Hours)

263-W2 (725°C/265 MPa,/1988 Hours)

Figure 6.4.2: BSE-SEM micrographs of creep exposed specimens of Nimonic 263 at 725 and

775°C.

Table 6.4.1: Precipitate morphology and location in as-received & thermal exposed Nimonic 263

Specimen Precipitate Precipitates Morphology
ID Location Phases Size Shape
As- Intra- and inter- n-phase, N13T1 3-15].Lm Rods Shape
received granularly Ti (C,N) 5-18um Regular to totally
M23Cs <1-2um irregular geometry
-ph 2-2 L ds sh
P.arent Intra- and inter- m-phase Opm ong rods shape
pipe as- ranularly Ti (C,N) 1-2pum Regular to totally
hardened g M35Cq <1-10pum irregular geometry
n 2-20pm Long rods shape
Parent Intra- and inter- Ti (C,N) 1-2um
. Regular to totally
pipe aged granularly M23Cs <1-10pm .
, irregular geometry
Mo-enriched <0.5-1um
i -ph 5-15
Weld pipe Intra- and inter- u .p ase — Regular to totally
as- ranularl Ti (CN) 4-10pm irregular geometr
hardened 8 y M23Ce <1-5um 8 8 y
-ph 6-10
Weld pipe | Intra- and inter- u _p ase — Regular to totally
Ti (C,N) 6-15um :
aged granularly irregular geometry
M23Ce <lpum
NO Intra- and inter- n-phase 2-4pm Rods shape
granularly Ti (C,N) 5-7um Regular to totally
M,3Ce <1-2um irregular geometry
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Table 6.4.2: Precipitate morpholo

gy and location in creep exposed Nimonic 263 alloys

Specimen | Precipitate Precipitates Morphology
ID Location Phases Size Shape
q n-phase 2-3.5pum Long rods shape
Intra- and inter- :
N1 Ti (C,N) 1-5pm Regular to totally
granularly .
M23Ce <lpm irregular geometry
Mo-enriched <1-1.2pm
_ n-phase 2-2.5pm Long rods shape
N2 Intra- and inter- Ti (CN) 1-3um Regular to totally
granularly ]
M323Ce <1pm irregular geometry
Mo-enriched <0.5-1um
Intra- and inter- | N-phase 1-2.5um
N3 granularly Ti (C,N) 10-15pum Regular to totally
M23Ce <1lum irregular geometry
Along the GB Mo-enriched <lpm
Intra- and inter- | N-phase 2-3pm Regular to totall
N4 granularly Ti (CN) 5-10um nest alr o rorally
M3Ce <1pm Irregular geometry
Along the GB Mo-enriched <lpm
_ n-phase 2-4pum Rods shape
P3 Intra- and inter- Ti (CN) 5-6pm Regular to totally
granularly .
M23Ce <1-2um irregular geometry
Mo-enriched <1pm
_ n-phase 2-3.5um Long rods shape
SR1 Intra- and inter- Ti (C,N) 5-10pm Regular to totally
granularly .
M23C6 <lum irregular geometry
Mo-enriched <1lpum
n 5-12pum Long rods shape
SR3 Intra- and inter- 7 (¢,N) 5-10pm Regular to totally
granularly .
M23Ce <1lpum irregular geometry
Mo-enriched <0.5-1pum
Intra- and inter- | N-phase 1-8pm
SR4 granularly Ti (C,N) 4-8um Begular to totally
Ma3Ce <1lpm irregular geometry
Along the GB Mo-enriched <lpm
Intra- and inter- | N-phase 10-12pm Recular to totall
w1 granularly Ti (CN) 5-10pm . esu alr o totally
MaysCe <1lpm irregular geometry
Along the GB Mo-enriched <lpum
W2 Intra- and inter- | N-phase 8-10um Regular to totally
granularly Ti (CN) 5-15um irregular geometry
M23Ce <1lpm
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Summary

The microstructural work in this chapter has shown that the thermal and creep exposed
samples were differ on grain structure, hardness and precipitation. The hardness of parent pipe
aged and as hardened was higher than that of weld pipe aged and as hardened, however all
samples has equiaxed grain structures. Their average grain size was approximately same. The
creep exposed samples also exhibited the equiaxed grains but a few samples such as N1, N2 and
N4 showed equiaxed as well as elongated grains. The hardness of creep exposed samples was
higher than the thermally aged samples. The precipitates in thermally aged and creep exposed
at 725 and 775°C samples were TiN, M23Cs, Mo-rich phase and n-phase. The TiN precipitates
were blocky in shape and found randomly in the alloy. They are of size in the range from 2-
15um. All the creep exposed samples were found to have n-phase. They were of long rod or
cylindrical morphology and found mostly inside the grains. n-phase and TiN precipitates were
found together in many places in the alloy matrix. However, TiN phase was in large fraction in
as-received alloy. It was found that m-phase was precipitated and grown during the creep
exposure conditions. Mo-rich phase was very fine of size less than 1pum and observed only along
the grain boundaries and near to the large M23Cs phase. The exact nature of the Mo-rich phase as
either p- or MeC will need to be identified in future work. The morphology of this phase was

irregular.
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Chapters 4, 5, and 6 presented the experimental results for each of the different alloys
studied in this thesis. This chapter gives a discussion of the results and the implications of the
findings.

7.1 Discussion for IN617 Alloy

The thermodynamically stable phases that appeared in IN617 at different temperatures
can be predicted from the thermodynamic prediction software programs, Thermo-calc
(Thermo-Calc Software AB, 2006) and JMatPro (Saunders, 2004 & 2008). The thermodynamic
equilibrium phases in alloy IN617 at 650 and 700°C are y’, M23C¢ (Cr-enriched), TiN (Ti-
enriched) and p-phase (Mo-enriched). Figure 7.1.1 shows the predicted thermodynamic

equilibrium phases along with their proportions at different temperatures in IN617.

Thermodynamically Equilibrium Phases in IN617

1.0 ,ITITIT+TI:I:F+7.'.—"7
- | ]
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Figure 7.1.1: Equilibrium compositions of different phases exist in IN617 at different

temperatures obtained from Thermo-calc.
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The experimental results have confirmed the presence of these phases, but p-phase was only
observed for the specimens that had been creep-exposed to longest durations of 45,000 hours
at 650°C (T0008) and at 700°C, in both specimens T0151, exposed for even a short duration of
4,000h and T0154, exposed for 32,000h. A time-temperature-transformation (TTT) diagram can
be obtained from JMatPro software and is shown in Figure 7.1.2. It predicts the different phases
to appear in the alloy in a range of temperature and time domains. The thermodynamic
prediction shows that p-phase appears after 2000 hours at 650°C and it is the last phase to
appear in this alloy. M23Cs and MC phase appear at around 50 hours to 2,000 hours in between y’
and p phases. At a temperature of 650°C and creep durations lower than 2,000 hours, no p-

phase can be seen (Figure 7.1.2).

TTT Nickel Based Superalloy

1200

11001

10001 Wnu©.1%)

@ P_PHASE(D.1%)

W GAMMA_PRIME(0.1%)
OETAD.1%)
EHMC(0.1%)

M M23C6(0.1%)

+ MBC(0.1%)

& M7C3(0.1%)

8001

Temperature (C)

8001

7001

600 . IR,
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Time (h)

Figure 7.1.2: TTT diagram for IN617. C-curves for different phases at volume fraction of 0.1%.

p-phase is not a thermodynamically favoured phase, at lower temperature and time

durations, therefore, in the specimen T0003, which was creep-exposed at 650°C for 574 hours,
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no p-phase would be predicted and none was observed in the microstructural studies. The
thermodynamic prediction shows that the equilibrium phase y” appears after 10 hours to 100

hours at 650°C and it is the earliest phase to appear in the alloy, as observed in Figure 7.1.2.

Figure 7.1.3: p-phase observed in specimen T0151 creep-exposed at 700°C for short durations
of 4,000 hours.

Experimentally, it was found that precipitates of y'were of spherical morphology from 10nm to
70nm in size range and uniformly distributed through-out the matrix. The quantification of v’
content in creep-exposed specimens at 650 and 700°C can be estimated from Thermo-calc and
results are shown in Figure 7.1.4.

The %volume fraction in ‘as-received’ specimen was estimated as approximately 8%
and it was of fine spherical morphology from 10nm to 25nm. On creep-exposure the vy’
precipitates have shown an obvious growth in size range from 10nm to 70nm, the coarsening
depends upon the creep duration and temperature. In all creep-exposed specimens at 650°C, vy
precipitates showed no appreciable change in the morphology, but change was observed in size

of the precipitates.
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Quantification of ' content in creep-exposed specimens at 650°C & 700°C
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Figure 7.1.4: The estimated Y’ volume fraction (%) in different creep-exposed specimens at 650

and 700°C.

This growth of y” precipitates in specimens was consistent with diffusion-controlled
coarsening and was controlled by the volume diffusion of aluminium and titanium in the matrix.
The stable shape of y* precipitates is beneficial to the high temperature strength and creep
properties. However, with an increase in the creep-exposure temperature to 700°C, a
remarkable change in shape occurred; fine spherical y* precipitates took a bigger spherical
shape with substantial increase in number (T0151). This can be observed in specimen T0151,
exposed at 700°C. The %volume fraction in specimen T0151, creep-exposed at 700°C for 4,000
hours durations was estimated as approximately 6.7 %, which is lower than the ‘as-received’
specimen. This sample showed y” precipitates morphology, can be observed in Figure 7.1.5, as
spherical shape, and of size range from 15 to 50nm. The cuboidal shape precipitates also found

in the sample and they are of titanium carbo-nitride particles (SADP confirmed it).
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Figure 7.1.5: y" morphology in specimen T0151 creep-exposed at 700°C for 4,000 hours. The

morphology of spherical can be observed in the TEM micrograph.

The hardness of all creep-exposed specimens was higher than for the ‘as-received’ specimen.
The thermally exposed head regions of the samples had lower hardness than the gauges that
had been exposed to both stress and temperature. All specimens showed an extensive network
of precipitates in both the grain boundaries that were decorated with fine M33Cs (Cr-rich)

precipitates, and the grains themselves.

Figure 7.1.6 shows the hardness variation profile of creep-exposed samples at 650 and
700°C from 574 to 45,000 hours. The hardness increases substantially in the head and gauge
length from the as-received samples. The high hardness value in head and gauge regions from
the as received sample is due to precipitation, dislocations and particle-dislocation interactions.
Further, the high hardness value along the gauge length from the head regions is due to
extensive precipitations and dislocation density during the exposure effect of temperature and

strain.
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Creep-exposed IN617 Samples; Ageing Heat-treatment: 670°C/ 10 Hrs/ AC
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Figure 7.1.6: Hardness profile of creep-exposed samples at temperature 650 and 700°C. The
variation shows that hardness in the head regions is the effect from thermal whereas high value

of hardness along the gauge is the combined effect of thermal and strain.

Sample TO008 sample showed highest value of hardness along the gauge length after
45,000 hours of creep exposure. The reduction in area was approximately 17% lowest among
all the samples. In this sample extensive precipitation of carbides was observed. The increase in
hardness in the head regions from the as-received arises from precipitation of M23C¢ rather than
gamma prime, whose volume percent decreases, observed from the thermo-calc studies. The
further increase in hardness of the gauge length compared to head is possibly due to work

hardening (increase in dislocation density) and extensive precipitations.

Precipitates of M23Cs and TiN/TiC were found to have varying morphology and there
was no straight-forward relationship between the morphology of precipitates and their

composition. It was observed that the area fraction of M23Cs carbides increases over the
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exposure time in the head and gauge region of the specimens. The rises in hardness observed in
the head and gauge of the specimens are contributed by the precipitation of M23Cs carbides and
also, due to fine precipitation of Ti (C, N) carbo-nitrides. A secondary hardening effect was also
observed from the y” precipitates, dispersed throughout the matrix.

Time-temperature parameters have been devised to assist in correlating and
extrapolating stress-rupture data. One particularly useful stress-rupture parameter is the
Larson-Miller parameter (Larson and Miller, 1952) given by the Equation 7.1.1. Here, the LM

parameter relationship is used to correlate the hardness.

LM = T[Cyy + logt,] /1000 (7.1.1)

where T is the absolute temperature, CLv is 20, independent of the material. t; is rupture time in
hours. A correlation of the hardness along the head and gauge region, with the Larson-Miller
parameter is shown in Figure 7.1.7. This figure shows the curve fitting for the hardness value
along the gauge length and head at 650 and 700°C. The graph shows that the hardness value for

the gauge length increases and for the head remains constant with creep duration.

Correlation of Hardness with Larson-Miller Parameter in IN617
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Figure 7.1.7: Graph shows the correlation between the hardness along the thermally exposed
head regions and stress and temperature exposed gauge regions, and the Larson-Miller

parameter, for IN617 alloys.
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Another correlation of the dislocation density with the Larson-Miller parameter is shown in
Figure 7.1.8.Here the graph shows that the dislocation density remains constant after the long

creep exposure.

Correlation of Dislocation density with Larson-Miller Parameter in IN617

10
© g TO003 (650°C/574 Hours)m

< 8-
E

B

£ 6

=

B

5

T 44

IS T0151 ( 700°C/4000 Hours)m

®

8 .

B 24 TO008 (650°C/45,000 Hours)
a .

, As-received, IN617 TO154 (700°C/32,000 Hours) *Not measured
[ J
T I T I T [ T 1
19 20 21 2 23

Larson-Miller parameter, LM=T[C  + Iogtr]*10'3

Figure 7.1.8: Graph shows the correlation between the dislocation density measured in gauge

region of specimens exposed at 650 and 700°C, and the Larson-Miller parameter.

The Larson-Miller approach is a useful tool for comparing creep data at different times and
temperatures but care has to be taken that there are not large changes in the creep mechanisms

which could be caused by e.g. differences in diffusion rates at different temperatures.

Creep fracture mechanism observed in creep exposed specimens (T0003 & T0008) for 650°C
were intergranular creep mechanisms. Although for 700°C creep exposure temperature, in
specimens (T0151 & T0154); there was some evidence of a transgranular contribution to the

creep failure mechanism.
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7.2 Discussion for IN625 Alloy

The thermodynamic equilibrium phases in alloy IN625 at different temperatures with their
composition is shown in Figure 7.2.2. The equilibrium phases in alloy IN625 at 650°C were
gamma double prime (y'"), M23Ce (Cr-enriched), TiN (Ti-enriched), NbC (Nb-enriched), and delta
(8) phase. Thermodynamic prediction showed that at 650°C gamma double prime (y") phase is

a metastable phase and its stable form is 5-phase.

Thermodynamically Equilibrium Phases in IN625
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Figure 7.2.1: Equilibrium compositions of different phases exist in IN625 at different

temperatures obtained from Thermo-calc.

The experimental results have confirmed the presence of these phases at 650°C for short and
long durations. A time-temperature-transformation (TTT) diagram was obtained from JMatPro
and is shown in Figure 7.2.2. The TTT diagram shows the appearance of phases in the alloy after
different durations at different temperatures. The thermodynamic prediction shows that the
equilibrium phase y" appears after 20 hours to 150 hours at 650°C and it is the earliest phase to

appear in the alloy, as shown in Figure 7.2.2. The y"' precipitate has an ordered body-centered
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tetragonal DOy, structure and it gets transformed to the orthorhombic &-phase upon exposure

to creep.
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Figure 7.2.2: TTT diagram for IN617. C-curves for different phases at volume fraction of 0.5%.

It was observed that y" precipitates were of circular and thin ellipsoidal disc morphology of size
varying from 5 to 48nm and the precipitates were uniformly distributed through-out the matrix.
The quantification of the y” content in creep-exposed specimens at 650°C is estimated from
Thermo-Calc and shown in Figure 7.2.3. The TTT diagram (Figure 7.2.2) shows that 3-phase
appeared in the alloy after 1000 hours of exposure. On prolonged exposure all y" precipitates
get transformed to thermodynamic stable &-phase. The volume fraction of y" in specimens
S9980 & 59976 were observed as 3.2% and 4.3% respectively. The lower % of y" in S9980 was
to its longer exposure to 33,000 hours at low stress. d-phase was observed in both creep
exposed specimens S9980 & S9976 but it was not observed in as-received IN625. However, the

8-phase in S9980 was thicker than the S9976.
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Figure 7.2.3: The estimated y" volume fraction (%) in different creep-exposed specimens at

650°C.

It was observed that the growth of &-phase in both specimens was consistent with diffusion

controlled coarsening and was controlled by the volume diffusion of niobium, molybdenum,

titanium and aluminium. It was observed that the hardness in the gauge length of specimens

S9980 and S9976 were 403 and 433Hv/20. The lower hardness value in S9980 was due to the

coarsening of the &-phase, expected as the duration of exposure was longest.

Figure 7.2.4 shows the variation of hardness along the head and gauge length in the

creep-exposed sample. A substantial rise in hardness value was observed in head and gauge

length from the as-received sample. A rise in hardness in head regions of the sample is due to

precipitation of phases and a further rise in hardness in gauge region is due to precipitation as

well as work hardening.
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Figure 7.2.4: Hardness profile along head and gauge length in the creep-exposed samples of

IN625.

A correlation was made between the hardness along the gauge and head regions and the

Larson-Miller parameter (equation 7.1.1), is shown in Figure 7.2.5.
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Correlation of Hardness with Larson-Miller Parameter ( IN625)
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Figure 7.2.5: Graph shows the correlation between the hardness in head and gauge length, and

the Larson-Miller parameter, for creep exposed IN625 alloys.

The correlation in the figure shows the hardness in the gauge length decreases from a
high value in sample exposed for 1000 hours to a constant value after 33,000 hours and remains
constant for further longer exposed conditions. This was expected because of the coarsening of
d-phase from a thin needle shape to a wider lath. However head region shows the rise in the
hardness and remains constant for the longer exposed conditions. Another correlation between
the dislocation density and the Larson-Miller parameter is shown in Figure 7.2.6. This graph
shows that rise in the dislocation density and remains constant for the longer exposure

conditions.
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Correlation of Dislocation density with Larson-Miller Parameter ( IN625)
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Figure 7.2.6: Graph shows the correlation between the dislocation density measured in gauge

length of the specimens S9980 and S9976 exposed at 650°C, and the Larson-Miller parameter.

The fracture mechanism observed in both creep exposed specimens S9980 and S9976 were

of a mixed mode creep mechanism.

7.3 Discussion for Nimonic 263 Alloy

Thermodynamic calculations were performed to predict the phase stability in this alloy.
Figure 7.3.1 shows all the predicted equilibrium phases and their mole fractions at each
temperature. The formation of n phase is detrimental to the mechanical properties. In Figure
7.3.1 it can be observed that the weight fraction of y' and n phase varied inversely. It was found
that the n phase was precipitated by the consumption of y'. Therefore, before the creep tests, the
alloy was precipitation-annealed at 800°C for 4-8 hours, to promote the formation of y’. The
experimental observations have confirmed the presence of these phases. The major precipitates

were TiN, M23Cs, Mo-enriched and n-phase.
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Figure 7.3.1: The equilibrium phases and their mole fractions at each temperature in Nimonic

263.

It was observed that n-phase had thin plate and needle shape morphology. Very fine M23Cs and
Mo-enriched precipitates were observed intergranularly in all samples. The MC carbides, rich in

Ti and Mo in the form of (Ti, Mo), were also observed in the samples.

Summary

The microstructural work has shown that the phases present in the alloys correspond closely to
thermodynamic predictions. Once the deleterious brittle phases of either mu phase (IN617 and
625) or eta phase (Nimonic 263) form, the mechanical properties of the alloys degrade and
creep fracture occurs. Thus, any strategy to optimise the mechanical properties of these alloys
for power plant alloys needs to aim to prevent the nucleation and growth of these phases by
careful control of the alloy chemistry. Thermo-calc and JMatPro give a useful insight into the

precipitation of the different phases.
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Chapter 8 Conclusions & Future Work

Optical microscopy, scanning electron microscopy and transmission electron microscopy
have been used to study the phase precipitation and microstructural evolution in Ni-base
superalloys IN617, IN625 and Nimonic 263. There are two areas in particular where this thesis
makes a new contribution to the literature in that I have found no previous report of either
dislocation densities for these alloys or p-phase precipitates.

The experimental observations on phase precipitation and microstructural evolution in

creep-exposed alloys are summarized as follows:

I. IN617

Prior to creep-exposure, the grain morphology of the ‘as-received’ IN617 sample was
equiaxed. Creep exposure led to a significant change in the grain morphology. Elongated
grains were observed in the specimen exposed to 700°C.

The hardness increases substantially in the head and gauge lengths the as-received sample.
The hardness in the head arises from precipitation of mainly M23Cs carbides rather than
gamma prime.

The rise in hardness along the gauge length observed in the creep-exposed samples was
associated with the additional precipitation in the matrix and at the grain boundaries,
during creep-exposure. The major precipitates at temperature 650°C were v, M23Ce and
TiN. In the creep-exposed samples, precipitates were randomly distributed throughout the
matrix. After a long duration of creep exposure at 650°C, p-phase was found to
precipitate. The major precipitates at 700°C were y’, M23Ce, TiN and p-phase. The work
hardening due to increase in dislocation density was the also contributed to increase in

hardness in the gauge length.
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iv.

Vi.

vii.

viii.

ix.

Xi.

xii.

xiii.

Precipitates were found to have varying morphology from a regular to an irregular
morphology.

It was observed that M;3Cs increased in volume fraction over time and expected to
contribute to strength of alloy.

Main solid solution strengthening (SSS) elements are Cr (22%) which goes into M»3Ce
and p-phase, and Co (12%) and Mo (9%) which go into p-phase.

p-phase was by far the largest contributor to the reduction in SSS. Thermodynamically,
it precipitates out very late. Only seen in 45000 hour sample at 650°C. Predicted to
reach >8% vol fraction if given time to completely precipitate out.

p-phase was found to nucleate near to the grain boundary carbides. p-phase had a
globular morphology and its structure was found with stacking faults and twins.

The precipitation strengthening phase was y’, whose volume fraction was ~8% in the
as-received IN617 alloy. The morphology of y° precipitates was spherical in ‘as-
received’ and in the creep-exposure samples the morphology was spherical. The y’
precipitates were found to increase in diameter from an initial diameter of 10nm to
final 65nm after creep exposure.

Gamma prime and TiN were expected to precipitate out quickly in first 10-100 hours
but normally found in as-received sample. Gamma prime has largest observed volume
fraction of any precipitate in 4-8% range and smallest in size so probably the only
possibly significant contributor to precipitate hardening.

Coarsening of gamma prime would increase the creep rate, even if their smaller volume
fraction.

Thermodynamic trend indicated a decrease in gamma prime and increase in TiN. TiN
particles showed large (1-10pm) and fairly stable in size. Size and volume fraction were
too small to contribute to precipitate hardening

Creep failure occurred at 650°C usually by an intergranular creep mechanism although

for higher temperature creep exposure there was some evidence of a transgranular
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Xiv.

XV.

XVi.

Xvii.

Xviii.

Xix.

XX.

XXi.

xxii.

xxiii.

contribution to the creep failure mechanism. A higher exposure temperature led to
extensive grain boundary cavitation.

The dislocation density in the creep-exposed samples was of the order of 1013lines/m?.
Slip (dislocation motion) was the deformation mechanism in the IN617 alloy.

Average grain size is not seen to change much over time at 650°C. There probably grain
growth suppressed by GB precipitates (M23Cs). Grain size determines growth rate of
M23Cs as requires Cr to diffuse from inner grain to boundary.

Elongated grains were observed at 700°C after 4000h, with a drop in grain size and also

fine equiaxed grains were observed in some regions after 32000h.

II. IN625

A complex microstructural evolution was observed in IN625 after creep-exposure tests.
Creep tests led to the significant changes in the microstructure. The grains were decorated
with needle shaped orthorhombic 8-phase.

The morphology of the 8-phase was needle-like and consisted of thin plates oriented in two-
near orthogonal directions.

The volume fraction of precipitation strengthening phase v” in the as-received alloy was
observed to be approximately 8%. The morphology of y” was observed to transform from
an irregular morphology to a thin disc after creep-exposure. On prolonged exposure this
phase transformed to the thermodynamically stable &-phase.

The creep failure mechanism observed in both creep exposed specimens S9980 and S9976
was a mixed mode, intergranular and transgranular creep mechanism.

The dislocation density in the creep-exposed samples was of the order of 1013 lines/mz2.

Twinning and slip were the deformation mechanisms in the IN625 alloy.
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XXiv.

XXV.

XXVi.

XXvil.

XXviii.

III. Nimonic 263

The major precipitates were found to be TiN, Mz3Cs, Mo-enriched precipitates and n-
phase.

n-phase was found to occur with TiN precipitates and of long rod morphology of size
20um.

Mo-enriched precipitates were very fine in size less than 1pum and found along the grain
boundaries and also, near to the large M»3C¢ precipitates.

MC carbides rich in Ti and Mo in the form of (Ti, Mo) C were found in the creep-exposed
alloys.

M23C¢ precipitates were observed mostly along the grain boundaries.
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Suggestions for future work

The phases identified in the thermal and creep exposed Nimonic 263 specimens were Ti, Cr
and Ti-Ni enriched. An extensive transmission electron microscopy is required to identify their
exact nature of phases in the thermally and creep exposed Nimonic 263 alloys. It was observed
that carbon extraction replica is one of the promising TEM specimen preparation techniques
which enabled help in this study to identify the exact mechanism of transformation of vy’ to TiN.
Thus, it would be appropriate to analyse a satisfactory number of extracted replicas in the TEM
to find the exact phase transformation mechanisms for Nimonic 263. EBSD maps are required to
map the grain orientations and morphology in the creep exposed alloys particularly for the
alloys exposed at high temperature for long durations.

p-phase was observed in IN617 after long durations at 650°C and at 700°C, and since it is a
detrimental TCP phase, it degrades the creep properties by either or both loss of solid solution
strengthening elements from the matrix, and crack initiation through brittle p-phase
precipitates. The modelling on thermodynamics of IN617 alloy shows that p-phase is a
dominant grain boundary precipitate. However, the thermodynamic calculations do not account
for effects of strain; since the strains during the creep have considerable effect on the
precipitation in terms of formation kinetics and volume fractions. Future work on modelling
could be undertaken to study the predictions calculations by better understanding the
transformation kinetics of the p-phase, in the alloy. The following parameters could be
considered for an improved thermodynamic model.

e The grain morphology and grain boundary structure,
e Combined effects of strain, time and temperature,

e Precipitate transformation kinetics

This thesis forms part of a wider TSB project on modelling the microstructural evolution
of nickel-based superalloys for undertanding the microstructure of these alloys for long term

application in steam power plant. The nature of the data collected in this thesis has been to a
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large extent defined by the required inputs to the modelling programme. It is clear that any
model of microstructural evolution in power plant alloys needs to take account of the dominant
strengthening mechanism, i.e. the role of the solid solution strengthening in IN617 and IN625 as
well as the role of the precipitates and changes to grain size and morphology. The dislocation
densities and role of p-phase have given important guidance to the development of the

complementary microstructural models.
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