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ABSTRACT 

The Effect of Heat Treatment on the Embrittlement of Dissimilar Welded Joints 

Michael F. Dodge 

 

In oil and gas transportation systems, austenitic nickel alloy filler metals are 

deposited on low alloy steel forgings, to form dissimilar welded joints.  An example is 

the joint between forged hubs and linepipes used in subsea operations. A buttering 

technique is used, allowing the steel forging to be post weld heat treated (PWHT) before 

an offshore closure weld is carried out. Many years of successful service has been 

achieved; however high profile failures have occurred within the fusion zone of the 

ferritic forging and nickel alloy buttering, due to hydrogen ingress. 

 

To investigate the embrittlement mechanisms, a programme of microstructural 

characterisation, environmental performance testing, strain measurements, and 

fractography was conducted. Two forging materials were compared: i) F22, a 2.25wt% 

chromium, low alloy steel, and ii) 8630, a low alloy forging steel with a higher carbon 

content than the F22. The forgings were buttered with Alloy 625; an austenitic weld 

metal. The effect of PWHT on microstructure evolution and fracture resistance was 

studied by applying heat treatments to the as-welded specimens. Slow strain rate 

notched bend tests, within a simulated marine environment, were conducted to rank the 

resistance to fracture. Strain evolution during PWHT was measured using neutron 

diffraction.   

 

Microstructural examination of the dissimilar welds clarified a tri-modal split in 

the mechanical properties between as-welded, heat treated, and ‘over-aged’ samples. 

Modelling of carbon diffusion across the fusion boundary revealed the extent of phase 

precipitation during PWHT. In the as-welded samples interfacial failure was dominant 

due to disbonding at the fusion boundary, whilst in ‘over-aged’ samples, failure 

occurred by linking cracks at M7C3 precipitates. A competitive failure mechanism was 

proposed: the optimal heat-treatment of dissimilar joints can be predicted by examining 

the competing mechanisms of heat-affected zone tempering, residual stress reduction, 

and diffusion-controlled precipitate formation. 
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CHAPTER 1. Introduction to Subsea Dissimilar Joints 

There are a number of scenarios where the joining of two dissimilar metals provides 

engineering advantages. Within the petrochemicals and power generation industries, 

dissimilar welds take advantage of the unique mechanical properties of both alloys, 

theoretically resulting in a cost-effective component that doesn’t compromise on service life.  

The application of dissimilar welds in these industries is extensive and ranges from simple 

overlaying of Cr-Mo alloy steel with Ni-based fillers in waterwall tubing in power boilers to 

the welding of austenitic stainless steels in power plants to improve high temperature creep 

and thermal-fatigue resistance [1]. 

The oil and gas industry routinely uses dissimilar welds, in part due to the corrosive 

nature of the environments in which the components lie, but also due to the multitude of parts 

that need to be connected where flanged connections are impracticable.  Typical applications 

of a dissimilar weld include cladding of ferritic components to improve corrosion resistance 

or transition joints between flowlines, valves and manifolds, the latter of which is the 

principal focus of this work. 

Within subsea architectures the manifold is a control component that plays a crucial role 

in joining of multiple wells to flowlines and risers.  This allows for the mass transfer of 

water, gas and chemicals whilst minimising the number of fatigue susceptible risers.  A 

schematic of a typical subsea oil and gas field is shown in  

Figure 1-1.  In-field flowlines (green) connect each cluster of well-heads. Water lines 

(blue) are used to pump water back into the reservoir.  Gas injection flowlines (red) can act in 

a similar manner, recirculating gas flow back into the well in order to maintain oil pressure at 

the well head.  Control umbilical cords (white) feed information such as pressure, 

temperature and flow rate back to the rig whilst also controlling various valves on the sea 

floor. 
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Figure 1-1 - Diagram of a typical subsea oil and gas field.1 
 

The image also shows a number of manifolds, each connected to a group of 

surrounding ‘Christmas trees’- well-capping components located above subterranean pipes. 

These are shown in greater detail in Figure 1-2. 

                                                 
1
 Images courtesy of Total E&P Nigeria 
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Figure 1-2 - Schematic of a subsea manifold surrounded by Christmas trees. 
 

 

Whilst large components such as production jumpers and manifolds arrive offshore in 

a pre-assembled condition, shipping limitations require a certain amount of final assembly 

including the welding of linepipes to forged low alloy steel (LAS) manifold hubs.  Simply 

welding the high hardenability hub to the leaner alloy steel pipeline could create brittle zones 

as well as a stress mismatch caused by the differences in coefficients of thermal expansion.  

As a result a two stage welding process is employed, together with an intermediate post weld 

heat treatment (PWHT).  In the first stage, the LAS forging (e.g. AISI alloy 8630) is welded 

using nickel based filler metals (such as ERNiCrMo-3, ‘Alloy 625’) using a buttering 

preparation.  PWHT of the forging is then carried out onshore in order to relax residual stress, 

temper martensite that has formed at the interface, and return ductility to the weld heat 

affected zone (HAZ).  Following PWHT, the buttering is bevelled, enabling a closure weld to 
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be performed offshore to join the hub to the lower hardenability linepipe (e.g. X or F-65).  

The positioning of the bevel is such that the closure weld HAZ lies entirely within the heat 

treated austenitic layers, and thus no further PWHT is required. 

 As a means of corrosion prevention of the ferritic parts, structures of this type are 

subjected to cathodic protection (CP) using aluminium based sacrificial anodes mounted to 

the manifold frame.  Whilst CP has proven successful as a means of preventing corrosion of 

the steel components, failures along the dissimilar metal interfaces have been observed [2], 

[3]. It is thought that the positioning of the sacrificial anodes too close to the dissimilar joints 

can create an over-potential, resulting in the evolution of hydrogen.  Hydrogen that is 

absorbed by the metallic components readily diffuses through the structure where it may 

accumulate in plastically deformed regions and interfaces between different microstructures.  

The effect of hydrogen in metallic systems is well documented [4]–[6] it is known to reduce 

ductility, resulting in hydrogen embrittlement (HE) and premature failure of components.   

In order to gain a deeper understanding of the above, the research presented herein took a 

multifaceted approach; that of characterisation, thermodynamic modelling and mechanical 

testing. Study is carried out on two specimen types: retrieved ex-service joints and those 

fabricated specifically for investigation of PWHT.   

The joints retrieved from subsea service are 8630 low alloy steel, buttered with Alloy 

625.  Using microanalysis techniques, these are analysed in order to establish the properties 

typical of an industry standard joint. 

 The joints fabricated specifically for investigation of PWHT were provided in the as-

welded condition and were the focus of characterisation, environmental performance testing 

and residual stress measurements by neutron diffraction.  The three joints are as follows: 

 8630 (AISI 8630) -Alloy 625 (ERNiCrMo-3) 

 F22 (ASTM A-182 F22)-Alloy 625 (ERNiCrMo-3) 
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 F22 (ASTM A-182 F22)- 309 (ER 309LSi) 

Heat treated 8630-Alloy 625 dissimilar joints are known to be problematic subsea as shown 

by a number of in-service failures. As a result of this a greater emphasis is placed on this 

particular dissimilar metal weld.  The specified compositions for the parent and weld metals 

are given below, note that all compositions stated in this thesis are expressed as weight 

percentages: 

Table 1 – Specified nominal compositions (wt%) of the components of the three 
dissimilar weld combinations 

 

  

8630 (AISI 8630) F22  (ASTM A-182 ) 309 (ER309LSi) Alloy 625 (ERNiCrMo-3)

C 0.28-0.33 0.08-0.15 max 0.03 0.01-0.1

Mn 0.70-0.90 0.30-0.60 1-2.5 0.125-0.5

Ni 0.40-0.70 0.5 max 12-14 >58.0

Cr 0.40-0.60 2.0-2.50 23-25 20.0-23.0

Mo 0.15-0.25 0.90-1.10 max 0.75 8.0-10.0

Si 0.15-0.30 0.15-0.50 0.65-1.0 0.125-0.5

Nb - - - 3.15-4.15

Fe Bal. Bal. Bal. 5.0 max

Parent metals Weld metals
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CHAPTER 2. Processing, Microstructures and Embrittlement of Dissimilar 

Welded Joints 

 Dissimilar welding is considerably more complex than the welding of similar 

materials, and is characterised by large compositional gradients and microstructural changes 

across the fusion boundary.  These localised variations result in interesting and varied 

chemical, physical and mechanical properties within the fusion zone. Problems experienced 

when joining dissimilar materials are not limited to those experienced in the unwelded 

materials; instead they may arise from any of the possible alloying combinations experienced 

when mixing the filler and parent metals.  The primary considerations in the successful 

commissioning of a dissimilarly welded component include [7]: 

i. General alloying problems 

ii. Widely different melting points 

iii. Differences in coefficients of thermal expansion 

iv. Differences in thermal conductivity 

v. Corrosion problems, such as galvanic corrosion, oxidation, hydrogen cracking, 

and sensitisation. 

The above points are examined in regard to both the microstructures that arise immediately 

after welding, and during subsequent post weld heat treatment.  

2.1  Microstructure of dissimilar welded joints 

Fluid flow and solidification are important considerations in the discussion of fusion 

welding.  Fluid flow affects the shape and solidification of the weld pool, and solidification 

affects the microstructure, properties and defects of the completed weld [8]. Within this 

subsection, the fusion zone of dissimilar welds is considered, beginning with the heat affected 

zone microstructure that forms after the passing of a welding torch. A review of the opposing 
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weld metal fluid flow and microstructure is then presented, followed by an assessment of 

compositional gradients that exist between the two sides. 

2.1.1 Microstructure in the HAZ of dissimilar joints 

The temperature field produced by travelling distributed heat sources across a metal 

surface can create complex microstructural morphology in the base metal heat affected zone 

(HAZ).  The thermal cycle in arc welding consists of rapid heating (hundreds of degrees per 

second), followed by relatively fast cooling (of the order of tens to hundreds of degrees per 

second).  Microstructural change in the HAZ is dependent on the heating and cooling rates, 

which in turn are determined by the welding heat-input; the thickness of the part being 

welded, geometry and interpass temperature are also important considerations [9].  Rosenthal 

first presented calculations for the heat distribution of a travelling heat source [10], using  

HAZ measurements to inform his theoretical calculations, forming  the basis of subsequent 

studies of heat flow in welding [11].  Clearly, as microstructural changes in the HAZ are 

dependent on the welding thermal cycle, the morphology and size of the HAZ is consequent 

to the welding process used.  The subsequent microstructural changes will directly affect not 

only the mechanical properties, such as strength of weldment, but also the corrosion 

resistance. 

 The HAZ can be divided into a number of sub-zones depending on the material being 

welded.  These are illustrated in Figure 2-1 for the case of 0.3wt % carbon steel. The HAZ of 

a ferritic base metal may consist of microstructures indicated in Figure 2-1b, including a 

coarse grained HAZ, fine grained recrystallized zone, intercritical HAZ, partially transformed 

‘spheroidised HAZ’ and the recrystallized or tempered HAZ. 

 The coarse grained region is present due to the elevated temperature beyond the 

austenitic transformation temperature.  In this region the high temperature causes previously 
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ferritic grains to transform to austenite and coarsen, resulting in a region with larger grain 

size than further into the HAZ.  In the same way, the fine grained HAZ undergoes a 

transformation, as it exists within the face-centred cubic austenite phase region, Figure 2-1c.  

However, the extent of coarsening within this region is reduced due to the shallower 

temperature profile experienced at this point in the parent metal. 

 

Figure 2-1 - Microstructure formation as a result of a passing welding torch. a) Weld 
pool showing different solidification modes; b) HAZ microstructure corresponding to c) 
the iron-carbon phase diagram calculated using Thermo-calc.  Adapted from [12]–[15]. 

 

 Each of the subzones corresponds to an altered microstructure, a result of the different 

thermal histories that each respective point has experienced.  Importantly, this means the 

mechanical properties of each heat affected subzone will be different.  Subzone width is 
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determined by the thermal cycle and on the pre-welding microstructure, from thermo-

mechanical processing of the workpiece. For example, the recrystallization behaviour will be 

different in a material that has previously been annealed, compared to one which is cold 

worked.  The extent of new grain growth is therefore dependent on the prior grain size and 

the presence of precipitates, the solubility of which changes with temperature.  Similarly, it is 

important to consider HAZ regions that have experienced a temperature greater than the 

ferrite-austenite transformation temperature of 723°C (A1), whereupon transformation to 

brittle martensite is possible during cooling.  It is due to the formation of martensite that post 

weld heat treatment is applied - by reheating the base metal to below the A1 temperature, the 

martensite is tempered, reducing the susceptibility to embrittlement.  

 In buttered joints (those of interest to hub forging applications), the HAZ is further 

complicated by the use of multiple welding passes.  By using multiple passes, refinements in 

microstructure, reductions in residual stress and improvements in toughness are possible. An 

illustration of a cross section of a weld bead is shown in Figure 2-2a.  The HAZ of the weld 

shows typical microstructures that are illustrated in Figure 2-1, including a coarse grained, 

fine grained and intercritical zone.  With each subsequent weld pass, Figure 2-2b, the thermal 

cycle effectively grain refines (normalises) part of the previous weld metal, resulting in 

recrystallised coarse, and recrystallised fine grained zones.  As a result, with each welding 

run, the heat input is decreased in order to reduce new grain growth.  The annealing effect of 

subsequent passes extends the cooling time by acting as weld preheating, which also acts to 

reduce residual stress. 
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Figure 2-2 - Comparison of microstructures in a) a single bead; b) a multiple pass weld. 
Adapted from [16], [17]. 
 

 With multiple passes, only a small amount of the HAZ is exposed to the highest peak 

temperatures during both weld passes, therefore, multi-pass welding acts as a method of mild 

heat-treatment.   If a large number of weld beads are used, there is a greater fraction of 

reheated weld-metal, whereas fewer (larger) runs tends to increase the amount of 

recrystallized weld [15].  By increasing the volume of grain refined weld metal, a higher 

notch toughness is achieved, possibly as a result of the removal of segregation effects, such 

as columnar grain boundary carbides [18].  

2.1.2 Weld metal microstructure 

 HAZ microstructures that form in the unmolten parent metal are presented in Figure 

2-1, which also illustrates a number of typical dissimilar weld solidification morphologies. 

These morphologies may be explained with reference to solidification modes of transparent 

organic materials with similar behaviour to metals, such as those given in Figure 2-3. In the 

first instance, Figure 2-3b, a planar solid liquid (S-L) interface is observed, a common mode 

of solidification in pure metals without severe undercooling.  In the second image, Figure 

2-3c, the planar S-L interface has broken down into a cellular solidification front.  
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Figure 2-3 –Illustration of common solidification modes, a) factors controlling the 
growth mode during the solidification of liquid metals. Adapted from [19]; b) planar 
solidification of carbon tetrabromide [20]; c) cellular solidification of carbon 
tetrabromide with a small amount of impurity [20]; d) columnar dendritic solidification 
of carbon tetrabromide with several percent of impurity [20]; e) equiaxed dendritic 
solidification of cyclohexanol with impurity [21]. 
 

 As the solidification boundary continues, the grains grow in a columnar fashion, 

followed by equiaxed dendritic growth, Figure 2-3d and e.  Competitive growth between 

neighbouring columns of dendrites may result in relative size changes, but as a general rule, 

the weld metal grain size is determined by the grain size of the solid metal at the fusion 

boundary.  Whilst the solidified weld metal has a primary grain structure, the individual 

grains have a substructure that results from microsegregation.  Microsegregation substructure 

is determined by the form the solidification front takes, which in turn is influenced by the 

solute content of the liquid weld metal. Substructure is also determined by a solidification 

parameter that is equal to the temperature gradient, G (in the direction of solidification), 

divided by R, the rate of advance of the solidification front. These factors, and their influence 
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on the mode of solidification are illustrated in Figure 2-3a.  As shown, for a fixed solute 

content, a decrease in the ratio of G/R is accompanied by a higher likelihood for dendritic 

solidification.  For especially high solute contents, the possibility of planar and cellular 

growth is reduced. 

 A succinct review of the constitutional supercooling theory behind the breakdown of 

the stability of the planar front is given in [13], although a more complex theory also exists, 

that of interface stability by Mullins and Sekerka [22]–[24].  The constitutional supercooling 

theory was first described by Rutter and Chalmers [25] and described quantitatively by Tiller, 

Jackson, Rutter and Chalmers [26].  The Mullins-Sekerka interface stability theory considers 

the interface kinetic and heat transfer aspects, as well as the thermodynamic aspects of the 

constitutional supercooling theory.  The latter is considered, due to its relative simplicity, and 

having been verified with experimental results [27]–[34].  The theory predicts the conditions 

required for the breakdown of a planar S-L interface in alloys with isotropic surface energy, 

as follows. 

 The temperature difference across a fusion boundary layer is the equilibrium 

temperature range, ΔT = TL-TS, where TL and TS are the liquidus and solidus temperatures 

respectively.  The thickness of the boundary layer at steady state is approximately DL/R, 

where DL is the diffusion coefficient of the liquid and R is the growth rate of the interface.  

The slope of the tangent to the liquidus temperature distribution is thus  ΔT/(DL/R) or 

RΔT/DL. For a stable planar S-L interface, the actual temperature gradient, G, at the S-L 

interface must be at least RΔT/DL.  The steady state ‘criterion for planar growth’ is therefore 

defined as: 

𝐺

𝑅
≥

𝛥𝑇

𝐷𝐿
 

Eqn. 1 
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According to the equation, if a high temperature gradient, G, exists at the same time as a low 

growth rate then there is a higher propensity for a stable planar growth front.  Likewise, if a 

high freezing temperature range exists, ΔT, together with a low diffusion coefficient, DL, then 

it becomes more difficult to maintain steady growth of the planar S-L interface.  

 With increasing constitutional supercooling, the solidification mode will transition 

from planar, through to equiaxed dendritic solidification.  The effect of constitutional 

supercooling on the mode of solidification is given in Figure 2-4.  The region where the 

dendrites and liquid co-exist, called the mushy zone, is labelled ‘M’ in the diagram.  With 

very wide mushy zones it may become easier for equiaxed dendrites to nucleate, than for 

existing columnar dendrites to grow across the whole mushy region. 
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Figure 2-4 – The effect of constitutional supercooling on the mode of solidification. a) 
planar; b) cellular with illustration of S-L interface; c) columnar dendritic; d) equiaxed 
dendritic. S, L and M denote solid, liquid and mushy zones, respectively.  Adapted from 
[13] 
 

Solidification mode can vary from weld to weld dependent on the welding process used, 

however it can also change within a single bead.  This phenomenon is explained using Figure 

2-5, which shows the relationship between growth rate, R, and the welding speed, V.  The 

distance a point within the weld pool travels in the normal direction, n, within a small time 

interval, dt, is: 

𝑅𝑛𝑑𝑡 = (𝑉 𝑑𝑡) 𝑐𝑜𝑠 𝛼 = (𝑅 𝑑𝑡) 𝑐𝑜𝑠(𝛼 − 𝛽) 
Eqn. 2 
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Which, after division by 𝑑𝑡 cos(𝛼 − 𝛽), becomes: 

𝑅 =
𝑉𝑐𝑜𝑠 𝛼

cos (𝛼 − 𝛽)
 

Eqn. 3 
 

Where ∝ is the angle between the welding direction and the normal to the pool boundary, and 

𝛽 is the angle between the welding direction and the growth direction of a dendrite at the 

point (which is <100> in fcc and bcc metals) [35].  If the difference between 𝛼 and 𝛽 is 

neglected (at cos 0° = 1) then Eqn. 3 will become: 

𝑅 =  𝑉 cos 𝛼 

Eqn. 4 
 

 

 

Figure 2-5 – a) Relationship between growth rate, R, and the welding speed, V.; b) 
Variation in temperature gradient, G, and growth rate, R, at the weld pool boundary. 
Adapted from [13]. 
 

As shown in Figure 2-5, α = 0° at the weld centreline, whereas at the fusion boundary it will 

be 90°.  Thus, the rate of solidification at the fusion boundary is RFL= 0, whilst at the 

centreline, RCL, it will be at its maximum, RCL = V.  The maximum distance from the pool 

boundary,  TL to Tmax, is at the centreline of the weld, arising due to the travelling welding 

torch, which creates an elongated weld pool.  As a result, the temperature gradient GCL, 
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which is normal to the pool boundary at the centreline, is less than that at the fusion line, GFL.  

Therefore, GCL < GFL and RCL >> RFL, thus: 

 

(
𝐺

𝑅
)

𝐶𝐿
≪  (

𝐺

𝑅
)

𝐹𝐿
 

Eqn. 5 
 

With reference to the factors controlling solidification growth mode, Figure 2-3a and Eqn. 5 

suggests an increased likelihood for equiaxed dendritic solidification of the weld metal at the 

centreline, compared to the side of the weld pool fusion boundary. 

 An otherwise circular weld pool becomes elliptical and then teardrop shaped as the 

speed of the travelling welding torch is increased.  The trailing portion of a teardrop shaped 

pool meets at a small, rounded point, creating two approximately straight lines at the pool 

boundary. Any columnar grains that are growing arrange perpendicular to the straight lines, 

hence the columnar grains also appear straight. The same phenomenon is seen in an elliptical 

shaped weld pool, however columnar grains curve from the fusion line towards the trailing 

portion of the pool boundary in order to maintain the perpendicular growth relationship. 

 Axial grains are those that are elongated with the welding direction, appearing in the 

middle of the solidified weld bead.  They can initiate from the fusion boundary, and continue 

along the length of the weld, blocking columnar grains from growing and meeting at the 

centreline of the weld. Like the other columnar grains, axial grains also grow perpendicular to 

the trailing portion of the pool boundary.  The trailing portion of an elliptical weld pool has a 

greater area that is aligned perpendicular to the axial direction, therefore a wider band of axial 

growth is seen, compared to a teardrop shaped pool, Figure 2-6. Axial grains have been found 

in aluminium alloys , austenitic stainless steel and iridium alloys [13]. 
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Figure 2-6 - The effect of welding speed on columnar grain structure in weld metal. a) 
High speed, no axial grains; b) high speed with axial grains; c) low speed without axial 
grains; d) low speed with axial grains. Adapted from [13]. 
 

2.1.3 Segregation in dissimilar welds. 

 Solute redistribution during cooling may result in microsegregation - segregation that 

occurs at the length scale of cell or dendrite arm spacings [36].  Macrosegregation, on the 

other hand, is segregation in far larger regions, such as may occur if weld pool mixing is 

incomplete.  In multiple-pass dissimilar welding, macrosegregation can still occur if weld 

pool mixing is complete in each pass, this is due to the first weld bead having a different 

mixed composition to subsequent beads which are stacked on top [37]. 

Macrosegregation has been shown to occur in dissimilar welds in a number of different 

material combinations and welding processes [38]–[40] which can result in degradation of the 

quality of the weld. The work of Yang and Kou [39]–[44], has been instrumental in the 

understanding of four dissimilar weld macrosegregation mechanisms.  In the first two 

mechanisms, verified using dissimilar Al and Cu welds, macrosegregation is described near 

to the fusion boundary.  The filler metal mixes completely with the bulk weld pool, yet a 

stagnant or laminar flow layer of liquid base metal still forms at the weld pool boundary, 

solidifying without complete mixing with the filler.  
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Mechanisms three and four relate to the weld bottom, well within the fusion boundary, in 

which the filler metal mixes only partially with the bulk weld pool, solidifying near to the 

bottom of the weld. For simplicity, the case of similar welding is described first. 

With the exception of severe undercooling, in arc welding the melting front is at the 

liquidus temperature of the base metal TLB, and the solidification front is at the liquidus 

temperature of the weld metal TLW.  Because of weak convection near the weld pool 

boundary, in part because of the ‘no-slip’ fluid flow condition, a stagnant or laminar flow 

layer is found at the leading portion of the pool boundary. In fluid dynamics, the ‘no-slip 

condition’ states that the velocity of a moving liquid is zero at the interface with a stationary 

solid wall [45].  Since this liquid layer is composed of base metal, it begins to solidify from 

TLB.  The trailing portion of the weld pool is at TLW, as it is contained predominantly in 

surrounding weld metal, except when near the fusion boundary where it switches to TLB 

because of the presence of the liquid layer.  In similar welding, the base and filler metals have 

the same composition, hence the liquid boundary layer solidifies into a beach of the base 

metal composition.  The similarity in composition also means that TLW = TLB = TL, where TL 

is the liquidus temperature of the alloy.  In this case, the trailing part of the pool boundary is 

isothermal up to the fusion boundary, and therefore no macrosegregation occurs. 

 In dissimilar welding, the liquidus temperature of the weld metal, TLW can either be 

higher or lower than that of the base metal, TLB, depending on the composition of each.  

Because of this, the stagnant or laminar flow layer at the pool boundary may begin to solidify 

at TLB as opposed to TLW, as is the case in the bulk weld pool.  The boundary layer may then 

solidify as a filler-deficient ‘beach’ because of little or only partial mixing with the weld 

pool, whereas further towards the top of the pool, good mixing may be achieved.  The 

dissimilar welds of interest to this study are such that TLW < TLB, the macrosegregation 

mechanisms relating to this condition are therefore reviewed.  
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Figure 2-7 –Complete mixing throughout the weld pool with a dissimilar filler metal that 
makes TLW < TLB. a) weld pool and b) bottom of weld pool.  Both images illustrate a 
vertical longitudinal cross-section.  Adapted from [43]. 

 

Figure 2-7a shows a longitudinal cross-section of an elliptical shaped weld pool. The pool 

is elongated in the welding direction, as a result of the travelling welding torch.  A detailed 

view of the bottom of the pool, under the assumption of complete mixing of the dissimilar 

filler metal with the base metal throughout the weld pool is given in Figure 2-7b.  The filler 

metal causes the solidification front to shift backwards (opposite to the welding direction), 

from TLB to TLW [42].  This means that the region of weld metal in front of the solidification 

front, TLW, is below the liquidus temperature of the base metal, TLB.  A region of solid and 

liquid, termed the ‘mushy zone’, is where solidification then takes place, between the weld 

liquidus temperature and the eutectic temperature, TE.  In this scenario, the weld is 
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macroscopically homogeneous, however microsegregation still exists at the dendrite-arm 

scale.  Not depicted in the Figure 2-7b is the mode of solidification, which is an important 

consideration in this thesis.  Theoretically, however, if solidification proceeds initially in a 

planar manner, before breaking down into cellular and dendritic modes (Figure 2-3), then 

composition gradients may still exist due to solute segregation during cooling. 

In Figure 2-8, the proposed mechanism for the formation of a filler deficient zone (FDZ) 

is illustrated, under the TLW < TLB conditions.  The FDZ is described as ‘the region in the 

weld metal where the contribution from the filler metal is less than in the bulk metal’ [43].  

As before, a stagnant or laminar flow layer exists at the front of the weld pools.  In the first 

condition there is no diffusion between the liquid parent metal and the bulk weld pool, Figure 

2-8a.  The bulk weld pool begins to solidify at TLW, whereas the layer of liquid base metal 

solidifies at TLB.  By welding with a dissimilar filler metal, isothermal conditions are no-

longer present.  The weld metal ahead of the TLW front (beginning of mushy zone), is below 

TLB due to the fact that TLW < TLB.  At the same time, the layer of liquid base metal near to 

the pool boundary, solidifies and forms a filler deficient beach of the base metal composition, 

termed the ‘unmixed zone’ [46].  Whilst the filler deficient beach illustrated in Figure 2-8a 

appears uniform, fluctuations in the heat input, for example, can result in discontinuities 

along the weld length [43].  
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Figure 2-8 - The mechanism for formation of filler deficient zones (FDZ) when TLW<TLB 
with a) no diffusion between the liquid base metal and bulk weld pool; b) diffusion and 
c) diffusion and convection. Adapted from [39], [42]. 
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 In the second instance, Figure 2-8b, elemental diffusion occurs between the bulk 

molten metal within the weld pool and the liquid base layer adjacent to the pool boundary.  

Inevitably, a composition gradient will exist between the two liquids.  In the same way as in 

the no diffusion condition, a filler-deficient beach forms through solidification of the base 

metal, however in this instance a graded composition is found between the beach and bulk 

weld metal.  If the liquid layer is particularly thin at the pool boundary, or if the solute is such 

that fast diffusion takes place, then the composition gradient may extend through the 

thickness of the layer.  As a result, the filler-deficient beach will not contain an ‘unmixed-

zone’ as in the previous case.   

The more complex case of a weld pool with significant convection is illustrated in Figure 

2-8c.  Convection currents are able to transport the liquid base metal into cooler regions, for 

example towards the rear of the pool, on the condition that a velocity component parallel and 

opposite to the welding direction exists.  The liquid weld metal ahead of the solidification is 

below TLB, meaning that if liquid base metal is swept into such a region, it may begin 

freezing quickly, without significant mixing with the bulk liquid weld pool.  

The strength of weld pool convection is central to the formation of islands and peninsulas 

that are filler-deficient.  In the case where a cross-section for microscopy is prepared, such a 

peninsula may manifest as a swirl or island, yet is connected to the base metal in the third 

spatial dimension (i.e. subsurface to the area being examined).  In general, the peninsulas 

tend to be oriented parallel to the fusion boundary due to the direction of convection currents, 

which transport the liquid base metal to the cooler area, just ahead of the mushy zone. 

For the condition where TLW<TLB, the greater the liquidus temperature range between the 

weld and base metal, the wider the cool region ahead of the solidification front.  This 

effectively creates more room for the liquid base metal to solidify amongst the liquid weld 



23 

 

metal, without a high degree of mixing.   There is therefore an increased likelihood for a thick 

filler deficient zone to form when TLW is reduced, relative to TLB. 

 

Figure 2-9 – Longitudinal cross-section illustration of the mechanism for 
macrosegregation formation caused by partial mixing of the dissimilar filler metal, in 
which TLW<TLB.  Adapted from [44] 

 

 Figure 2-9 illustrates the case of weld bottom macrosegregation [44], where the 

addition of filler metals makes TLW < TLB.  The liquidus temperature of the partially mixed 

filler, TLF’, is close to the liquidus temperature of the filler metal, TLF, near to the fusion 

boundary (where TLF’ << TLB).  Similarly, TLF’ is close to TLW near to the bulk weld pool, 

which also has a lower temperature than the liquidus of the base metal.  It follows that for the 

case where TLW < TLB, the liquidus temperatures are: TLF < TLF’ < TLW < TLB. Referring to 

Figure 2-9, the trailing solidification front is at TLW, due to compositional homogeneity.  At 

the weld-bottom however, the solidification front is at TLF’, because the filler metal is 
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partially mixed.  It solidifies creating a filler rich zone at the bottom of the weld.  Again, at 

the leading edge, the no-slip boundary condition may create a stagnant or laminar flow layer.  

As already stated, TLF’ << TLB, and this creates a wide region at the bottom of the pool where 

the temperature is between the two.  With the addition of convection, the liquid base metal 

layer can be swept into the cooler region, freezing quickly before completely mixing with the 

bulk weld pool.  Therefore the solidified weld may exhibit ‘streaks’ or ‘swirls’ with an 

intermediate composition between the base metal and bulk weld metal.  The exact 

composition of the swirls is dependent on the extent of the mixing before solidification 

occurs. As suggested in Figure 2-8c, the thin layer of stagnant liquid base metal near the weld 

pool boundary may still be swept towards the rear of the pool by convection currents.  This 

explains the presence of filler-deficient peninsulas and beaches at the bottom of the solidified 

weld. 

2.1.4 Grain growth 

Since the liquid weld pool is in contact with parent metal grains at the fusion line, 

nucleation will take place. In fusion welding without a filler metal, the atoms within the 

liquid weld will align themselves with the substrate grains without altering the existing 

crystallographic orientations.  This type of growth is known as ‘epitaxial growth’.    Epitaxial 

solidification in welding was first discovered by Savage et al. using Laue x-ray back-

reflection, for the first time confirming the continuity of crystallographic orientation across a 

fusion boundary [47]–[49].  However, epitaxial growth has also been shown to occur when 

the parent material consists of more than one phase.  An example of this is given in [50], 

where both ferrite and austenite were seen to grow epitaxially after welding with an austenitic 

stainless steel filler. 
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 When joining dissimilar metals, the weld metal composition is different to the 

composition of the parent metal.  Similarly, the crystal structure of the two metals can be 

different.  Under these conditions, it is generally accepted that epitaxial growth is no longer 

possible and new grains will have to nucleate at the fusion boundary [42].  For example, 

Nelson et al. conducted studies on the nature and evolution of the fusion boundary in 

dissimilar BCC/FCC weldments [51], [52].  The authors postulated that when the parent 

metal and weld metal exhibit two different crystal structures at the solidification temperature, 

nucleation will occur on heterogeneous sites on the partially melted material.    However, this 

does not rule out the possibility of a particular special orientation relationship between the 

weld metal and parent metal grains.  Indeed, Fenske [14] and Ayer [53] found a Kurdjumov-

Sachs orientation relationship at the transition zone between dissimilar low alloy steel-Alloy 

625 welds.   

Evidence of localised epitaxial solidification at the interface of LAS-Alloy 625 welds was 

found by Alexandrov et al.  [54].  Using electron backscatter diffraction (EBSD), the authors 

found that a prior austenite grain boundary penetration, that is a region of liquid weld metal 

that has penetrated the opposing base metal grains during welding, had the same 

crystallographic orientation as the neighbouring planar solidified region. 

2.1.5 Dissimilar weld compositional gradients 

After depositing a dissimilar filler metal, an intermediate chemical composition 

between the parent and the weld metal is achieved.  As a result of chemical inhomogeneity 

the corrosion resistance, mechanical properties and weldability are variable across the 

interface.  Weld dilution, D is used to describe the composition of a single point, it is 

described as the degree of dilution of the parent metal by the base metal [12]: 
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𝐷(%) =  
𝐴𝑏𝑚

𝐴𝑏𝑚 + 𝐴𝑓𝑚
× 100 

Eqn. 6 
 

Where Abm and Afm are the cross-sectional areas of the base and filler metals, respectively.  

The composition in the fusion zone depends on the extent to which filler metal is diluted with 

parent metal.  It can be established with knowledge of the composition of the parent metal 

(𝐶𝑃), the filler metal (𝐶𝑓), and the weld metal (𝐶𝑤) as follows [55]: 

𝐶𝑊 = 𝐶𝐹 +  
𝐷

100
(𝐶𝑃 − 𝐶𝐹) 

Eqn. 7 
 

This equation predicts that the composition varies linearly from 0 to 100% under the 

assumption that good mixing has been achieved throughout.  The concentration gradients in 

dissimilar welds have been previously shown to exist over regions of hundreds of microns 

[56].  Control of dilution is important in Ni-alloy to steel joins in order to prevent embrittling 

intermediate phases from forming.  Segregation can occur, however, which can result in the 

formation regions highly different to the bulk weld metal, as will be discussed in Section 

2.1.3.  

 Nickel acts as an austenite stabiliser, within weld metals such as Alloy 625, such that 

LAS to Ni-alloy joints (FCC-BCC) must forego a transition at the interface between the two 

structure types.  The Schaeffler diagram was produced as a means of predicting weld metal 

constitution [57], but can be utilised for the prediction of phase balance of dissimilar fillers 

such as ni-alloys deposited on low alloy steel or stainless steel parent metals.  An example of 

the Schaeffler diagram is given in Figure 2-10.  The nickel and chromium equivalents are 

given by Eqn. 8 and Eqn. 9, respectively (expressed as weight percentage): 
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𝑁𝑖𝑒𝑞 = %𝑁𝑖 + 30(%𝐶) + 0.5(%𝑀𝑛) 

Eqn. 8 
𝐶𝑟𝑒𝑞 = %𝐶𝑟 + %𝑀𝑜 + 1.5(%𝑆𝑖) + 0.5(%𝑁𝑏) 

Eqn. 9 
 

 

Figure 2-10 - Schaeffler diagram used in the prediction of weld constitution. Adapted 
from [57]. 
 

 The Schaeffler diagram is limited in that it can only predict three phases: FCC 

austenite, BCC ferrite and body-centred tetragonal (BCT) martensite.  Phases such as 

carbides are not found on the diagram, but can potentially form in dissimilar welds.  Carbide 

formation is of interest in dissimilar welds to steels where diluted weld metal can introduce 

locally high regions of carbon.  In order to predict this sort of phase formation, computational 

modelling is necessary. 
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2.2  Welding Residual Stress 

2.2.1 The origin of residual stress 

Residual stresses have been defined as ‘self-equilibrating stresses within a stationary body 

when no external forces are applied’ [58], essentially they are the stresses that remain in a 

body after removal of applied stress.  Residual stresses arise due to ‘misfits’ between parts 

within a component, or between different phases within the material.  Although residual 

stresses do have a beneficial function, as is the case with tempered ‘safety’ glass [59], they 

are generally considered undesirable in welded components. Residual stresses are difficult to 

determine as they cannot be calculated from forces, impulses or couples, unlike applied 

stress.  They are normally classed according to their origin, such as ‘thermal mismatch 

stress’, according to the measurement method used, or by their length scale (e.g. micro- or 

macrostress) [60].   

The HAZ of arc welds is largely associated with regions of concentrated high residual 

stress – stress that forms upon cooling, after welding.  High residual stress, together with 

HAZ microstructural changes during welding, can result in unexpected failure, and is 

therefore is an important consideration in the assessment of welded structures [61], [62]. 

Untreated residual stresses alter the resistance to fracture, by effectively lowering the 

tolerance to welding defects.   Failure may occur by sudden fracture, but has also been 

associated with stress corrosion cracking and creep.  In fatigue failures, the effect of tensile 

residual stresses may work within the cyclic loading regime, increasing the mean stress, and 

resulting in damage accumulation. Conversely, for example in high cycle fatigue, 

compressive stresses may extend fatigue life [63].  Residual stress from welding may be 

expected, however higher temperature manufacture in which significant distortion exceeds 

predetermined tolerances, may result in costly rejection. 
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A simplistic representation of bead on plate transverse welding residual stress formation 

is shown in Figure 2-11.  The changes of temperature profile are shown as a function of time 

(or alternatively distance), from the passing welding arc.  At point A-A, ahead of the weld 

pool, the unwelded plate is at ambient temperature, the associated stress is therefore zero.  At 

the arc, marked B-B across the weld pool, there is a steep temperature gradient.  The stress 

within the molten weld pool is very low, due to the low associated yield stress.  Local plastic 

deformation is accommodated by local misfits in this area.  As a result of expansion, the HAZ 

near the weld pool experiences compression, and this is balanced by tension within the metal 

further from the pool.  Behind the moving arc, across a welded region that is somewhat 

cooler (C-C), the temperature gradient from the centreline (X-X) of the weld is not as steep.   

 

Figure 2-11 – Illustration of a bead on plate arc welding procedure with corresponding 
temperature and stress profiles.  Adapted from [64]. 
 

The centre of the weld bead solidifies last, and as it does so, tensile stresses begin to 

develop.  The tensile stresses are introduced due to the formation of the plastically deformed 
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region during welding, combined with weld metal and HAZ shrinkage during cooling.  Once 

the temperature profile has returned to room temperature after welding (D-D), the final stress 

distribution is realised: tensile in the weld and HAZ, and compressive further into the parent 

metal.  This means that if the temperature gradient imposed by the travelling heat source was 

not sufficient to cause plastic deformation, then no residual stresses would form upon 

cooling.   

 Inevitably, during welding microstructural changes occur, for example, precipitation 

hardened metals may suffer from dissolution of the strengthening phases.  Similarly, 

recrystallization and new grain growth will occur in the vicinity of the weld, resulting in HAZ 

softening.  Clearly, thermal and mechanical treatments for residual stress must consider these 

points to successfully return favourable mechanical properties to the joint. 

In the case of buttered dissimilar welds, in which multiple welding passes are 

involved, the HAZ experiences a heating transient as each weld bead is laid.  The formation 

of residual stress is therefore more complex than the described bead on plate example shown 

in Figure 2-11.  Whilst the HAZ does not melt, the metal within approaches the melting 

point, and therefore metallurgical changes may be expected: dissolution and re-precipitation, 

as well as texture changes, may occur with each successive pass [65]. 

2.3  Hydrogen Embrittlement 

The effects of hydrogen on the degradation of mechanical properties of welds is very well 

documented  [6], [66] yet the precise mechanisms of embrittlement are still not fully 

understood in terms of metallurgical and chemical reactions.   

Hydrogen cracking is often referred to as cold cracking, delayed cracking (due to the 

incubation time before hydrogen induced cracks appear), or underbead cracking.  The term 

‘hydrogen induced cracking’ (HIC) is used to refer to cracking that occurs through the 
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evolution of hydrogen whilst the component is in-service.  Conversely, the term, ‘fabrication 

cracking’ is used to denote cracking occurring through hydrogen ingress during manufacture. 

In general, hydrogen cracking is associated with a combination of the following four 

conditions:  

i. High hydrogen concentration within the workpiece/weld metal 

The presence of hydrogen may be expected due to absorption into the weld pool 

whilst in its molten state, followed by diffusion into the HAZ.  Sources of 

hydrogen may be in the shielding gas, for example, or moisture on filler materials. 

ii. Stresses acting on the weld 

As previously described, residual stresses may arise due to thermal contraction 

during cooling from the high welding temperatures.  Existing stress problems may 

be exacerbated by stresses imposed in-service. 

iii. Susceptible microstructures 

Within the HAZ, regions which experience a sufficiently high temperature to 

transform from ferrite to austenite, and back, may solidify into harder, hydrogen 

susceptible microstructures, such as martensite.  Heat-treatment may temper these 

microstructures, however, microstructural transformation in the weld metal needs 

to be considered.   

iv. Low temperatures  

A high risk of cracking is observed near to ambient temperatures, sometimes 

several hours after welding.  Hydrogen embrittlement is generally associated with 

temperatures between -100 and 200°C [13].   

It is difficult to control the stresses and temperatures in a cooling weld, so measures to reduce 

susceptibility to cracking normally rely on control of hydrogen level, microstructure, or both 

[66].  Achieving control of hydrogen content and microstructure relies on the correct 
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selection of weld combination, welding procedure and treatment, as well as environmental 

considerations. 

2.3.1 Hydrogen ingress during welding 

 Hydrogen cracking is most often associated with the HAZ.  An illustration of 

hydrogen diffusion from the weld metal to the HAZ during welding is given in Figure 2-12.  

The terms given for the austenite/(ferrite and pearlite) and austenite/martensite transformation 

temperature are given as TF and TB, respectively. 

 

Figure 2-12 - Diffusion of hydrogen from the weld metal to the HAZ during welding.  
Short arrows indicate diffusion of hydrogen. Adapted from [13], [67].  
 

 The passing welding torch traverses across the workpiece, depositing the filler into 

the molten weld pool, and at the same time, austenitising the base metal.  As the weld metal 

cools, it undergoes a phase transformation from austenite to ferrite and pearlite. At this point 

the hydrogen, having a higher solubility in austenite than ferrite, is rejected from the 

austenitic weld metal during solidification.  The weld metal is first to undergo the 

transformation from austenite because the filler metal normally has a lower carbon content to 

the parent metal.  As a result, the weld metal transitions to ferrite and pearlite, ahead of the 

austenitic parent metal’s transformation to martensite. The time difference in structural 

change between the weld metal and base metal allows for accumulated hydrogen in the weld 

metal ferrite to diffuse into the austenitic parent metal, near to the fusion boundary.  A 
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comparison of the diffusion coefficients of hydrogen in ferritic and austenitic materials is 

given in Figure 2-13. 

 

Figure 2-13 - Variations in the measured diffusivities of hydrogen in steel.  Adapted 
from [15], [66], [68]. 
 

 The diffusion coefficient is much higher in ferrite over the whole temperature range 

presented, compared to austenite.  Hydrogen deposited near the fusion boundary, cannot 

readily diffuse into the ferritic base metal before the HAZ transforms to martensite. The 

hydrogen that remains in the HAZ martensite is particularly problematic, and can promote 

hydrogen cracking [13]. 

Phase changes in a plot of mean volume per iron atom, Figure 2-14a, and hydrogen 

solubility, Figure 2-14b, illustrate the crystallographic effect on the solubility of hydrogen. 
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The BCC structure of α-iron is packed more loosely than FCC γ-iron, the two most 

commonly used allotropes of iron. The BCC ferrite is stable up to the austenite 

transformation temperature, A3 (910°C), at which point it undergoes a BCC FCC 

transition.  This transition is accompanied by a reduction in volume per atom, and a 

concomitant increase in H-solubility.  At 1390°C, the γ-iron reverts back to the BCC state: 

the high temperature δ-ferrite form, which is stable up to the melting point at 1536°C.  The 

formation of BCC δ-ferrite is accompanied by a simultaneous reduction in hydrogen 

solubility. 

 

Figure 2-14 – a) Temperature dependence on the mean volume per atom in iron 
crystals. Adapted from [69] b) Hydrogen solubility in pure iron as a function of 
temperature (constant pressure of 1atm).  Adapted from [70]; c) lattice parameter 
expansion with temperature, in pure iron.  Adapted from [71]. 
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Increased H-solubility in iron’s FCC state is attributed to FCC crystals having a larger 

central interstice compared to the BCC structures, despite being more closely packed [72].  

The largest cavities in BCC crystals are found at the tetrahedral holes between two edge and 

two central atoms in the structure. The second largest are the octahedral holes which occupy 

the centre of the faces and the <100> edges of the BCC cube [73].  Larger cavities within the 

FCC crystals are found at the centre of cube edges.  Being surrounded by six atoms in the 

form of an octagon, these sites are referred to as octahedral holes [72]. 

 

Figure 2-15 – Interstices in Fe structures. a) Tetrahedral interstice in a BCC crystal, with 
a H atom present; b) Octahedral interstices in BCC crystals; c) FCC octahedral interstice.  
Adapted from [69], [72] 

 

The transition from γα, results in a rapid change in lattice parameter and volume as 

evident in  Figure 2-14a and c [69], [71].  An atomic volume change of approximately 1% 

during the transition can lead to the generation of internal stresses [72]. The relative low H-

solubility in the α form (ferrite/bainite/martensite), accompanied by diffusion of hydrogen to 

the HAZ, complicates the HIC problem further. 

It is well known that interstitial hydrogen adversely affects the properties of steel, but 

this relationship is also temperature dependent.  As shown in Figure 2-16,  from Graville et al 
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[74], hydrogen embrittlement of ferritic steel is most pronounced at temperatures close to 

ambient. The relationship between notch tensile strength and hydrogen content, suggests that 

for a fixed displacement rate, it is possible to prevent hydrogen embrittlement by maintaining 

elevated service temperatures.  This is an interesting phenomenon for components that 

experience temperature fluctuations whilst in-service, such as components within the subsea 

manifold. 

 

Figure 2-16 - Notch tensile strength of steel (0.22%C, 0.6%Mn, 3.4%Ni, 1%Cr, 0.3%Mo) 
as a function of temperature and displacement rate, passes through a minimum value 
close to room temperature. Adapted from [74], [75]. 
  

Once the HAZ has completed its transformation from austenite to ferrite, a further 

increase in temperature above the ambient temperature, will allow hydrogen to diffuse away 

from the weld. This effect is seen in  Figure 2-13 between 20 and 150°C. Therefore, 

decreasing the cooling rate of the weld is not only beneficial in lowering the amount of 

martensite that forms, but it allows more time for hydrogen to diffuse away from the fusion 

zone.  Similarly, the thermal cycles from multiple weld passes increases the mobility of 

hydrogen, allowing it to escape.  High hardenability, high yield strength welds are generally 
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more vulnerable to embrittlement due to the microstructures that form upon solidification 

[76].  Microstructurally, embrittlement is generally ranked from most to least susceptible in 

the following order: martensite, spheroidised structures, pearlite, quenched and tempered 

martensite and lower bainite [77], [78]. 

 Hydrogen cracks are commonly found in the HAZ, due to a combination of high 

residual stress, hydrogen deposition at the fusion boundary, and the presence of susceptible 

microstructures.  Examples of hydrogen cracks are given in Figure 2-17a, an illustration of a 

fillet weld.   Cracks in the HAZ are normally found at the weld toe, the weld root, or in an 

underbead position. Cracks in fillet welds are normally oriented along the length of the weld, 

whereas in butt welds, cracks are often transverse to the weld. Intergranular cracking tends to 

be the most common type of failure in harder, higher carbon and highly alloyed steel [66] 

heat affected zones. 

 

Figure 2-17 – a)Hydrogen cracks originating in the HAZ and weld metal of a fillet weld, 
note that multiple types of cracking would not be expected to form in the same weld. 
From [79] ; b) A typical example of a root HAZ hydrogen crack that has extended into 
the weld metal of a butt welded joint. Adapted from [5] . 

 

In the weld metal, hydrogen cracks can be oriented longitudinally or transverse to the 

weld length. Transversely, cracks are often found at an angle (roughly 45°), and are referred 

to as chevron cracks.  An example of a hydrogen crack that had initiated in the HAZ and 

propagated into the weld metal is given in Figure 2-17b.  Generally, the same factors that 
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influence cracking in the HAZ are applicable to the weld metal, such as stress, high hydrogen 

content, temperature and susceptible microstructures.  However, hydrogen cracking in the 

weld metal can occur at lower levels of hardness than that of the HAZ [66].  

2.3.2 The evolution of hydrogen  

A brief overview of hydrogen transport and cracking after fabrication has already been 

given, however in subsea welds another source of hydrogen is problematic: that which occurs 

due to the use of corrosion inhibitors.   

An effective method of corrosion prevention is cathodic protection (CP), which can 

be used in many situations, and has been known to prevent corrosion entirely. Structures that 

are commonly protected from corrosion using CP, include pipelines, ports, piers, ships and 

water storage tanks. The first documented use of CP was by Sir Humphrey Davy on a British 

Royal Navy ship, HMS Samarang [80], which was launched in 1822.  The Samarang’s 

copper body was protected using zinc anodes, with some success.  Just 14 years later, further 

development of corrosion prevention of ships led to the dipping of steel sheets in molten zinc.  

In this case the zinc is anodic to the steel, protecting the sheeting in the event of any surface 

damage.  However, it was not until the 1920s that the technology reached the oil 

transportation sector, this time in the protection of subterranean pipelines, used to transport 

petrochemicals from Gulf Coast oil fields [81]. 

The role of cathodic protection in inhibiting corrosion is best explained by first 

explaining how the ferritic parts corrode in water.  If two dissimilar metals, connected by an 

electrically conductive path, are submerged within an electrolyte (such as seawater), then the 

following reaction will take place at the most active site: 

𝑭𝒆 → 𝑭𝒆𝟐+ +  𝟐𝒆−  

Eqn. 10 
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The free electrons are conducted through to the less active site, combining with dissolved 

oxygen and water to form hydroxyl ions (OH
-
): 

𝟏

𝟐
𝑶𝟐 + 𝑯𝟐𝑶 + 𝟐 𝒆−  → 𝟐𝑶𝑯−  

Eqn. 11 
 

Recombination of the ions at the active surface produces the following reaction, which results 

in the formation of iron corrosion products, in this case ferrous hydroxide: 

𝟐𝑭𝒆 + 𝑶𝟐 + 𝟐𝑯𝟐𝑶 → 𝟐𝑭𝒆(𝑶𝑯)𝟐 

(𝒔𝒕𝒆𝒆𝒍 + 𝒅𝒊𝒔𝒔𝒐𝒍𝒗𝒆𝒅 𝒐𝒙𝒚𝒈𝒆𝒏 + 𝒘𝒂𝒕𝒆𝒓 → 𝒇𝒆𝒓𝒓𝒐𝒖𝒔 𝒉𝒚𝒅𝒓𝒐𝒙𝒊𝒅𝒆) 

Eqn. 12 
 

 Simply stated, a structure can become cathodically protected when an alternative 

external supply of electrons is transported to the metal that needs protecting, turning it into 

the cathode.  The source of electrons can either be impressed current cathodic protection 

systems, from an external DC power source, or via sacrificial anodes: blocks of metal 

mounted near to the structure that needs protecting. Sacrificial anodes create a galvanic 

couple between the material that needs protecting and another metal that is more reactive.  

The most reactive metal oxidises, and gives up the electrons, protecting the less reactive 

metal from corrosion.  For current to flow through the cathodic protector, there must be 

sufficient current to overcome the circuit resistance.  In the case of aluminium anodes, the 

reaction at the surface of the sacrificial aluminium is:  

𝟒𝑨𝒍 → 𝟒𝑨𝒍𝟑+ + 𝟏𝟐𝒆−  

Eqn. 13 
 

Whereas at the steel surface the reaction is: 
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𝟑𝑶𝟐 + 𝟔𝑯𝟐𝑶 + 𝟏𝟐 𝒆−  → 𝟏𝟐𝑶𝑯−  

Eqn. 14 
 

In other words, the anodic (active) sites on the steel surface have become cathodic (passive) 

as a result of the electrons supplied by the aluminium.  Because the anodes continually 

sacrifice electrons, they degrade, needing replacement if corrosion protection is to be 

maintained.  A balance must therefore be achieved between excessive cathodic polarisation, 

anode life, and service life of the steel components.  A consequence of excessive polarisation 

is the reduction of water, and the generation of hydrogen by: 

𝑯𝟐𝑶 + 𝟐 𝒆−  → 𝟐𝑶𝑯−  

Eqn. 15 
 

The evolution of hydrogen results in the degradation of protective coatings, allowing 

hydrogen to come into contact with the surface of the metal. A comprehensive summary of 

adsorption processes is given by Barnoush in [82].  

 The ingress of evolved hydrogen, generated as a result of excessive CP, may be 

promoted by the addition of small concentrations of impurity elements [83]–[85].  Typically 

these ‘poisons’ encourage the entry of hydrogen atoms into the lattice by inhibiting the 

recombination of atomic hydrogen to its molecular form.  In the petrochemicals industry, one 

of the most commonly encountered poisons is H2S, which is found in ‘sour’ environments.  

The presence of H2S has been linked to an increase in hydrogen permeation in steel, 

effectively reducing resistance to HIC. For example, Kittel et al [86] found that that at a 

constant pH and H2S partial pressure (pH2S), HIC in  X-65 (a common grade of LAS used in 

subsea linepipes), was dependent on exposure time.  This suggests that the HIC initiation is 

dependent on the time it takes to reach a critical hydrogen concentration.  Hydrogen 

promoters include compounds formed, for example, from phosphorus, arsenic and  sulphur.  
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Anions such as cyanide and iodide, and carbon compounds including carbon sulphide and 

carbon monoxide, are also known to encourage hydrogen permeation [82]. 

2.3.3 Hydrogen trapping 

The diffusivity and solubility of hydrogen in ferritic and austenitic alloys, and their 

respective relationships with temperature have already been discussed in Section 2.3.1.  

However, it is important to also demonstrate that local variations in hydrogen concentration 

can exist due to lattice imperfections. An illustration of hydrogen interaction with lattice 

imperfections in pure metal is shown in Figure 2-18. 

 

Figure 2-18 – An illustration of hydrogen (red) accumulation at the metal (grey) surface 
and within subsurface sites, including at grain boundaries and vacancies, as well as 
through conventional interstitial dissolution.  At edge dislocations a cylindrical shaped 
hydrogen segregation region would be expected.  Adapted from [87]. 
 

Point Defects 

Vacancies are entropically stabilised lattice defects which are always present in materials 

[87].  Relative to hydrogen, internal vacancies are large, therefore they may be considered as 

favourable ‘open volume defects’, similar to an internal surface [88]. Hydrogen is driven to 

the vacancy site when chemisorption is energetically favoured over interstitial solution, as is 

normally the case.  The presence of hydrogen within the lattice can change the equilibrium 

vacancy concentration.  For example, Fukai and Ōkuma found a lattice parameter decrease 
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during annealing of Pd-H and Ni-H in hydrogen gas at 5Gpa and approximately 1000K [89].   

They related the lattice parameter reduction to an extraordinary high concentration of 

vacancies, called “superabundant vacancies” (SAVs).  The presence of SAVs has been 

confirmed in many other metals [90]–[92], which has led to the general conclusion that 

hydrogen atoms, originally at interstitial positions in the bulk metal, become trapped in high 

numbers at vacancies.  At a single vacancy, and ambient temperature and hydrogen pressure, 

up to 6 hydrogen atoms may become trapped, corresponding to the number of octahedral 

lattice sites surrounding a vacancy in both FCC and BCC structures. 

 

Dislocations 

 Dislocations are crystallographic defects which occur during the thermo-mechanical 

processing of materials (for example during rolling).  Dislocations are formed either by 

homogeneous nucleation, grain boundary initiation, or at the interface between the lattice and 

the surface and precipitates.  The relationship between hydrogen and dislocation dynamics is 

important due to the ability of hydrogen to reduce fracture toughness.  Nevertheless, 

conflicting results have been reported by authors suggesting that the presence of hydrogen 

can both decrease and increase the flow stress within the same material systems. For 

example, an increase in flow stress with hydrogen in nickel was found in [93], whereas the 

opposite has been found by Kimura and Birnbaum [94]. 

 Birnbaum argued that, in studies supporting an increase in the flow stress, damage via 

generation of new phases and high dislocation density at the surface may be the true cause 

(during hydrogen introduction) [95]. In the studies in which a decrease in flow stress was 

found, care was taken to minimise surface damage, so surface phase formation can be ruled 

out as an influencing factor.   Therefore, it has been argued that the latter studies represent the 

most probable effect of hydrogen [96].  The decrease in flow stress is caused by hydrogen’s 
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ability to enhance dislocation mobility.  The mobilising mechanisms are summarised in [96], 

but include: a decrease in the effectiveness of solutes as barriers (due to solute clustering), 

and a decrease in interactions between dislocations and elastic obstacles.  The generality of 

the enhanced dislocation mobility mechanism is demonstrated by it having been observed in 

a range of crystal systems, dislocation types (edge, screw and mixed), and alloys [96]. 

 

Internal Boundaries 

 Grain boundaries (GBs) are often associated with the hydrogen embrittlement of BCC 

and FCC systems due to the suggestion that they provide preferable, low energy, pathways 

for diffusion of hydrogen.  This ‘short-circuit’ diffusion may accelerate hydrogen ingress and 

transport through the material, and is supported by several studies [97], [98].  However, this 

position has been challenged due to the realisation that hydrogen may be trapped at 

dislocations and vacancies within the GBs themselves (albeit in low temperature regimes) 

[99].  It is difficult to ascertain the exact relationship between hydrogen diffusion through 

GBs and trapping mechanisms, as often GBs contain non-metallic compounds such as 

carbide, nitride and oxides, which may bond to the hydrogen.  Oudriss et al [100] attempted 

to isolate the two phenomena, by measuring diffusion of hydrogen in polycrystalline (FCC) 

nickel with different grain sizes.  The authors found that GBs represent short-circuit diffusion 

pathways in the micrometre grain size range, but that competition between short-circuit 

diffusion and trapping may exist depending on grain size and the presence of triple junctions 

(the coming together of three boundaries). 

2.3.4 Mechanisms of hydrogen embrittlement 

A number of mechanisms have been put forward to explain the embrittlement of 

dissimilar metals. Atomistically, the four main candidates that are commonly used to describe 
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HIC of dissimilar welds are hydride-induced embrittlement, hydrogen enhanced decohesion 

(HEDE), hydrogen enhanced localised plasticity (HELP) and Adsorption-induced 

dislocation-emission (AIDE).  A summary of each mechanism is therefore given. 

  

Hydride-induced embrittlement 

In hydride-induced embrittlement, hydrides are thought to nucleate in the stress-field 

ahead of the crack-tip.  Within the stress-field of hydrides that have formed, new hydrides 

nucleate and enlarge.  There is a significant body of theoretical and experimental evidence to 

support this theory, including Robertson et al’s ground-breaking transmission electron 

microscopy studies where β-Ti was charged in a controlled environment in-situ [101]–[103]. 

In the experiments, small hydrides were seen to grow together, forming larger and larger 

hydrides.  The nucleation and growth of hydrides is likely to be a fundamental cause of 

embrittlement in the typical hydride formers, such as V, Nb, Ti and Zr.  An illustration of the 

basic hydride-induced embrittlement phenomenon is given in Figure 2-19.   

 

Figure 2-19 – The mechanism of hydride-induced embrittlement.  Hydrogen diffuses to 
regions of high hydrostatic stress ahead of crack tips, at which point the hydride phase 
nucleates and grows.  At a critical size the hydride cleaves, and the crack becomes 
arrested at the hydride-matrix interface.  Adapted from [70]. 

 

Hydrogen enhanced decohesion 

The hydrogen enhanced decohesion model was first proposed by Troiano [4], [104], 

[105], and was further developed further by Oriani [106]–[110]. The model suggests that 

hydrogen accumulates within the material’s lattice where it reduces the cohesive strength 
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between the metal’s atoms.  Hydrogen accumulation, higher than that of the solubility in the 

unstressed lattice, is primarily driven by lattice dilation from imposed hydrostatic stress 

[111].  Subsequent work by Pressouyre found that hydrogen trapping may result in 

segregation of hydrogen within different regions.  Compounding the susceptibility is the 

suggestion that bond decohesion is further enhanced by the addition of impurities within the 

lattice [112]. 

The HEDE model suggests that hydrogen damage occurs in the stress field 

surrounding the crack tip.  Crack propagation succeeds when the crack tip opening tensile 

stress exceeds the local atomic cohesion strength, which hydrogen lowers.  Hydrogen damage 

is most pronounced ahead of the crack tip, where maximum tensile stress is observed.  

 The HEDE mechanism is thought to be dominant in hydrogen induced cracking as 

well as hydrogen environment assisted cracking in high strength steels that do not form 

hydrides [82].  Within the stressed area ahead of a crack tip, it is thought that hydrogen 

accumulates, and is also trapped along the crack path, as suggested by [113].  An example of 

an experiment that supports the model is given in Figure 2-20a, where an increase in the 

pressure of H2, as well as a decrease in temperature, is seen to increase how sharp the crack 

tip, α, becomes in  stressed, single crystal, Fe-3wt%Si [114], [115].  In the figure, the red-

dotted line represents crack growth exclusively by slip, at an α angle of 70°; the angle 

between active slip planes in the single crystal, Figure 2-20b.  As HEDE becomes more 

dominant with increasing hydrogen pressure, the crack tip opening angle is seen to decrease, 

Figure 2-20c. 
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Figure 2-20 – The effect of hydrogen pressure in an Fe-3wt%Si single crystal. a) In-situ 
measurements of crack tip opening angles, α, under increasing hydrogen pressures and 
temperatures from 40 to 100°C.  αn is the ratio of crack extension to crack mouth 
opening (αn = cot(α/2).  The horizontal-dotted red line represents crack growth by 
crack tip slip alone; b)crack tip opening angle in a vacuum; c) in hydrogen.  Adapted 
from [115]. 
 

 The HEDE mechanism is controversial, due to shortcomings in experimental 

observations.  Indeed, there is a lack of direct, a priori,   evidence to show that dissolved 

atomic hydrogen lowers the interatomic force-displacement relationship.  The problem is, 

that the amount of hydrogen able to dissolve in a specimen used for measurement of bulk 

properties, is far less than that projected to accumulate within the crack tip fracture process 

zone [82].  Furthermore, the theoretical basis on which HEDE is based, can simultaneously 

support the hydrogen enhanced localised plasticity (HELP) mechanism [116]–[118]. 

 An illustration of the HEDE mechanism is given in Figure 2-21, illustrating 

hydrogen’s ability to weaken interatomic bonds between matrix, and matrix-particle 

interfaces. 
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Figure 2-21 – Illustrations of the HEDE mechanism. a) Weakening of interatomic bonds 
due to hydrogen in the lattice; b) weakening due to adsorbed hydrogen; c) hydrogen 
interactions with particle-matrix interfaces. Adapted from [70]. 
 

Hydrogen enhanced localised plasticity 

 The hydrogen enhanced localised plasticity (HELP) model takes into account the 

effect of hydrogen on the dislocation dynamics.  Fundamental to the theory, is the seemingly 

counter-intuitive argument, that rather than reducing plasticity, the effect of hydrogen is to 

increase localised plasticity, thereby reducing macroscopic ductility.  HELP proposes that 

free hydrogen in solid solution within the material’s lattice, is able to shield dislocations from 

interacting with elastic obstacles [102], [103], [119]–[123] and reduce the stacking-fault 

energy.  The latter point results in a decreased likelihood for cross-clip, by increasing 

separation distance between partial dislocations[96], [124]–[127]. 

 Beachem is considered to be the first major proponent of the concept, formulating the 

theory based on fractographic work on AISI 4300 steel, as well as AISI 1020 steel tubes (in 

torsion), tested in 3.5% NaCl.  Beachem compared these electrochemically charged samples 

with AISI 4340 steel tested in 1atm of dry hydrogen gas [128].  His conclusions were that 

‘sufficiently concentrated hydrogen dissolved in the lattice just ahead of the crack tip aids 

whatever deformation processes the microstructure will allow’.  Morphologically, the form of 

the fracture surface, be it intergranular, quasicleavage or microvoid coalescence, is dependent 

on the concentration of hydrogen, the microstructure, and the stress intensity at the crack tip. 
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Whilst appearing as localised plasticity on the microscopic scale, the macroscopic 

characteristics of HELP may at first appear as brittle failure. 

 The majority of evidence for the HELP mechanism is through in-situ TEM 

experiments on thin-foil sections, using an environmental cell. These experiments compare 

the dislocation dynamics in a vacuum as well as that of increasing hydrogen gas pressures, as 

summarised in  [123].  The studies show that in the different materials tested, solute hydrogen 

can increase the crack propagation rate, decrease stacking fault energy, and increase the 

propensity for edge character dislocations. The effect was so pronounced that stationary 

cracks observed in vacuum, continued to propagate as hydrogen was injected into the electron 

microscope, as seen in Figure 2-22.  Similarly, evacuation of the environmental chamber is 

seen to slow and eventually cease dislocation motion. 

 Whilst the HELP theory is supported by experimental observations, the environmental 

TEM method does have critics.  In the best case scenario, the electron transparent samples 

necessitated by transmission microscopy engender a two-dimensional stress state, with a high 

possibility of dislocation-surface interactions.  Dissociation of H2 in the electron beam may 

also exacerbate surface issues, oxidising hardening solutes such as carbon and oxygen [82].  

Despite these drawbacks, the TEM observations have provided evidence on dislocation 

motion that support HELP in a number of different crystal structures: BCC [129], [130], FCC 

[120], [131]–[133], and HCP [134]. In the latter study, the local stress intensity was seen to 

be critical in the fracture process. At high intensities the process was through HELP, whereas 

at low intensities titanium hydrides formed, providing a low energy crack path.   
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Figure 2-22 – Reduction of separation distance between dislocations in a pileup in 310s 
stainless steel due to solute hydrogen.  Image f is a composite image, made from a 
positive image of the dislocations in a, together with a negative image of the dislocations 
in e. From  [96], [123]. 
 

Bulk specimens have also been the subject of studies of embrittlement experiments, 

that appear to support the HELP theory [125], [135]–[138].  As demonstrated, a wide range 

of literature exists on the subject of hydrogen enhanced localised plasticity, however the 

theory has not yet been developed to the point where quantitative predictions of fracture 

toughness can be made. 

 An illustration of the HELP mechanism is given in Figure 2-23.  Hydrogen 

localisation occurs due to hydrogen transport to the crack tip region (either due to high stress 

or as a result of hydrogen at the crack tip).  Accordingly, the localised high hydrogen content 

results in a region of high localised plasticity.  The crack path could be either transgranular or 

intergranular, depending on the local hydrogen concentrations within the grain and at GBs. 
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Figure 2-23 - Illustration of the HELP mechanism together with the formation and 
coalescence of microvoids.  Localised plasticity occurs ahead of the crack tip in regions 
of relatively higher hydrogen concentration.  Adapted from[70]. 
 

 Although the HELP mechanism is well-established, the cleavage-like morphology 

that is often attributed to it has not been fully explained  According to Lynch, the facilitation 

of localised ductility ahead of cracks would not necessarily result in a change from non-

crystallographic ductile fracture to cleavage-like fracture along low-index crystallographic 

planes [70].  However, despite its implication, the term ‘cleavage-like’ does not necessarily 

relate to failure along crystallographic planes, rather it refers to the morphology of the 

fracture surfaces at relatively low magnifications. 

 

Adsorption-induced dislocation-emission (AIDE) 

 The principal proponent of the AIDE mechanism is Lynch, having first introduced the 

idea in 1976 [139], [140].  In the AIDE model, ‘dislocation-emission’ incorporates the 

nucleation of dislocations at the crack tip, followed by movement of these away from crack 

tip area under an applied stress.  Critically, the nucleation stage is facilitated by adsorption of 

hydrogen at the crack tip.  The nucleation stage involves the ‘simultaneous formation of a 

dislocation core and surface step by cooperative shearing of atoms’ [70]. In other words, in 
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the presence of hydrogen atomic bonds are weakened and broken at the crack tip over the 

length scale of several atoms, whilst forming a dislocation core. 

 

Figure 2-24 - Illustration of the AIDE mechanism, involving the emission of dislocations 
from the crack tip and facilitating the coalescence of cracks with voids which develop in 
the plastic zone. Adapted from [140]. 
 

In the AIDE model, cracks growing under stress emit dislocations from crack tips. The model 

also includes the nucleation and growth of voids (micro and nano-scale), ahead of the tip, 

Figure 2-24.  Voids appear ahead of the crack tip at second-phase particles, slip-band 

intersections or other sites within the plastic zone when stress is high enough to cause general 

dislocation activity.  Void interaction with the crack tip serves to re-sharpen the crack tip 

radius (minimising crack tip opening angles).  It is important to note that, under the AIDE 

mechanism, hydrogen diffusion to, and adsorption at crack tips is necessary, if HIC is to 

occur. 

 

Mixed HE Mechanisms 

 Combinations of all of the mechanisms described could well occur simultaneously 

[70], depending on the material, microstructure and hydrogen concentration.  For example, 

localised plasticity at a crack tip together with intragranular precipitation (acting as hydrogen 
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trapping sites) could result in HELP succeeded by HEDE at the particle-matrix interface.  

Mounting evidence for such a combination is supported by modelling results of chromium-

based intragranular M7C3 carbide within the austenitic planar solidified zone in dissimilar 

weldments [141]–[143] , however as yet, there is no direct experimental evidence to support 

this idea. 

2.4  Hydrogen Embrittlement of Subsea Dissimilar Welds 

For the past 10 or so years, industrial research into embrittlement of subsea dissimilar 

welds has gained in popularity, stemming from a number of high profile service failures [2], 

[3], [144]–[146].  Cracking is often found by remotely operated vehicles (ROVs) during the 

‘wet-parking’ phase, after manifold installation in the field.  In one instance cracks were 

found in 2% of the welds in manifolds [147]. 

Beginning with rudimentary experiments, the root cause of these failures was 

determined to be hydrogen embrittlement and ‘insufficient material toughness resulting from 

carbon diffusion across the primary fusion line’ [3], leading to the material being unable to 

meet fracture toughness requirements.  However, it was not until the problem reached the 

academic community that an attempt to understand the underlying failure mechanisms using 

existing models of HE was made [148].  

2.4.1 Microstructure 

Low alloy steel – Alloy 625 welds have been the focus of a number of different 

microstructural studies [14], [54], [143], [148]–[155].  However, a general consensus on 

nomenclature has not yet been reached between the various authors.   

Alexandrov et al. studied 8630-Alloy 625 joints in the as-welded and PWHT conditions 

[54].  The authors found that on the steel side, after PWHT, a carbon depleted region had 

formed, having a low hardness of 120HV0.1.  On the weld metal side, a planar growth zone 
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with an FCC austenitic structure had formed, Figure 2-25, with hardness exceeding 800HV0.1.  

Further into the weld metal, fine precipitates of Mo- and Nb- particles (likely carbides), were 

found within a cellular dendritic zone. Occasionally, penetrations of Alloy 625 metal with an 

FCC structure were found along prior austenite grain boundaries (GBs), in the 8630 steel 

GCHAZ.  ‘Swirls’ of metal with a BCC/BCT structure of partially melted 8630 steel diluted 

with Alloy 625 were also seen along the cross-section of the weld. 

 

Figure 2-25 - Hydrogen cracking after cathodic charging on a low angle sectioned 
dissimilar weld between 8630 steel and Alloy 625 (after PWHT). a) EBSD map showing 
fracture through the planar solidified region within the weld metal and b)Phase content 
map showing the presence of prior austenite grain boundary penetration.  Adapted 
from [54]. 

 

‘Swirls’ are discontinuities in the partially mixed zone (PMZ) that have likely formed as a 

consequence of the incomplete weld-pool mixing described in Section 2.1.3, and are a 

common feature of LAS-Alloy 625 interfaces.  An example of these is given in Figure 2-26, 

which is taken from Fenske’s analysis of an F22-Alloy 625 dissimilar interface [148].  The 

formation of discontinuous PMZs is a consequence of the welding process used.  For 

example,  Beaugrand et al found that higher arc energies increased the amount of martensite 

rich swirls, which is accompanied by a decrease in planar zone width [151]. 
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Figure 2-26 – Optical micrograph showing a section of an ASTM A182 (F22) – Alloy 625 
weld after 10 hours of PWHT.  Taken from [148]. 
 

Theoretically, as explained in 2.1.5, it is possible for a band of martensite to exist between 

the dissimilar metals, not just in discontinuous partially mixed zones.  This has been 

confirmed by Fenske using TEM [14] and by Olden et al [155]. 

 

Microstructure after PWHT 

 The planar solidified region on the Alloy 625 side has previously been called the 

‘featureless zone’, ‘white-etching zone’ or ‘zone ɸ’ owing to its particle-free appearance at 

resolutions afforded by optical and scanning electron microscopy [151], [153], [155].  

However, heat-treated samples have been shown to contain nanoscale carbides, such as 

chromium based M7C3 within the planar solidified region.  The importance of the M7C3 

carbide within the incongruously named ‘featureless zone’ is such that the term ‘planar zone’ 

will be used throughout this work.  
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Figure 2-27 - 8630-Alloy 625 fusion zone microstructure after a typical, industry 
standard PWHT. a) SEM image of a TEM thin-foil showing the fusion zone, fusion 
boundary denoted by red dashed line; b)M7C3 precipitates found within the planar 
solidification region; c) Darkfield image of M23C6 carbide found within the base metal, 
inset with selected aperture diffraction pattern.  Adapted from [143]. 

 

An example of carbide precipitation within the planar zone is given in Figure 2-27b, 

from research conducted by Kitaguchi [143] on a joint that was retrieved from subsea service.  

It is important to note that a section from the same ex-service sample is analysed in the 

present study.  The opposing ferritic and austenitic sides shown in Figure 2-27a are easily 

identifiable, due to the weld metal side having a much greater grain size to the steel (this is 

also visible in the EBSD images, Figure 2-25).  Chromium and molybdenum based M23C6 are 

visible within the steel side of the interface, and were confined to a lath grained martensitic 

region.  Further into the steel, cementite was found, having preferably formed at the grain 

boundaries, Figure 2-27b. 

In his Thesis, Fenske compared two dissimilar interfaces: F22-Alloy 625 and 8630-

Alloy 625, before and after PWHT [14].  He found that after 10 hours of PWHT a dense band 

of M7C3 carbide had formed in the planar zone of the 8630-Alloy 625 joints, however at 15 

hours of PWHT, the same carbide was only beginning to nucleate in the F22-Alloy 625.  



56 

 

Carbon migration from the ferritic side into the austenitic weld during heat-treatment results 

in new phase precipitation [155], martensite formation, and carbon supersaturation [154], 

[156].  Since the F22 can have up to three times less carbon than the 8630 joint, the result 

suggest that the higher carbon content is the reason for faster M7C3 precipitation.  However, 

in spite of these results, there has been limited further research into determining the 

relationship between PWHT, microstructure and mechanical properties – the three main 

themes of this work. 

2.4.2 Mechanical Properties 

In order to compare the fracture toughness in terms of crack tip opening displacement 

(CTOD) and J-Resistance curves, between samples tested in air and those tested under CP, 

Milititsky, Gittos et al [157], used single edge notched bend (SENB) testing.  A number of 

12x12mm sections of a joint between an 8630M and Alloy 625 were notched at the dissimilar 

interface, through thickness, to a depth of 6mm, using electro-discharge machining (EDM).  

Complementary specimens were notched to 4.7mm and fatigue pre-cracked a further 1.3mm, 

to 6mm. The specimens were tested in air at 4°C using the unloading compliance method at 

the standard test rate [158]–[160], as well as at a low loading rate of 0.018mm/hr. 

Further specimens were notched in the same manner as those tested in air, but were 

subjected to potentiostat driven hydrogen pre-charging at -1100mVSCE in 3.5%NaCl for 48 

hours.  During testing, an aqueous solution of 3.5%NaCl was recirculated through an 

environmental cell at -1100mVSCE and a temperature of 4°C, whilst loading was applied at a 

rate of 0.018mm/hr, to allow for hydrogen diffusion to the crack tip.  A representation of 

these results is given in Figure 2-28 
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Figure 2-28 –A comparison between unloading compliance J-R curves from 8630M-
Alloy 625 specimens tested in air at 4°C and in 3.5%NaCl at 4°C. The diagram shows the 
difference between notch configurations, and strain rate when testing in air.  Samples 
tested in the NaCl solution were all tested at a slow strain rate. Adapted from [157]. 

 

 The ‘fracture toughness’ tests show that the samples tested in a simulated cathodically 

protected marine environment had far lower J-R curves than those tested in air.  The effect of 

fatigue pre-cracking was also pronounced in the hydrogen charged specimens, which had a 

lower resistance to cracking than the EDM notched specimens.  Although the lowest curve 

was found in one of the pre-cracked specimens, the effect of notch geometry was less distinct 

when testing in air.  

 The two strain rates used for the samples tested in air resulted in comparable J-R 

curves, suggesting that strain rate itself is not a contributing factor when CP is absent.  The 

result also suggests that significantly lower crack growth resistance when under CP arises due 

to the presence of hydrogen.  However, it should be noted that under CP, slow strain rates are 

usually associated with lower J-R curves [157]. 

 Different material combinations have also been tested under similar sample 

preparation and pre-charging conditions.  Comparing the alloying content of the base metals, 
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it is generally accepted that F22-Alloy 625 welds have a higher resistance to cracking (under 

slow strain rate and CP), than their 8630 counterparts [14]. 

 In a report by Milititsky and Dodge [161] three dissimilar interfaces were tested: 

8630, F6NM (a 13%Cr, 4%Ni stainless steel), and F65 (ATM A694, C-Mn steel), all welded 

with Alloy 625.  Accelerated hydrogen crack initiation tests were devised to quantify the 

resistance to crack initiation. The samples were cathodically polarised in 0.1M H2SO4 + 1g/l 

Na2HAs2O4.  The sulphuric acid was used to provide a supply of protons, whilst the sodium 

arsenate was added to promote hydrogen adsorption into the steel by poisoning the 

recombination of H2 [83], [162].  The high hardenability 8630M forging was given a PWHT 

to temper martensite, but as the F65 is far leaner it was not heat-treated after welding.  The 

results of the accelerated hydrogen crack initiation tests showed that whilst no cracking was 

observed without an applied load, full separation at the dissimilar interface of the F65-Alloy 

625 occurred after initial loading to the nominal yield strength of the F65 material.  The result 

suggests that, unlike the notched samples in Figure 2-28, crack initiation and propagation 

may occur without a pre-existing flaw. 

2.4.3 Fracture 

 Mixed mode failures are common in dissimilar welds, due to the varying 

microstructures that form within a small distance of the dissimilar interface, however it is 

normally possible to identify a dominant morphology.  After heat-treatment, 8630-Alloy 625 

specimens subjected to CP, Alexandrov found cracking through the ‘planar solidified zone’, 

occasionally transitioning to the swirls that are in close proximity to the steel, or through 

regions adjacent to the planar-cellular transition zone [54].  Failure  investigations by Fenske 

[14] identified similar cracking, referring to failure through the planar zone as ‘terraced 

cleavage-like’ and failure through discontinuous PMZ swirls as ‘flat’ and ‘featureless’ until 
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viewed at higher magnification where a ‘bumpy texture’ was observed.  Similar observations 

have been reported separately by Beaugrand and Gittos [152].  These well-known fracture 

morphologies are consistent with the so-called  ‘brittle fracture’ observed in post-mortem 

examination of failed service specimens [3].  Cleavage-like fracture within the planar zone is 

intriguing, as the structure of FCC crystals does not accommodate cracking through the 

crystallographic planes associated with cleavage [163]. 

 Beaugrand, Smith and Gittos investigated the three-point bend specimens under slow 

strain rate and incremental (dwell) loading conditions, both with and without cathodic 

protection [150].  In doing so, they discovered that cleavage-like failure did not occur unless 

CP was present, thus the cleavage-like morphology is attributable to hydrogen ingress.  TEM 

fractography of dissimilar weld fracture surfaces [14], [148], has shown that M7C3 can be 

found subsurface to the cleavage-like surface.  The latter point requires further investigation 

however, in order to establish a link between carbide precipitation and mechanical properties 

under CP. 

A lesser-reported type of failure is ‘interfacial disbonding’; separation at the dissimilar 

interface itself, as opposed to cracking further into the planar zone or through swirls.  This 

type of cracking was found to be the sole fracture morphology in the accelerated hydrogen 

cracking tests [161], for the F65-Alloy 625 joint that had no PWHT.  It is characterised as an 

apparently smooth failure, with ridges that correspond to prior austenite grain boundary 

penetrations, such as those shown in Figure 2-25.  Whilst the failure mode has been 

experienced elsewhere, it is typically accompanied by cleavage-like fracture [151].  It is not 

yet clear whether interfacial failure is the initiation mode, triggering alternative types of 

cracking (i.e. cleavage-like) as the stress in the remaining ligament rises during crack 

extension, or whether the failure is a consequence of the differing microstructure, determined 

in-part by the lack of PWHT.  The contribution of residual stress to the failures is also 
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unclear, as presumably significant stress relief occurs during sample coupon machining 

operations, the likes of which is not experienced in full-scale specimens. 

 As reviewed above, a significant volume of research has been carried out to date on 

the microstructure and mechanical performance of subsea dissimilar joints. However there is 

a lack of systematic study to understand the failure of subsea dissimilar joints and how 

PWHT affects the microstructure and mechanical performance with respect to hydrogen 

embrittlement. This study aims to: 

i. Examine the microstructures present in a typical subsea joint retrieved from 

service. 

ii. To correlate heat treatment with microstructure formation and environmental 

performance to study how diffusion affects  phase change and the susceptibility to 

hydrogen embrittlement of dissimilar joints. 

iii. To characterise the strain relaxation during PWHT and its effect on mechanical 

performance. 

iv. To understand the fracture mechanisms under various heat treatments. 

 

Structure of thesis 

In the first Chapter, retrieved specimens act as a benchmark, providing information on the 

microstructures present in commercially produced joints; a measure by which subsequent 

laboratory heat-treated specimens may be compared.  The material is also used to develop 

methods for environmental performance specimen preparation and testing (resistance to 

hydrogen embrittlement).  Following Chapters build on these initial observations: 

thermodynamic modelling is used to assess the extent of carbon diffusion and phase 

formation under different PWHT conditions, whilst environmental performance testing is 

used to compare dissimilar joints under varying PWHT conditions.  Finally, with knowledge 
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on the degree of stress relaxation during PWHT, and fracture morphologies from the 

environmental performance tests, a theory of hydrogen embrittlement is formulated.  An 

illustration of thesis structure and knowledge exchange between Chapters is given in 

Appendix D. 
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CHAPTER 3. Characterisation &  Performance Testing of Retrieved 

Subsea Joints 

 

3.1 Introduction 

In subsea oil and gas transportation systems, gas tungsten arc (GTA) nickel alloy 

buttering deposits are commonly deposited on low alloy steel forgings, facilitating in-shop 

PWHT of the assembly to remove residual stress and temper hard heat-affected zones that 

form upon cooling, following welding. 

During PWHT, carbon migrates from the ferritic steel to the high alloy ‘austenitic’ weld 

metal, causing hardening by martensite formation, carbide precipitation and carbon 

supersaturation [156], [164], [165].  The microstructures within the completed joint have 

been associated with sensitivity of the dissimilar metal interface to hydrogen-induced 

cracking.  To explore the problem, a number of joints have been retrieved from subsea 

service, for investigation of the microstructures in greater detail. 

An example of a retrieved manifold hub, having been welded to a linepipe, is presented in 

Figure 3-1a, whilst a detailed view of the dissimilar weld is given in Figure 3-1b.  As a 

consequence of the bevelling procedure, the HAZ of the closure weld lies entirely within the 

heat treated layers of the initial buttering, thus a narrow (<10mm) band of the buttering is 

exposed to the outer surface of the joint. 
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Figure 3-1 – a) A typical commercially produced manifold hub, welded with dissimilar 
filler metals to a linepipe. b)Detailed view of the dissimilar weld with 50mm scale 
marker.  The forging is composed of 8630 material, whilst the buttering and closure 
weld are Alloy 625. 

 

A subsurface cross-sectional photomacrograph of the dissimilar joint is presented in 

Figure 3-2.  In this instance an internal Alloy 625 cladding, the same material as the 

buttering and closure weld, is present on the internal face of the forging. 
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Figure 3-2 – A photomacrograph of a cross-section of the commercially produced 8630-
Alloy 625 dissimilar joint, as shown in Figure 3-1.  Sample is pictured after a 5%Nital, 
and electrolytic sulphuric acid etch. 

 

An important consideration to the service-life of these components subsea, is the 

environmental conditions. Therefore, the joints are subjected to fracture toughness testing: J-

R curve generation under the influence of cathodic polarisation, within a simulated marine 

environment.  A testing programme has been developed to represent commissioning and 

service temperatures of 4 and 80°C, respectively.  The developed method will be used in 

subsequent Chapters in order to rank the resistance to hydrogen embrittlement under different 

PWHTs in Section 5.3.2.  The fractured specimens, from the various types of joint will be 

compared and analysed in Chapter 7. 

 

3.2 Experimental Procedure 

3.2.1 Materials  

Four specimens were retrieved from subsea service for comparison of microstructures.  

All of the forgings were 8630 low alloy steel, buttered with Alloy 625.  The specimens were 

retrieved due to structural integrity concerns, following failures under similar service 

conditions, however none of the joints were thought to contain flaws. 
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Specimens 2, 3 and 4 were retrieved from the same field, after approximately 9 months of 

‘wet-parking’.  After retrieval they were subsequently stored outside for a period of several 

years.  Due to coming from the same field, they are assumed to have been fabricated under 

similar conditions. 

Specimen 1 was also retrieved from subsea service, however the exact service history was 

not provided.  Prior to sectioning, the joint had been stored outside for a period up to 9 years.  

Due to having been retrieved from different fields, it is possible that the welding procedure 

differed slightly, however all four specimens would have been given an industry standard 

PWHT of between 5 and 10 hours, between 650-675°C.  In Table 2, specimen origin and 

history is presented, whilst in Table 3 the nominal composition of the forging and weld metal 

is given. 

 

Table 2 – Origin, history and analysis methods for the retrieved dissimilar joints. 

 

 

Table 3 – Specified composition of parent (8630) and weld metal (Alloy 625), wt%. 

 

Sample ref. Combination Origin and History Analysis method

Specimen 1

8630 - Alloy 

625

Retrieved from subsea service 

(unknown). Typical PWHT 650-

675°C, 5-10 hours

Microstructural characterisation: 

SEM, TEM

Specimen 2

8630 - Alloy 

625

Retrieved from subsea service (9 

months). Typical PWHT 650-

675°C, 5-10 hours

Microstructural characterisation: 

SEM, Nanoindentation

Specimen 3

8630 - Alloy 

625

Retrieved from subsea service (9 

months). Typical PWHT 650-

675°C, 5-10 hours

Microstructural characterisation: 

SEM, Nanoindentation testing. 

Environmental performance testing

Specimen 4

8630 - Alloy 

625

Retrieved from subsea service (9 

months), Typical PWHT 650-

675°C, 5-10 hours

Microstructural characterisation: 

SEM, Nanoindentation testing. 

Environmental performance testing

Material C Mn Ni Cr Mo Si Nb Fe

8630 (AISI 8630) 0.28-0.33 0.70-0.90 0.40-0.70 0.40-0.60 0.15-0.25 0.15-0.30 - Bal.

Alloy 625 (ERNiCrMo-3) 0.01-0.1 0.125-0.5 >58.0 20.0-23.0 8.0-10.0 0.125-0.5 3.15-4.15 5.0 max
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3.2.2 Sample preparation 

Transverse sections for microstructural characterisation were machined from each 

joint before manually grinding using SiC paper abrasives.  Initially the joints were ground 

using a linisher, ensuring a flat surface, with the cross-sectional bead profiles visible.  Manual 

rotary grinding, using 160, 320, 400 and 1000 grits ensured the progressive removal of 

material. During each grinding step, the samples were rotated, and scratch marks observed, in 

order to prevent uneven grinding.  Furthermore, after each grinding step, the samples were 

rinsed with methanol and dried at room temperature.  An optical microscope was used after 

each polishing step, to inspect for flaws, and to ensure that no polishing artefacts (such as 

debris) remained on the surface. 

  Cloths were used to polish with fine diamond pastes: 9, 3, 1 and 0.25µm, followed 

by a diluted suspension of colloidal silica (OP-U), as the final polishing step. Where 

necessary, samples were etched using a two stage process.  Initially the specimens were 

submerged in a 2% Nital solution (Nitric acid and methanol), before rinsing thoroughly with 

water.  The procedure was repeated until the desired etching level was reached, at which 

point the sample was rinsed in water and methanol, before being allowed to dry.  The samples 

were left for an hour, allowing the newly etched ferritic parts to develop a protective 

corrosion layer.  As the austenitic side (particularly in the case of Alloy 625), remained 

relatively unaffected by the Nital etch, electrolytic etching in 5% sulphuric acid was then 

used. 

3.2.3 TEM sample preparation using Focussed Ion Beam (FIB) 

Focussed ion beam (FIB) based methods are becoming increasingly popular in the 

preparation and analysis of samples, largely due to their ability to extricate material, for either 

subsurface examination, or analysis by other means.  For example, Lozano-Perez has 
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described a method by which stress corrosion cracks may be removed for both TEM and 

atom-probe analysis [166].  Similarly the samples can be analysed in-situ using FIB slicing, 

in which material is removed layer-by-layer, resulting in a three-dimensional tomographic 

image [167].   

In this study, specimens for transmission electron microscopy were created from the 

polished sections by adopting the focussed ion beam in-situ thin-foil lift out procedure, 

variations of which are described in [168].  All TEM samples were created using an FEI 

Nova 600 nanolab dual beam system.  It was not necessary to etch the polished sections prior 

to insertion in the vacuum chamber, instead a retractable, solid-state, backscatter detector was 

used, enabling location of specific sites for examination.  An Omniprobe micromanipulator, 

equipped with a tungsten needle, facilitated the placement of ion-milled thin-foils on copper 

lift-out grids.  The general procedure used to extract from a polished section is described in 

Figure 3-3. 

 

 

Figure 3-3- TEM sample preparation using the FIB lift-out procedure. a) locating the 
area of interest; b) deposition of platinum cap and milling of trenches using the ion 
beam; c) preparing the wafer for extraction; d) attachment of W needle to the sample; 
e) removal of wafer; f) placement of wafer on Cu grid using Pt deposits; g) thinning of 
sample h) sample thinned to electron transparency 
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Initially, the area of interest was located using the backscattered electron detector, 

Figure 3-3a.  In this instance a section across the dissimilar interface of a retrieved 8630-

Alloy 625 joint (specimen 1) is shown.  Using a gaseous injection system, a platinum ‘cap’ 

measuring approximately 20x3x2μm was placed on top of the region to be extracted.  The Pt 

cap served to protect the subsurface material from ion beam damage during subsequent 

milling operations, Figure 3-3b.  After milling trenches either side of the protective Pt cap, 

the sample was released using a ‘J’ shaped cut, effectively freeing the sample on three sides, 

Figure 3-3c.  Following this, the tungsten Omniprobe needle was moved into place, the tip of 

which is indicated in Figure 3-3d.  After affixing the W needle to the edge of the wafer using 

a Pt deposit, the ion beam was used to mill the sample free from the bulk material. Next the 

sample stage is lowered, bringing the bulk material out of view, in preparation for mounting 

to a TEM sample grid, Figure 3-3e.  Samples were attached to the centre of the ‘V’ shape 

attachment points on copper Omniprobe lift out grids using two platinum deposits at the 

bottom corners of the wafer.  Copper was selected for all TEM grids as it is not a constituent 

element of the materials that underwent compositional analysis.  Once the thin-foil was 

attached, the W needle was milled free, and retracted, Figure 3-3f.  In order to reduce sample 

thickness, the sample was thinned in-situ, using progressively lower ion beam currents, 

Figure 3-3g. At this point the surface of the thin-foil wafer was placed parallel to the incident 

ion beam. A ‘window’ was then selected, for final thinning to electron transparency.    In 

order to thin the sample without incurring surface damage, the stage was tilted and either side 

of the foil thinned, at angles of <1.5° from the window surface normal.   

3.2.4 Nanoindentation testing 

Due to the fine scale of the various microstructures in the dissimilar weld fusion zone, 

nanoindentation testing was selected, to measure the variation in hardness across the steel – 
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buttering interfaces.  A Micromaterials Nanotester, equipped with a Berkovich tip, was used 

at room temperature to determine hardness.  Arrays of 10x10 indents, angled acutely across 

the interface were used, providing a high point-to-point resolution.  Measurements extended 

between 15 and 60μm into the steel and weld metal.  Indentations were performed at a 

maximum load of 1.5mN using loading/unloading rates of 0.05mN/s, with a 10 second dwell 

at maximum load.  Hardness was calculated by Oliver and Pharr analysis [169]. 

3.2.5 Environmental Performance Testing 

SENB Sample Preparation 

 The resistance to hydrogen embrittlement was investigated for retrieved specimens 

that had been subsea for 9 months, however, joint 2, which was found to contain subsurface 

cracks, was excluded from experiments.  Blank specimens were electro-discharge (ED) 

machined from the partial joints, creating sections 12.5x12.5x120mm long.  The specimens 

were further ground and polished progressively up to a 5µm finish and 12x12±0.1mm square 

section.  Following this, the blank coupons were etched in 2% Nital in order to reveal the 

dissimilar interface.  All specimens were engraved at the ends, indicating the outer diameter 

of the forging. 

 Typically, notching procedures use ED machining with wires that are 0.25mm in 

diameter.  However, ‘missing the interface’, which occurs due to the undulating welding 

profile and unrefined notching procedures, can result in high wastage.  A limited amount of 

retrieved material was available for mechanical testing, necessitating a higher yield, high 

accuracy notching method. As a result, a method of notching with fine gauge (0.15mm) wire 

was developed, ensuring notch intersection and stress localisation at the dissimilar interface.  

Essentially, each blank specimen was ground on one end, creating a square datum from 

which measurements could be made.  The specimens were then placed on a knife-edged jig, 
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mounted on a Mitutoyo shadowgraph.  Measurements were made in the y-direction, in order 

to establish sample thickness, such that a notch could be placed to a depth of 50% sample 

thickness (6.0mm for a 12.0mm sample), Figure 3-4. 

 

Figure 3-4 - Illustration of SENB specimen notch placement. Side B corresponds to the 
outermost diameter of the forging. 
  

 Measurements in the x-direction, from the datum end to the dissimilar interface, at 

half sample thickness, were made on two sides (labelled A and B), perpendicular to the 

notching side.  Calculated grinding angles, G, were then applied to the datum end, according 

to the formula: 

𝐺 = tan−1 (
𝑀𝑒𝑎𝑠𝑢𝑟𝑒𝑑 𝑑𝑖𝑓𝑓𝑒𝑟𝑒𝑛𝑐𝑒 𝑏𝑒𝑡𝑤𝑒𝑒𝑛 𝐴 𝑎𝑛𝑑 𝐵 𝑖𝑛 𝑡ℎ𝑒 𝑥 𝑑𝑖𝑟𝑒𝑐𝑡𝑖𝑜𝑛

𝑆𝑎𝑚𝑝𝑙𝑒 𝑊𝑖𝑑𝑡ℎ
) 

Eqn. 16 
 

After grinding the calculated angle onto each blank specimen, they were placed back on the 

shadowgraph and inspected to ensure that the measurements from the datum end were the 

same on both faces (A and B).  Before machining the notch, it was necessary to apply a 

correction factor, taking into consideration the angles imposed on the specimen during 

machining. The corrected distance, D, is equal to the measured distance from the datum to the 

interface, I, multiplied by the cosine of the grinding angle, plus half of the ED wire thickness, 

W: 

𝐷 = 𝐼 cos 𝐺 + 0.5𝑊 

Eqn. 17 
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Half of the width of the wire diameter is added, as on the ED wire machining apparatus, 

readings are zeroed at the point where the wire initially begins to touch the surface being 

notched.  The correction factor, D, will be very small for low grinding angles (G <1°), but 

becomes significant above this.  After notching, satisfactory notches were checked by placing 

back on the shadowgraph and inspecting intersection of the notch with the interface on both 

sides.  Samples with notches which did not intersect the interface, due to machining errors, 

were discarded.  An example of an ED machined notch using fine gauge wire is given in 

Figure 3-5. 

 

 

Figure 3-5 – a and b)Optical micrographs of EDM notch placement, using thin gauge 
wire on opposing sides of a retrieved 8630-Alloy 625 dissimilar joint (specimen 2).  The 
micrographs demonstrate the accuracy of the notching method. 
 

SENB Pre-charging and testing 

 The notched samples were pre-charged with hydrogen by holding them at -

1100mVSCE in 3.5% NaCl solution.  The potentiostatic charging was applied to simulate 

cathodic protection.  A testing programme, reflecting subsea commissioning (4°C) and 

service (80°C), was designed.  Two samples were then tested for each of the following 

conditions: 

i. CP pre-charging at 4°C for one week, testing at 80°C 

ii. CP pre-charging at 4°C for one week, testing at 4°C 



72 

 

iii. CP pre-charging at 80°C for one week, testing at 80°C 

iv. CP pre-charging at 80°C for one week, testing at 4°C 

Three-point bending rigs were instrumented for single specimen unloading compliance 

tests, using a modified version of BS7448 [158]–[160].  A slow strain rate (SSR) loading rate 

of 0.018mm/h (plastic) was used, with crack tip opening displacement measured by two knife 

edge clip gauges, located at the notch mouth, Figure 3-6. 

 

Figure 3-6 - Single edge notched bend specimen instrumented for testing in a simulated 
marine environment.  Sample is approximately 120mm long. 
 

 Ten elastic loadings were used as instrument calibration (0.1mm/min), before the test 

began.  To minimise testing time, an unloading rate of 0.05mm/min was selected.  After each 

environmental performance test, a number of test validation checks were performed; 

essentially the SENB specimens were heat-tinted in a furnace at approximately 300°C, 

allowing a light oxidation layer to form.  Following this, the samples were immersed in liquid 

nitrogen and broken open.   
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Figure 3-7 – Photographs of a typical SENB fracture surface after ‘heat-tinting’, 
submersion in liquid nitrogen, and breaking open.  The discoloured region corresponds 
to cracking during slow strain rate testing in the simulated marine environment. a) the 
Alloy 625 portion of the specimen and b)the 8630 side. 

 

In accordance with BS7448-4 [160], crack advancement was then measured from the 

notch-tip to the crack tip (corresponding to the edge of the discoloured region), at 9 points 

along the specimen width using a light microscope, Figure 3-7.  The exception to this is one 

retrieved specimen, which was sectioned by ED wire machining, such that the crack path was 

visible in cross-section.  In this instance, test qualification checks were measured at 5 points 

using a light microscope, and the remaining 4 measurement points were line averaged.  This 

is explained in greater detail in Chapter 7. 

3.3 Results 

3.3.1 Microstructural and Chemistry of the dissimilar joints 

SEM Microstructure and Chemistry 

 The retrieved specimens exhibited interfacial zones consistent with a number of other 

studies [14], [148], [150], [151]. As mentioned in Section 2.4, these may be broadly divided 

into two types based on solidification structure morphology: continuous and discontinuous 

partially mixed zones (PMZs), Figure 3-8a and b, respectively.  In the former, the HAZ 

remains ferritic up to the fusion boundary.  The weld metal has then solidified in a planar 

manner, resulting in an apparently particle-free, 10-20µm wide austenitic band - the planar 
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zone that has previously been termed the ‘featureless zone’.  Further into the weld metal, Nb 

and Mo based carbides decorate the regions between dendrite arms, probably as a result of 

the rapid transition to cellular, followed by cellular-dendritic growth. 

 

Figure 3-8 - SEM backscatter images of a retrieved 8630-Alloy 625 joint in cross-section. 
a)a continuous PMZ exhibiting the austenitic planar zone and b) a discontinuous 
partially mixed zone, showing a ‘swirl’ of steel that has penetrated into the weld metal. 
 

 In the discontinuous PMZs, a ‘swirl’ of diluted steel has penetrated the weld metal, 

resulting in a martensite-rich peninsula, which constitutes a disturbance in the otherwise 

continuous interface.  The weld metal above the swirl has solidified in a planar manner, as 

has the weld metal beneath it.  As a result, a primary and secondary planar region has formed, 

each solidifying from the steel towards the undiluted weld metal.  It can also be observed that 

‘fingers’ of weld metal that had penetrated a few microns of the prior austenite grain 

boundaries (GBs) in the HAZ, during welding.  It is important to clarify at this point, that 

‘swirls’ are not the only type of discontinuous PMZ that exists at the fusion boundary; 

beaches and islands may also form depending on the extent of weld pool mixing, as explained 

in Section 2.1.3. An example of discontinuous PMZs is given in Figure 3-9a, whilst an 

example of prior austenite GB penetration, at higher magnification is given in Figure 3-9b. 
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Figure 3-9 - SEM BS images of typical interface regions. a) Discontinuous PMZ 
manifesting as swirls and islands of parent metal within the austenitic weld (retrieved 
specimen 3) and b)Prior austenite GB penetration, or 'fingers' of fused weld metal 
having penetrated the opposing side during welding (retrieved specimen 4). 
 

 During metallographic preparation of one of the retrieved specimens (specimen 2), a 

number of cracks were found, Figure 3-10.  The cracks were predominantly confined to the 

planar zone, rather than to the adjacent, prior austenite GBs or steel HAZ.  Moreover, there 

were several secondary cracks apparently unconnected to the main crack.  There was also 

some crack branching between primary dendrite arms.  It is notable that these cracks, which 

had apparently formed during seabed exposure, were all subsurface. 
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Figure 3-10 – SEM backscatter images of a retrieved 8630-Alloy 625 joint (specimen 2), 
retrieved from subsea service. a) crack linking within the planar zone and interface and 
b) a higher magnification image from the region shown in a. 
 

TEM Microstructure and Chemistry 

 An approximately mid-wall thickness position in a continuous (therefore mid-weld 

bead position) PMZ from specimen 1 was selected for TEM analysis.  Three extractions were 

made, two across the interface, and one towards the outer edge of the planar zone, Figure 

3-11.  TEM sample 1 was selected from a region towards the edge of a weld bead, close to a 

discontinuous PMZ (bead overlap swirl).  Sample 3 was selected from a mid-bead position. 
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Figure 3-11 – a) Positioning of TEM samples with respect to the dissimilar interface in a 
retrieved 8630-Alloy 625 joint; b) FEGSEM-STEM images of TEM sample 1; c) TEM 
sample 2 and d) TEM sample 3. 
 

 Along the interface of the first sample, lath-like martensitic grains were seen running 

vertically through the thin-foil, Figure 3-12a.  Immediately adjacent to this was a transition 

zone, typified as a carbide-free region near to the protective Pt cap.  The nickel rich planar 

zone appeared featureless in the SEM but, at this magnification, nanoprecipitates were 

visible.  It is suggested that they were M7C3, having been well-documented as forming within 

the planar zone of LAS-Alloy 625 weldments, in accordance with [148], [170]. 
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Figure 3-12 - TEM images of retrieved 8630-Alloy 625 joint, sample 1. a) overview of 
the fusion boundary and start of the planar zone (indicated); b) Tilted, higher 
magnification image of the region at the top of the TEM foil showing martensite and M7-

C3 growth. 
 

 At higher magnification, tilted images Figure 3-12b, revealed the lath structure more 

clearly, as well as a narrow band of particles, given in Figure 3-14a to be rich in chromium 

and molybdenum.  These particles are principally chromium based M23C6, having previously 

been identified by diffraction [143].  The dark precipitates, found on the GB obliquely 

crossing the planar zone are also thought to be carbides, although point electron diffraction 

did not confirm this.  Sample 3, Figure 3-14, further away from the discontinuous PMZ at the 

bead overlap position, had a considerably narrower lath martensite zone, but displayed a 

more pronounced carbide-free region in the Alloy 625 next to the interface.  

The interface between the austenitic and ferritic sides in TEM sample 3 is seen 

running diagonally through the micrograph in Figure 3-13a.  Within the Alloy 625 planar 

zone, a carbide-free transition zone, was observed adjacent to the BCC/FCC boundary 

followed by a band of ordered, intragranular nanoprecipitates, visible as dappled specks 

within an FCC matrix.  The precipitates, shown in Figure 3-13b, had nucleated approximately 

500nm from the fusion boundary, and were identified by diffraction and energy dispersive x-
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ray spectroscopy (EDX) as being predominantly chromium based M7C3 carbide.  The small 

size of the precipitates (20x80nm) explains the previous naming conventions such as 

‘featureless zone’.  

 

 

Figure 3-13 - TEM images of retrieved 8630-Alloy 625 joint, specimen 3. a) overview of 
the fusion boundary within a continuous PMZ; b) Higher magnification image from the 
region indicated in a, showing M7C3 carbide growth bordering a carbide-free region. 

 

A scanning transmission electron microscopy (STEM) image from part of the interface 

region is presented in Figure 3-14a, together with an EDX chemical distribution map.  The 

intensity maps for iron and nickel indicate significant localised dilution of the austenitic weld 

metal occurring within the planar zone, corresponding to the carbide-free region.  With this in 

mind, a normalised intensity plot was produced by averaging the element counts in 250nm 

increments across the apparent dissimilar interface, Figure 3-14b. 
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Figure 3-14 - TEM chemical analysis of sample 3.  a) STEM image and EDX-mapped 
chemical distribution across the fusion zone; b) Normalised chemical distribution 
across the fusion boundary, including the ratio of Cr to Ni. 
 

The results clearly show a steep gradient in composition across the 3µm wide PMZ, however 

the composition difference, within the first 250nm either side of the FCC/BCC interface, was 

relatively small.  Therefore, the emergence of the carbide-free zone is a result of the rapid 

chemical changes that occur through planar growth, which in turn, modifies the local carbon 

solubility, inhibiting carbide precipitation immediately adjacent to the fusion line. 

 As previously mentioned, the chemical maps  reveal a narrow band of chromium and 

molybdenum-rich M23C6 within the lath-like structure on the BCC side of the FCC/BCC 

boundary (<1µm from the start of the carbide-free region).  At typical PWHT temperatures, 

chromium is not very mobile and for this reason the carbides seen here are likely to have 

formed during welding, necessitating TEM analysis of as-welded specimens (Section 5.3).  

The relative abundance of boundaries within the lath-structured region may afford a fast 

diffusion pathway for chromium to travel from the parent side.  However, as chromium is 

seen at the fusion boundary, it may have diffused to the region from the austenitic side, as it 

has a tendency to partition to ferrite. 
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 The loss of chromium, either by diffusion to neighbouring regions, or through in-situ 

carbide precipitation, could elevate the martensite start temperature (Ms) in those regions. 

Considering the chemical distribution and morphology, the lath-structured region is 

consistent with tempered lath martensite.  Virgin martensite, found in sample 1, is consistent 

with the extraction area, which is adjacent to a discontinuous PMZ where iron rich swirls, 

within the weld metal, may undergo reaustenitisation during PWHT. 

 The size of the planar zone is determined by weld pool fluid flow, which is in turn 

determined by the welding procedure.  The size of the planar zone can be defined as the 

distance between the BCC/FCC fusion boundary and the breakdown of stability of the planar 

front, where higher atomic number particles are found.  An example of this is the niobium 

based precipitate found in sample 2, (most-likely niobium carbide) from the TEM wafer that 

bridged the planar zone/cellular region.   

 

Figure 3-15 – a) TEM image of the retrieved 8630-Alloy 625 joint showing 
interdendritic niobium carbide adjacent to the planar zone and b) EDX spectrum from 
frame in a.  Note that Cu is present due to the composition of the TEM grid. 
 

3.3.2 Nanoindentation testing 

In an attempt to overcome indent spacing limitations, nanoindentation arrays were set at a 

shallow angle to the fusion line.  In doing so, an effective spacing of 0.5µm perpendicular to 
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the interface was created without interference from the plastic zone of neighbouring tests.  A 

field emission gun (FEG) SEM was used to measure the perpendicular (±1°) distance from 

the centre of each indent to the fusion line.  An example of an indentation array, overlaid with 

hardness values (GPa) is given in Figure 3-16. 

 

 

Figure 3-16 – SEM image of nanoindentation array on a retrieved 8630-Alloy 625 joint 
(Joint 4, array B), overlaid with hardness values (GPa).   
 

The perpendicular measurements allowed hardness profile results to be plotted as a function 

of distance from the apparent fusion line.  Each array was also accompanied by an SEM EDX 

linescan from the interface towards the bulk weld metal, between the middle columns of 

indents, in order to assess the extent of weld metal dilution. 

 Hardness profiles for retrieved joints 2, 3 and 4 are given in Figure 3-17 and Figure 

3-18.  The highest hardness values are given furthest from the interface, and are associated 
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with interdendritic regions.  Discounting these regions, in general high hardness was 

observed immediately adjacent to the interface in both the ferritic and austenitic sides.  

 

Figure 3-17 – Nanoindentation arrays  with accompanying chemical analysis across the 
dissimilar interface in retrieved 8630-Alloy 625 joints.   a) Joint 2, array A; b) Joint 2 
array B; c) Joint 3, array A (discontinuous PMZ) beach. 
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 The EDX traces showed an apparent difference in the chemical gradients at the 

interfaces of joints 2 and 4, despite the fact that the bulk dilution of the beads seemed to be 

levelling out at a similar composition (further away than depicted in the figures). The EDX 

chemical distribution for joint 3, Figure 3-17c, showed a highly different chemical gradient to 

the other joints.  Considering its morphology, the placement of the indentation array is 

consistent with a filler deficient beach (lighter region).  The result of this is a more gradual 

reduction in iron content (and increase in nickel content) with distance.  The data for this 

array also contains a high amount of scatter, due to diverse microstructures that occur within 

a smaller distance to the resolution achieved by the indent spacing. 

 

Figure 3-18 – Nanoindentation arrays  with accompanying chemical analysis across the 
dissimilar interface in retrieved 8630-Alloy 625 joints.   a) Joint 4, array A and b) Joint 4 
array B. 
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3.3.3 Environmental Performance Testing 

The results of the slow strain rate testing at 4 and 80°C show considerably more 

resistance to crack growth, when testing at the higher of the two temperatures, Figure 3-19. 

However there was no clear difference between the pre-charging temperatures. 

 

Figure 3-19 - Single specimen unloading compliance J-R curves for retrieved 8630-Alloy 
625 joints, having been pre-charged (one week) at a) 4°C and b) 80°C. Tests were 
performed in a simulated marine environment at 4 and 80°C (3.5% NaCl solution, -
1100mVSCE via potentiostat). 
 

 An important response is that of the simulated ‘shut-down’ condition, whereby the 

system may have been producing petrochemicals for some time, before standing at the lower 
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temperature of 4°C.  The limited test results presented here indicate that this condition is at 

no greater risk of cracking, despite the fact that, in theory, more hydrogen should be able to 

accumulate at the interface due to the faster diffusion rates associated with the higher 

temperature charging condition. 

3.4 Discussion 

The resistance to hydrogen embrittlement has been demonstrated to increase dramatically 

with temperature, independent of hydrogen pre-charging conditions. These J-R curve results 

are consistent with observations that hydrogen lowers the fracture toughness (Section 2.3), 

but is temperature dependent.   

Interestingly, the joint that exhibited the highest fusion boundary hardness was also found 

to have a number of subsurface cracks.  These cracks were found within the planar zone, 

having propagated incrementally, rather than in a single large event, with some evidence of 

crack linking ahead of the primary crack front.  These observations dispute the fast ‘brittle’ 

fracture described in post-mortem examination of other retrieved ferritic-austenitic subsea 

joints [3] and warrants further investigation.  Recent publications on the subject endorse this 

view, supporting theories of a localised plasticity process, accelerated in the presence of 

hydrogen [148], [149], [170] (HELP), or a combination of HELP with decohesion (HEDE) at 

carbide-matrix interfaces within the planar zone [141], [142]. 

3.5 Chapter Summary 

The planar zone in the 8630-Alloy 625 buttering interfaces retrieved from subsea 

service, and having presumably been given an industry standard PWHT, are decorated by 

fine M7C3 precipitates.  The formation of these is attributable to carbon diffusion during 

PWHT, and will be explored in the following Chapters. 
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Hardness peaks at the interface between the forging and weld metal arise from either 

martensite or carbide particles, or a combination of both. The fine scale of these features 

warrant examination at higher magnifications, if possible, under different PWHT conditions, 

to establish a correlation between microstructure and mechanical properties.   

Using partial sections from retrieved joints, sample preparation and testing methods have 

been established.  These techniques are based on established procedures [158]–[160], albeit 

modified to suit dissimilar joints tested under the influence of hydrogen charging.  These 

methods will be used to characterise the resistance to CP-induced cracking in future sections. 

Based on this Chapter, and reviewed literature (Section 2.4), a summary of LAS to Alloy 

625 weld interface microstructures can be made, these are illustrated in Figure 3-20, and are 

described as follows: 

i. The body centred cubic ferritic microstructure of the parent low alloy steel forging 

containing carbides and inclusions. 

ii. A mainly ferritic, decarburised, grain-coarsened heat-affected zone (GCHAZ), 

immediately adjacent to the interface, with fingers of fused weld metal that have 

penetrated into prior austenite grain boundaries. 

iii. A martensitic region at bead overlap positions (where ‘swirls’ normally occur) that 

extends into the PMZ, labelled as a ‘discontinuous PMZ in Figure 3-20. 

iv. A thin band of martensite at the fusion boundary between the dissimilar metals. 

v. An austenitic, apparently particle-free region (at low magnifications), that has 

solidified in a planar manner, into which carbon may diffuse during PWHT – the 

‘planar zone’. 

vi. An austenitic region further into the PMZ containing higher atomic number 

interdendritic particles. 
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vii. The bulk weld metal away from the fusion zone that is FCC and presents a less 

diluted chemistry. 

 

 

Figure 3-20 - Illustration of typical microstructures at the fusion boundary of a typical 
austentic-ferritic dissimilar joint. 
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CHAPTER 4. Modelling of Chemistry and Phase Change in Dissimilar 

Joints during PWHT 

 

4.1 Introduction 

In the previous Chapter, a summary of the microstructures that are present in a typical 

joint, retrieved from service in a marine environment, was presented.  Assessment of the 

microstructure is useful, not just in comparing specimens fabricated for investigation of 

mechanical performance under varying PWHT, but in the modelling of the fusion zone.  In 

this Section, microstructural models are formulated based on the observations made in the 

previous Chapter.  The microstructural models compare the material combination used for the 

retrieved joints, 8630-Alloy 625, with two further dissimilar weld combinations.  In doing so, 

the forging and weld metal compositions, and their effect on fusion zone morphology, can be 

compared. 

To begin with, the three dissimilar joints are evaluated, using laboratory fabricated 

specimens.  Elemental characterisation (SEM EDX) is used to assess dilution of the weld 

metal in the as-welded condition and again, after heat treatment.  EBSD is then used to 

characterise typical interface microstructures in greater detail.  Together, the results highlight 

the limitations of the thermodynamic and thermo-kinetic simulations, modelled in Thermo-

Calc and Dictra, respectively.  The results of the diffusion simulations aid in determining the 

heat treatments that result in excessive decarburisation of the HAZ, followed by carbon 

enrichment and new phase precipitation in the planar zone. 
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4.2 Experimental Procedure 

4.2.1 Materials 

The three dissimilar weld specimens (F22-Alloy 625, F22-309LSi and 8630-Alloy 

625) were provided in the as-welded condition.  The exact welding procedures, and therefore 

details of the heat-inputs, are given in appendix A.  The selection of the LAS-Alloy 625 joints 

is based on their current usage as manifold-based hub forgings.  Whilst the F22-309LSi joint 

is not a proposed solution to the problem of in-service hydrogen cracking, it is included, for 

comparison of the metallurgical aspects that relate to failure.  The nominal compositions of 

the parent and weld metals is given in Table 4.  The 8630 and F22 forgings were heat treated 

for 10 hours at 675±5°C and 665±5°C, respectively. 

 

Table 4 – Specified nominal compositions (wt%) of the components of the three 
dissimilar weld combinations 

 

4.2.2 Microstructural analysis 

After electro-discharge machining, all metallographic specimens were manually 

ground using 80 to 1000 SiC papers, as described in the previous Chapter, Section 3.2. Cloths 

were used for polishing, together with 3, 1 and 0.25μm diamond suspensions.  Final finishing 

included polishing using colloidal silica (OP-U). 

8630 (AISI 8630) F22  (ASTM A-182 ) 309 (ER309LSi) Alloy 625 (ERNiCrMo-3)

C 0.28-0.33 0.08-0.15 max 0.03 0.01-0.1

Mn 0.70-0.90 0.30-0.60 1-2.5 0.125-0.5

Ni 0.40-0.70 0.5 max 12-14 >58.0

Cr 0.40-0.60 2.0-2.50 23-25 20.0-23.0

Mo 0.15-0.25 0.90-1.10 max 0.75 8.0-10.0

Si 0.15-0.30 0.15-0.50 0.65-1.0 0.125-0.5

Nb - - - 3.15-4.15

Fe Bal. Bal. Bal. 5.0 max

Parent metals Weld metals
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The fusion zone microstructure, of all joints, was examined using an FEI Sirion SEM. 

Both backscatter (BS) and secondary electron (SE) modes were used. As hydrogen-assisted 

failure, within planar solidified zones, is commonly associated with the Steel-Alloy 625 

joints, these joint types were also subjected to EBSD analysis, using a HKL Nordlys EBSD 

detector. Quantitative EDX analysis was performed, using a Princeton Gamma Tech detector. 

All SEM studies were performed using a 20kV accelerating voltage. All EDX linescans had a 

0.5µm point resolution. 

4.2.3 Thermodynamic Simulations 

Thermodynamic simulations for the three dissimilar welds were conducted using the 

calculation of phase diagrams approach, or ‘Calphad’. Calphad has become a widely 

recognised tool in the development of new materials and processes, since its first inception in 

the 1970s by Kaufman and Bernstein [171].  Calphad is based on the law that states that a 

system with a given composition, temperature and pressure attains that state of lowest Gibbs 

energy, under these conditions [172].  Provided that the Gibbs energy is known for the 

individual phases, the overall equilibrium state may then be calculated using an energy 

minimisation procedure.  In particular, the Thermo-Calc
TM 

software was used. Thermo-Calc 

is a powerful tool, allowing for the calculation of, for example, phase diagrams (binary, 

ternary and multi-component), transformation temperatures and solidification using the 

Scheil-Gulliver model [173][174]. 

 Weld metal dilution (as explained in Section 2.1.5) was calculated using the medians 

of the specified composition ranges of each joint, in 10% increments.  For enhanced detail at 

the extreme ends of the dilution range, dilutions between 0 to 10% and 90 to 100%, 

calculations were made in 2% increments.  Thermodynamic simulations were then conducted 

for each calculated dilution point, using Thermo-Calc
TM

.  The fusion zone microstructure, in 
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a dissimilar 8630-Alloy 625 joint, has previously been evaluated by Alexandrov et al, using 

similar methods [54], albeit with different thermodynamic databases.  In this work, the 

updated TCS Steels/Fe-Alloys Database Version 6.2 (TCFE6) [175]  was used, in simulations 

above 50wt% iron. Simulations with 50wt% nickel or higher were conducted, using the 

Thermotech Ni-DATA database, version 7 (NIDAT7) [176].  Lowering the principal 

database component to near 50wt% carries increasing inaccuracy, due to the databases being 

evaluated with substantially lower alloying content.  The lower accuracy simulations are 

therefore indicated. 

 The Scheil-Gulliver (S-G) solidification module, within the software package, was 

used to calculate the solidification mode.  Solidification range was determined within the 

Scheil-Gulliver module, assuming equilibrium conditions at the solid-liquid interface.  Under 

S-G solidification, the solid-liquid (S-L) interface is in equilibrium, such that no diffusion 

occurs within the solid. It also assumes complete mixing within the liquid phase.  In order to 

calculate phase equilibria for the F22 and 8630 parent metals, liquid, BCC, FCC, M23C6, M7-

C3, M6C, M5C2 and M3C2 phases were added. The temperature was lowered from 2000 to 

400°C and calculations made at 1°C intervals, until the solid fraction reached 0.99. 

4.2.4 Diffusion simulations 

Non-equilibrium, Diffusion controlled transformations during PWHT were calculated 

using Dictra
TM

[173].  Dictra is a programmable software package for the calculation of 

diffusion and phase transformation in multicomponent alloys.  It is particularly useful in 

assessing microstructural stability between two metals at elevated temperatures.  An example 

of this was published by Anand et al [177], who used Dictra to successfully predict 

microstructure formation during high temperature exposure of dissimilar ferritic steel 

weldments.  The authors found that the formation of hard and soft zones was attributable to 
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carbon diffusion towards the higher chromium metal, and their models showed a strong 

correlation with experimental observations. 

 The software combines the thermodynamic data used within Thermo-calc, with a 

kinetic ‘mobility’ database – a database that contains information about the atomic mobility 

of individual components in relevant phases [178]. The accuracy of Dictra is highly 

dependent on database accuracy, however choice of geometry is also an important factor 

[179].  In this work, a ‘sharp’ dissimilar interface method was selected, which is analogous to 

two materials placed side-by-side, with no prior mixing.  

The modelling of dissimilar welds, especially where two major constituent phases are 

present, necessitates the use of a homogenisation function – a means of averaging kinetic 

properties.   

  To make the correct choice of homogenisation function, prior knowledge of the 

microstructure and phase constitution is required [180].  As a result, diffusion modelling was 

conducted with prior knowledge of the microstructure [143], [148], together with knowledge 

of phase equilibrium from Thermo-calc computations.  The Hashin-Shtrikman (H-S) bounds 

were deemed most appropriate for the diffusion models.  Geometrically, the H-S bounds can 

be considered as groups of concentric spherical shells of phases. 

 A variety of bounds exist within the set of H-S homogenisation functions.  These arise 

from modifications to the geometrical properties, and consist of: 

i. The H-S bound with predefined matrix phase.  In some systems there is a continuous 

matrix phase (for example in a diffusion couple between two ferritic steels).  It is 

therefore appropriate to use this bound, setting the matrix phase as the ‘α-phase’. 

ii. The majority phase as the matrix phase, in which the phase with the highest local 

volume fraction becomes the local ‘α-phase’. 
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iii. The upper and lower bound with excluded phases.  These bounds may be used when a 

few phases make up majority of the volume, with a small volume fraction of 

dispersed phases distributed within.  Where necessary, the dispersed phases may be 

excluded from the simulation. 

Despite the added computational complexity compared to the other options, the H-S function 

with the locally highest phase as the matrix (majority) phase was deemed most appropriate. 

This is because a continuous phase is not present throughout the whole dissimilar joint 

(bound i), nor was enough phase fraction information available to implement bound iii. 

 To assess phase equilibria, the TCFE6 database was used, whilst mobility (thermo-

kinetic) data was assessed using the mobility database V.2 (MOB2) [181]. Simulations were 

carried out at an assumed temperature of 665°C for up to 100 hours.  The FCC, BCC, M23C6 

and M7C3 phases were added to the simulation of the F22 and 8630-Alloy 625 joints, in line 

with the observed fusion zone phases. 

4.3 Results 

4.3.1 Experimental Results of Microstructure and Chemistry 

The microstructures observed in the three dissimilar joints were consistent with the cross-

section illustrated schematically in Figure 3-20, Section 3.5.  The joints had varying amounts 

of discontinuous PMZ, due to welding procedure and compositional differences.  To aid 

comparison, only continuous PMZ were selected for analysis.  SEM BS electron images, 

together with EDX linescans, across the three fusion boundaries, are presented in Figure 4-1, 

in the as-welded condition.  Values corresponding to the dilution of iron in the weld metal, 

are indicated on the micrographs.  The arrows on the diagrams show the linescan traces, in 

which the composition in the corresponding graphs, were measured. 
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Figure 4-1-Low magnification SEM BS electron images with accompanying EDX 
linescans (yellow arrow) across the fusion boundaries of a) F22-Alloy 625; b) 8630-
Alloy 625 and c) F22-309LSi dissimilar joints (as-welded condition). 
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 Regions of partial mixing were observed as transitional changes from the parent to 

weld metal.  PMZ width is determined by factors including heat-input and filler feed rate.  

Therefore, the two Alloy 625 joints, having been fabricated under the same welding 

conditions, can be compared.  In the F22-Alloy 625 joint, the PMZ width was approximately 

twice that of its 8630 counterpart, although the width of the PMZ is likely to vary across the 

thickness of the weld, due to localised differences in weld pool mixing, as discussed in 

Section 2.1.3. 

 To elucidate near-interface regions, higher magnification linescans, from the same 

continuous PMZ regions as in Figure 4-1, are presented in Figure 4-2. 



97 

 

 

Figure 4-2 – SEM BS electron images of the dissimilar joint fusion boundaries (in the as-
welded condition), overlaid with corresponding EDX chemical distribution linescans, for 
the three dissimilar joints: a) F22-Alloy 625; b) 8630-Alloy 625 and c) F22-309LSi. 
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The most significant composition changes occur within the planar zone of both of the Alloy 

625 butterings.  Of these two joints, the steepest composition gradient was observed to occur 

across the 8630-Alloy 625 interface, and was associated with a reduced planar zone width.  In 

the 8630 and F22-Alloy 625 interfaces, the planar zone widths were approximately 8 and 

32μm, respectively. 

 The nickel content across all three dissimilar joints decreases from the weld metal 

PMZ towards the parent metals. During cooling, the reduced nickel content results in a 

weaker driving force for the stabilisation of austenite to lower temperatures.  Together with 

the high carbon content of the forging, this creates a scenario whereby martensite is likely to 

form even under slow cooling conditions.  As explained in Section 2.1.5, the Schaeffler 

diagram can be used to predict microstructure formation, in the transition region between two 

dissimilar metals, under the cooling conditions associated with arc welding.  To illustrate this, 

the nickel and chromium equivalents have been superimposed on the diagram in Figure 4-3. 

 

Figure 4-3 - The Schaeffler diagram, with superimposed lines for the composition range 
of the three dissimilar joints.  Adapted from [57]. 
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The partially-mixed zone may consist of all compositions connecting each pair of 

points together.  In all three pairings, the composition traverses through a martensitic region, 

such that martensite may be expected at the interface between the two materials.  A complete 

assessment of the chromium and nickel equivalencies over the whole dilution range is given 

in the Appendix C, together with predicted phase percentages.  Due to the higher nickel 

concentration of the joints prepared with Alloy 625, a steeper composition gradient is found 

within the PMZ, compared to the 309LSi combination.  Consequently, there is a reduced 

compositional band, over which, martensite is stable, hence resulting in the formation of a 

thinner band of martensite. 

 In the as-welded condition, martensite was present in its virgin form, whereas after 

PWHT, the structure presented a tempered morphology.  Although the width of the 

martensitic band varied along the length of the interface due to weld pool mixing, in general 

the F22-Alloy 625 combination had a broader martensitic band than that of the 8630 joint. 

Micrographs of interface martensite are presented, at higher magnifications in section 5.3.3. 

Differences in martensite band width between the F22 and 8630-Alloy 625 joints are 

attributed to the higher nickel equivalency in the 8630 joint, as well as higher hardenability.  

In both of the Alloy 625 joints, interface martensite typically measured less than 1μm, 

whereas in the F22-309LSi combination the same structure measured approximately 4μm, as 

indicated in Figure 4-2c. 

 EBSD analysis of the interfacial regions was used to determine phase constitution and 

grain texture.  The polished sections were analysed using a 0.5μm sampling interval.  Inverse 

pole figure plots are given relative to the observed surface plane.  In each plot the FCC phase 

is shown in red, whilst the BCC phase is shown in blue. For clarity, the phase maps are 

overlaid with associated electron band contrast images. Figure 4-4 shows two continuous 

PMZ sections from the F22-Alloy 625 joint, in the as welded condition. 
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Figure 4-4 – Phase constitution (overlaid with band contrast image) and EBSD maps for 
a and b) F22-Alloy 625 joint, continuous PMZ in the as-welded condition. 

 

 In the F22 joint, the iron-rich parent metal was determined to be BCC.  Within the 

continuous PMZ, the BCC/FCC fusion boundary appears to be nominally flat, however the 

same is not true within discontinuous PMZ regions, Figure 4-5. 
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Figure 4-5 – Phase constitution and EBSD maps for a) 8630-Alloy 625  joint after 10 
hours of PWHT  showing a swirl adjacent to a continuous PMZ; b) F22-Alloy 625 
dissimilar joint in the as-welded condition showing a discontinuous region with weld 
metal penetration; c) the inset region from b, showing weld metal penetration  in 
greater detail. 

 

 The interfaces presented in Figure 4-5 show discontinuous partially-mixed zones, in 

which the BCC/FCC boundary is irregular in shape.  In particular, the weld metal has 

penetrated the GBs of the ferritic side, probably during welding as opposed to during PWHT.  
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The penetrations are shown to have an FCC structure before PWHT, Figure 4-5b and c, and 

are likely to remain so after PWHT, due to the selection of PWHT temperature. 

 The parent metal, and molten metal, within the GB penetration, are likely to lie within 

the steep composition gradient.  Both near-interface sides of the fusion zone are predicted to 

form austenite, initially, with overlapping austenite temperature ranges, appendices, Table 10 

- Table 12, and Figure 4-8. In accordance with Alexandrov et al [54] the solidification 

sequence and temperature ranges of both sides may promote localised epitaxial solidification 

of the weld metal from the neighbouring steel HAZ grains. 

In all the EBSD maps presented, a planar solidified zone is seen, regardless of PMZ 

type. Grains within the planar zone had a high aspect ratio; the long sides were aligned 

parallel to the dissimilar interface. High angular misorientation, is observed between planar 

zones and neighbouring dendritic regions. Elongated grains, perpendicular to the fusion 

boundary, indicated grain growth towards the centre of the weld pool, during solidification.  

4.3.2 Results from Thermodynamic Models 

The predicted phase equilibrium calculations for the 8630 parent metal, Figure 4-6, 

show that above the martensite transformation temperature, complete dissolution of the 

M23C6 and M7C3 phases is possible. The chemistry differences between the F22 and higher 

carbon content 8630 forging result in dissimilarities in phase content; cementite is not stable 

in the F22 forging, whereas M6C carbide is not stable in the 8630 forging.  At a typical 

PWHT temperature of 650°C, complete dissolution of M23C6 is not predicted in the F22 

forging. 
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Figure 4-6 - Thermo-Calc prediction of phase equilibrium in a) the F22 and b) 8630 
parent metals 
 

 The Thermo-Calc prediction of phase stability in Figure 4-6 considers the unmixed 

parent materials only.  In dissimilar welds, within discontinuous partially mixed zones 

containing austenite stabilising elements, the selection of PWHT temperature may be 

sufficiently low, such that localised regions undergo the BCC-FCC transition.  To illustrate 

the point, consider a ‘swirl’ of parent metal that has penetrated into the weld metal, such as 

that in Figure 4-7. Two indicated points were measured quantitatively, for the following 

elements Fe, Ni, Cr, Nb and Mo.  A carbon percentage of 0.3wt% (assumed), corresponding 

to the nominal forging composition was included, such that the thermodynamic models are 

simplified and do not include fully specified elements, as indicated in Table 5.   
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Figure 4-7 – A PMZ swirl at the boundary between 8630-Alloy 625, after 10 hours of 
PWHT. a) SEM BS image of swirl; b) Thermo-Calc prediction of phase constitution in 
point 1 and c) in point 2. 
  

Table 5 – EDX measured weight percentages for the points indicated in Figure 4-7. 
Values for carbon were assumed, based on the nominal composition of the parent metal. 

 

Measurement 
Point Fe* Cr Ni Mo Nb C* 

1 Bal 0.63 0 0.77 0.5 0.3 

2 Bal 6.5 13.07 2.37 3.61 0.3 

   
*Assumed weight percentages 

 

The BCC_A2 values are far higher in the forging side, point 1, compared to the within the 

swirl, point 2.  The effect is pronounced, such that at a typical PWHT temperature of 650-

675°C, within the swirl, the metal consists solely of M6C and FCC phases. Whilst the phase 

diagrams are simplistic and consider equilibrium aspects only, they highlight that the 

formation of virgin martensite within discontinuous PMZs may be possible following cooling 

from typical PWHT temperatures. 
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 The predicted solidification ranges, for the three dissimilar joints, are given in Figure 

4-8.  Overlaid on the graph is the percentage of δ-ferrite at solidification, over the dilution 

range.  For the 8630 joint, the undiluted parent metal initially solidifies as 36% δ-ferrite, 

reducing to 14% at 98% dilution of the filler wire.  In the F22-Alloy 625 joint, δ-ferrite 

formation is extended further into the dilution range.  In its undiluted state, a phase 

percentage of 84% δ-ferrite was calculated.  27% δ-ferrite was calculated at 92% dilution.  In 

the F22-309LSi joint, δ-ferrite extends throughout the whole dilution range, although it is 

reduced by mixing with the 309LSi filler metal. 
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Figure 4-8 – Thermo-Calc predictions of the solidification temperatures over the 
calculated concentration range (linear dilution) for the three dissimilar combinations, 
using the S-G module. a) 8630-Alloy 625; b) F22-Alloy 625 and c) F22-309LSi 
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 For all three dissimilar weld combinations, a decrease in the dilution of the filler 

metal by the LAS parent metal, results in a similar decrease in both liquidus and solidus 

temperatures.  Due to the relative compositional similarity between the materials, the F22-

309LSi joint has a lower liquidus-solidus temperature range throughout the dilution range.  In 

general, however, the solidification range increase with decreasing dilution of the filler metal. 

EDX measured compositional gradients indicate, that in the planar zone of the F22-Alloy 

625 joint, the dilution range is approximately 100 to 68%.  In the 8630-Alloy 625 joint, 

planar zone dilution is between 100 and 46%.  By comparing the solidification range with 

these measured values, a sharp temperature gradient would be expected within the planar 

zone after welding.  The results suggest that, in the F22-Alloy 625 joint, from the parent 

metal at the fusion boundary, a 32μm thick planar band is predicted to exist, which has a 

liquidus temperature gradient of approximately 150°C.  In the 8630 joint, the planar zone is 

narrower, at approximately 10μm, yet also has a liquidus temperature gradient of 

approximately 150°C. 

 Temperature dependency on carbon thermodynamic activity, for the parent and weld 

metals, is presented in Figure 4-9.  Compared to the weld metals, carbon activity is far higher 

in the F22 and 8630 parent metals.  Carbon is likely to diffuse in the direction of its 

thermodynamic activity gradient.  High carbon activity in the parent metals, combined with 

high concentration gradients, will encourage diffusion of carbon from the LAS forging, 

towards the weld metal.  The higher heterogeneity between the diffusion couple, the higher 

the likelihood of carbon redistribution during PWHT. 
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Figure 4-9 - Thermo-Calc prediction of carbon activity for a) the F22 and 8630 parent 
metals and b) the weld metals.  Typical PWHT temperature ranges are indicated. 

 

 The activity of carbon in F22 is seen to increase with temperature from 400 to 780°C.  

Conversely, over the same temperature range, the carbon activity decreases considerably, in 

the 8630 material.  Despite the contrasting carbon activity trends, at typical PWHT 

temperatures, the carbon activity in the 8630 is approximately 12 times higher than in the F22 

material. 

 In the weld metals, the carbon activity remains comparatively low, at typical PWHT 

temperatures.  This is attributed to the diffusivity in austenite being considerably lower than 

in ferrite and the carbon solubility being higher.  The reduced nickel content in the 309LSi, 

results in a higher carbon activity at typical PWHT temperatures, compared to the Alloy 625.  

4.3.3 Results from Diffusion Models 

Quantitative measurements of carbon concentration profiles are difficult due to the 

low atomic number of carbon, however they were modelled in Dictra, as presented in Figure 

4-10. 
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Figure 4-10 –Calculated phase distribution and carbon weight percentage values for the 
LAS-Alloy 625 joints after 10 hours of PWHT at 665°C. a)F22-Alloy 625; b)8630-Alloy 
625 and c)8630-Alloy 625 showing the formation of M7C3. 
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 The Dictra models were performed under the assumption of an abrupt transition 

between the two materials before PWHT.  In practice, however, chemical gradients between 

the two dissimilar metals, are present, in which a transitional increase in chromium within the 

weld metal is observed.  Chromium is known to lower the chemical potential of carbon [182], 

[183], thus a discontinuity in chemical potential of carbon would be expected across the 

interface. 

 In the models, diffusion of carbon during PWHT resulted in 1.5% and 2.25wt% 

carbon in the weld metals of the F22 and 8630-Alloy 625 dissimilar joints, respectively.  The 

high rate of diffusion stems from a higher diffusivity of carbon in ferrite than in austenite.  

Diffusion of carbon into the weld metal also resulted in the formation of a carbon-depleted 

region in the ferritic side, which would result in a reduction in HAZ hardness.  To exaggerate 

the decarburisation phenomenon, calculated carbon distributions during PWHT up to 100 

hours are given in Figure 4-11. 

 

 

Figure 4-11 – Calculated distribution of carbon across the dissimilar interfaces under 
various lengths of PWHT. a) The F22-Alloy 625 and b) the 8630-Alloy 625 joints, 
showing decarburisation of the LAS with increasing PWHT time. 
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 Carbon diffusion into the austenitic side of the Alloy 625 joints resulted in the 

solubility limit being reached, causing the precipitation of new phases.  M23C6 carbide is 

predicted to form, in the austenitic side of both dissimilar joint types.  The formation of this 

carbide has been observed in LAS-Alloy 625 joints [14], [143], [148], but not in the austentic 

side immediately adjacent to the interface (i.e. not in the planar zone).  The M7C3 carbide is 

predicted to form, within the weld metal, of the 8630-Alloy 625 joint after 10 hours of 

PWHT.  This is an interesting observation, as the simple diffusion couple does not account 

for the morphology and chemical gradients that are present in real dissimilar welds.  The 

prediction of the formation of M7C3, after 10 hours of heat treatment, in the 8630 weld, but 

not in the F22-Alloy 625 joint, is consistent with the TEM observations of Fenske [14], as 

well as those presented later in this work.  However, with further PWHT, beyond that typical 

of industry practice, M7C3 precipitation within the weld metal is likely, due to further 

diffusion of carbon from the LAS side.  Results to confirm these findings are presented in 

Section 5.3 

 

4.4 Discussion 

The formation of embrittled weld fusion boundary regions, is determined primarily by 

the welding process used, and the parent/weld metal combination.  The F22-309LSi joint was 

selected solely as a metallurgical comparison to the LAS-Alloy 625 joints.  In the 309LSi 

combination, the relative similarity between the PM and weld metal, reduces the chemical 

gradient with consequent broadening of zones exhibiting transitional microstructures.  This is 

perhaps most evident when comparing interface martensite; the highly dissimilar 8630-Alloy 

625 combination, produced the narrowest martensite band and planar zone. 

 The steep weld metal composition gradient, appeared linked to planar zone width.  

The F22-Alloy 625 weld had a considerably broader planar zone and a less sharp 
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compositional change, than the 8630-Alloy 625, despite the use of a similar welding 

procedure.  The steepest composition gradients, might be expected within the planar zone, 

due to the fact that larger composition changes occur in planar solidified regions, compared 

to cellular or dendritic areas [184]. 

 During PWHT, carbon saturation in the planar zone is accompanied by the formation 

of M7C3 [14], [148].  The width and morphology of the planar zone might therefore play an 

important role in the formation of these phases.  The EBSD analysis has demonstrated that 

grains within the planar zone have a high aspect ratio, the long sides of which are parallel to 

the dissimilar interface.  The relative scarcity of GBs within the planar zone, compared to the 

bulk weld metal, may alter the diffusion dynamics of carbon.  Grain boundaries further into 

the weld metal may represent preferable diffusion pathways, so that intragranular M7C3 

precipitation ceases, in preference of a different phase.  The extent of carbon diffusion, 

further into the weld metal than the planar zone, has been predicted by the diffusion models, 

however these do not account for the wide range of microstructures in the transition region, 

such as the existence of the planar zone. Similarly, diffusionless structures such as martensite, 

are not included in Dictra, thus tempering, and interface martensite’s effect on long range 

diffusion are not accounted for. 

 As well as redistributing residual stresses, PWHT also tempers virgin 

martensite and increases HAZ ductility. Synchronously, peak hardness associated with 

interface martensite, may be reduced, provided the PWHT temperature is kept below the Ac1 

transformation temperature. Thus, it is proposed that during PWHT there are  a number of 

different mechanisms taking place: 1) martensite tempering 2) redistribution of residual 

stress, and as demonstrated in this Section, 3) the formation of phases in the interfacial 

transition zone which might exacerbate hydrogen embrittlement, such as M7C3 and 4) some 

degree of de-carburisation of the forging HAZ. The latter point suggests that lengthy PWHTs, 
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in which a significantly de-carburised zone forms within the HAZ, can cause loss of strength 

and toughness. 

4.5 Chapter Summary 

Along with welding procedure, the chemical composition of the forging and weld metal 

influence the formation of hydrogen-assisted cracking, susceptible microstructures.  

Diffusion of carbon may result in the formation of the detrimental M7C3 carbide phase within 

the planar zone of the LAS-Alloy 625 welds, where a steep composition gradient exists after 

welding.  At typical PWHT temperatures, there is reduced carbon activity in the F22 PM, 

compared to that in the 8630 steel.  Therefore, the extent of carbon diffusion into the weld 

was also reduced. 

Hydrogen-assisted cracking of the planar zone might be mitigated by altering the forging 

chemistry.  Unlike the 8630-Alloy 625 combination, PWHT of the F22-Alloy 625 joint for 10 

hours, did not result in the formation of M7C3.  On this basis, the F22 forging represent a 

possible solution to cracking within the planar zone of heat-treated LAS-Alloy 625 welds.  

However, to confirm the latter point, mechanical performance testing under simulated service 

conditions, is required, along with post-mortem fractographic examination, as explored in the 

following Chapters. 
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CHAPTER 5. The Effect of PWHT on Resistance to Hydrogen 

Embrittlement 

5.1 Introduction 

The microstructures that occur within a typical (industry standard) dissimilar joint 

between an 8630 forging and Alloy 625 weld metal were explored in Chapter 3.  The results 

indicated that, during PWHT, carbon migrates to the planar zone where it may form new 

precipitates.  A method of testing the resistance to hydrogen embrittlement, via mechanically 

driven cracking under the influence of CP, was also established.  Following this, in Chapter 

4, the microstructures that form during welding, and subsequently during PWHT, were 

modelled.  The driving force for new phase precipitation was found to be partially dependent 

on the composition of the parent metal. 

Building on the above observations, in this Section a testing programme is used in 

order to rank the resistance to hydrogen embrittlement of the 8630-Alloy 625, and the lower 

carbon content F22-Alloy 625 joint.  A series of heat treated sample coupons are subjected to 

SEM and TEM analyses in order to verify the extent of carbon diffusion, and to assess the 

microstructures responsible for the observed mechanical responses. 

 

5.2 Experimental Procedure 

5.2.1 Materials and sample preparation 

Plate specimens, from ex-hub forging F22 and 8630 material, were water-jet 

machined to create ‘L’ shaped parent samples.  Each specimen was welded using a buttering 

technique with Alloy 625, according to the process detailed in appendix A.  The nominal 

compositions of the forging and weld metal is given in Table 4.  To confirm conformance to 

compositional specifications, independent UKAS accredited, optical emission spectroscopic 
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(OES) analyses were performed on the forging material.  The OES results are available in 

Appendix B.  Slightly elevated molybdenum, nickel and chromium values for the 8630 

material indicate the provided 8630 hub may fit the criteria for an 8630M forging – a 

modified form of the low alloy steel. 

5.2.2 Environmental Performance Testing 

Environmental mechanical tests were used to rank the resistance of the dissimilar 

joints to hydrogen embrittlement, according to the duration of heat treatment to which they 

were subjected.  A series of 120mm long, blank, single edge notched bend (SENB) 

specimens, with a 12.5x12.5mm square section, were ED machined from each of the F22 and 

8630-Alloy 625 interfaces.  The specimens were furnace heat-treated with air cooling for 1, 

10 and 100 hours at 650±5˚C and 675±5˚C, respectively. Following PWHT, the specimens 

were ground and polished to a 12x12±0.1mm square section to remove oxidation layers, and 

etched in 2% Nital to reveal the dissimilar interface.  

Butter weld interfaces are not planar, but when viewed on a transverse cross-section, the 

weld typically displays an undulating penetration profile.  The SENB specimen notches 

needed to be cut to intersect as much of the non-planar surface as possible.  This was 

achieved using the notching method that was developed in Section 3.2.5, further aiding in 

comparison of resistance to hydrogen embrittlement between the two sample types. The 

notches were cut in the plane of the interface in the through-thickness direction of the joints 

to a depth of 6mm using Ø0.15mm wire. 

Hydrogen pre-charging and testing temperatures were selected in accordance with the 

lowest performing crack-growth resistances from the retrieved specimens.  Prior to testing, 

each sample was pre-charged with hydrogen for one week at -1100mVSCE in a 3.5% NaCl 

solution. The solution was recirculated through a chiller to replicate typical subsea 
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commissioning temperatures of 4±2˚C and a potentiostat was used to simulate cathodic 

polarisation conditions.  The same test parameters as for the retrieved specimens, were used 

for single edge notched bend testing: a loading rate of 0.018mm/hr, unloading at 0.05mm/min 

and ten elastic unloadings before beginning the test (0.01mm/min).  Fracture surfaces, 

corresponding to in-situ cracking, were revealed after heat-tinting.  A fractographic 

comparison between the retrieved joints and those fabricated for investigation of PWHT, is 

given in Chapter 7.  

 

5.2.3 Microstructural Analysis 

In Section 4.2.4, carbon was found to diffuse towards the weld metal during PWHT - 

the extent of the diffusion is dependent on the length of time at the PWHT temperature.  To 

verify the relationship experimentally, additional sample coupons were prepared from F22 

and 8630-Alloy 625 specimens and subjected to the same PWHT conditions as above, with 

the addition of a further sample that was heat treated for 1000 hours.  The 1000 hours heat 

treatment was applied to further demonstrate the effect of excessive heat treatment. 

 Each interface sample was placed in a Zeiss E-SEM, equipped with EDAX EDX 

equipment.  Initially, the bulk material was used to optimise the working distance, 

accelerating voltage, current and amp time.  A region within a continuous PMZ was then 

selected for incremental ‘carbon scans’ perpendicular to the interface.  A selected area of 

10x100µm, placed immediately adjacent to the dissimilar boundary in the base metal, was 

selected for analysis.  Pre-set EDX scan times of 20s were used and the net peak intensities 

(NPIs) for carbon and nickel were recorded upon completion.  The stage was traversed 

incrementally by 10µm after each scan.  Consequently, the corresponding carbon NPI values 

can be considered to be averages over each 10µm distance.  After completion of the scans in 
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the HAZ, the analysis box was positioned adjacent to the interface inside the weld metal and 

the procedure repeated.  Due to inaccuracies inherent with carbon quantification by EDX, the 

values obtained from the scans were normalised to the average of three carbon NPI values 

within the bulk weld metal, far away from the interface (therefore away from regions of high 

carbon activity). 

 SEM images were taken of each dissimilar interface whilst conducting the EDX 

carbon scans.  However, in order to assess the nanoscale features, it was necessary to prepare 

TEM samples.  To do this, an FEI Nova 600 nanolab dual beam system was used, using the 

same procedure described in Section 3.2.3.  TEM samples were selected based on 

observations of the mechanical performance tests: the as-welded, highest performing, and 

‘over-aged’ conditions.  All TEM analyses were performed on Jeol 2010 and 2100 

microscopes, operating at 200kV.  Princeton Gamma Tech EDX equipment was used for 

elemental and phase identification. 

5.3 Results 

5.3.1 The Effect of PWHT on Carbon Diffusion across the Dissimilar Interface 

The results from the carbon diffusion scans are presented in Figure 5-1.  In the 8630-

Alloy 625 system, all applied heat treatments had the effect of creating a measurable carbon-

enriched region within the first few microns of the weld metal, thus corresponding to the 

planar zone.  PWHT also had the effect of reducing the carbon concentration in the steel next 

to the interface - evidence of HAZ decarburisation.  Whilst less pronounced, the F22 also 

exhibited near-interface carbon enrichment, despite having a much reduced carbon content 

compared to the 8630.  The effect of carbon diffusion in the F22 combination is most evident 

as decarburisation in the HAZ after 1000 hours of heat treatment. 
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Figure 5-1 –Normalised net peak intensities for carbon for PWHTs from 0 to 1000 
hours. a) The F22-Alloy 625 and b) The 8630-Alloy 625 dissimilar joint. 

 

In the 8630 joint, elevated carbon levels were seen to extend further than the planar zone; 

high intensities were seen up to 55µm, and beyond 100µm into the weld metals, for the 100 

and 1000 hours PWHT conditions, respectively.  Whilst these results are not quantitative, in 

terms of diffusion distance, a consensus is apparent between experimental results and thermo-

kinetic predictions, Figure 4-11.  Typically, industrial manifold hubs are heat treated for 

between 5 and 10 hours.  Although the point-to-point resolution is limited, for the 8630 joint, 

elevated carbon levels were observed extending approximately 25-30µm into the buttering: 

beyond the width of the planar zone. 

The measured carbon intensities in the as-welded condition for both joints show a peak 

just before the interface. After PWHT, the peak is no-longer present. The measured peak in 

carbon may be as a result of the formation of interface martensite. The formation of 

martensite is not dependent on diffusion, thus it is not predicted using the CALPHAD 

approach. 
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5.3.2 The Effect of PWHT on the Resistance to Hydrogen Embrittlement 

The F22 and 8630-Alloy 625 joints were tested using the same general procedure as 

the retrieved joints in Section 3.2.5, however in this instance, all joints were tested at 4°C.  

The effect of PWHT time on resistance to hydrogen-assisted crack propagation under CP is 

presented in Figure 5-2.  The crack growth resistance curves for these joints were in line with 

those of the retrieved specimens.  Interestingly, it was found that all applied heat-treatments 

either maintained or improved the mechanical performance, compared to the as-welded 

conditions.  Relatively short PWHTs, comparable to industry practice, were observed to be 

the most beneficial, though the response was dependent on the material combination used. 

For the heat treatment times selected, the F22 – Alloy 625 showed greater sensitivity to 

PWHT, as evidenced by the greater crack growth resistance to the equivalent 8630 tests.  In 

the F22 combination the best performance was associated with a 10 hour heat treatment.  A 

shorter heat treatment time appeared to provide only marginal improvement in the properties 

of the 8630-Alloy 625 combination and, interestingly, any further heat treatment time 

appeared to reduce the resistance to crack propagation back to the levels observed in the as-

welded combination.  
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Figure 5-2 - Single specimen unloading compliance crack growth resistance curves for 
a) the F22-Alloy 625 and b) the 8630-Alloy 625, laboratory heat treated specimens. 
Note the repeat tests (points which are shaded).  

5.3.3 The Effect of PWHT on Microstructure of Dissimilar Joints 

The TEM thin-foil analysis from heat-treated sample coupons was selected to 

coincide with the three most significant mechanical responses in each joint: the as-welded, 

highest performing and ‘over-aged’ conditions. 
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 In the as-welded condition, the F22 joint, Figure 5-3, exhibited a large, low-angle 

lath-structured band.  Within this untempered region, precipitates, thought to be M23C6, had 

formed.  The untempered microstructure within the ferritic side, and the absence of M7C3 

carbide (which was present in retrieved, heat treated joints), was notable, as the application of 

PWHT was seen to change these microstructures significantly in successive TEM extractions. 

 

Figure 5-3 - TEM analysis of the F22-Alloy 625 joint in the as-welded condition. a) ion 
beam image of the TEM thin-foil and b) TEM image of the fusion zone showing an 
apparently featureless planar zone 

 

  A continuous PMZ region, from the F22-Alloy 625 sample coupon in the 10 hours 

PWHT condition, was selected for TEM analysis due to it having the highest resistance to 

hydrogen induced cracking. After 10 hours of heat-treatment, partial decomposition of 

martensite was observed (narrow, white interfacial band in Figure 5-4b) yet no new phase 

precipitation was seen in the austenitic planar zone, Figure 5-4c. 
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Figure 5-4 - TEM analysis from F22-Alloy 625 after 10 hours of PWHT. a)FEGSEM BS 
image of TEM sample region; b) ion beam image of TEM foil and c) TEM image of fusion 
boundary showing no new phase precipitation within the planar zone 
   

After 100 hours, however, the effect of element diffusion was clear.  A dense band of 

M7C3, was seen occupying a significant volume fraction of the planar zone and this was 

accompanied by almost complete decomposition of the martensite.  Although texture analysis 

was not conducted, the long sides of the M7C3 carbides appeared aligned approximately 

parallel or perpendicular to the fusion boundary.  TEM analysis from the F22-Alloy 625 joint 

after 100 hours is presented in Figure 5-5.  The dense band of M7C3, begins at a distance of 

approximately 0.5µm from the steel grains.  A higher magnification image of the carbides in 

close-proximity to the fusion boundary is given in Figure 5-6.  As demonstrated, the regular 

oval shape of the M7C3 had approximate dimensions of 98x28nm. The density of the carbides 

did not vary significantly throughout the sampled region, however the TEM foil did not 

extend throughout the whole planar zone.  An EDX linescan, consisting of net counts per 

second versus distance is presented in Figure 5-6b.  Composition analysis indicated a 

predominantly chromium based carbide with additions of molybdenum, the concentration of 

which is reduced from the centreline of the ‘oval’ shaped precipitate.  It is important to note 

the M7C3 carbide has a three dimensional morphology, the dimensions of which may extend 
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beyond the thickness of the TEM sample.  Therefore, irregularities in shape throughout the 

planar zone may be partially due to viewing the precipitates in cross-section. 

 

Figure 5-5 – TEM analysis of F22-Alloy 625 in the 100 hours PWHT condition. a) SEM 
image of the TEM thin-foil prior to analysis, and b) TEM image of the fusion boundary 
region, showing dense precipitation of carbide within the planar zone. 

 

 

Figure 5-6 – TEM chemical analysis of M7C3 carbide, showing: a) approximate 
dimensions of two typical carbides adjacent to the fusion boundary and b) EDX analysis 
from region highlighted in a, illustrating a predominantly chromium-based carbide with 
additions of molybdenum. 

 

An example of an M7C3 carbide, having an altered (diamond shaped) morphology, is 

presented in Figure 5-7a.  The planar zone matrix was identified as FCC [100] zone axis 
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using selected aperture diffraction pattern (SADP) analysis.  Due to the small size of the 

precipitate, nanobeam diffraction pattern (NBDP) analysis was necessary to isolate the M7C3 

precipitate from the surrounding matrix, inset to Figure 5-7b. The carbide and matrix were 

indexed, according to the combined diffraction pattern presented in Figure 5-7c. Carbide, C, 

diffraction spots were partially concealed by the higher intensity matrix spots, M.  Indexing 

of the NBD pattern was also difficult due to low intensity diffraction, however the pattern 

suggests a M7C3 carbide [312] zone axis. 

 

Figure 5-7 – TEM analysis of M7C3 nearest the fusion boundary. a)carbide with SADP of 
FCC matrix ([100] zone axis); b) Carbide with nanobeam diffraction pattern ([312] zone 
axis); c) SADP of matrix and precipitate; d)calculated M7C3 precipitate and e) calculated 
diffraction pattern for matrix and precipitate. 
 

 A three-dimensional representation of M7C3 is given in Figure 5-7d,  calculated using 

orthorhombic Cr7C3 cell data [185].  CaRIne crystallography software [186] was used to 

construct a primitive orthorhombic unit cell (a=0.4526, b=0.7010 and c=1.2142nm), which 
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was converted to a Pnma space group (62).  The calculated diffraction pattern arising from 

the construction of a Cr7C3 precipitate within an FCC nickel matrix is presented in Figure 

5-7c.  Considering the difficulties experienced with low intensity diffraction, and the 

chemical analyses (which suggest a complex (Cr, Mo)7C3 carbide), the computed structure 

factor is likely to vary significantly from that of the observed carbide.  Further work is 

necessary if an orientation relationship between carbide and matrix is to be determined 

unequivocally. 

 Microstructural observations in the 8630 system were consistent with those in the F22 

joint.  In the as-welded state, Figure 5-8 , an untempered lath martensitic structure was visible 

adjacent to the FCC/BCC boundary.  The planar zone consisted of FCC austenite but was 

lacking in the M7C3 precipitates, which were found in the retrieved joints that had received 

heat treatment. 

 

Figure 5-8 - TEM analysis of the 8630-Alloy 625 joint in the as-welded condition. a)ion-
beam image of the TEM foil and b) TEM image of fusion boundary showing precipitate-
free planar zone 

 

A typical tempered region is shown after 1 hour of heat treatment in Figure 5-9.  

Characteristic to its environmental performance, and the microstructural observations in the 

F22 system, no new phases were present in the planar zone of the 8630 joint in this PWHT 

condition.  Interestingly, a GB protrusion was partially contained within the TEM foil, due to 
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the sample being selected from an interface highly interspersed with ‘fingers’.  Though the 

sampled region was small, the lath structured region was significantly wider adjacent to the 

GB protrusion. 

 

Figure 5-9 - TEM analysis of the 8630-Alloy 625 joint in the 1 hour PWHT condition.  a) 
SEM SE image of sample selection from a PMZ containing prior-γ GB penetrations. 
b)TEM image of fusion zone containing a ‘finger’ of fused weld metal penetration.  The 
BCC/FCC fusion boundary is delineated by the dashed line. The absence of M7C3 is 
notable. 

 

Whilst the M7C3 carbide was not present after 1 hour, a band of the precipitates was 

visible after 10 hours of heat treatment, Figure 5-10.  The precipitation of the carbide 

correlates to a synchronous reduction in resistance to hydrogen embrittlement, as observed in 

the J-R curve results. 
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Figure 5-10 - 8630-Alloy 625 TEM analysis.  a) FIB image of fusion boundary showing 
TEM sample selection; b) TEM sample mounted on Cu-grid for analysis and c) TEM 
image of sample showing M7C3 precipitates within the planar zone of the Alloy 625.  
Fusion boundary delineated by the dashed line. 

 

5.4 Discussion 

The planar region in both joints in the over-aged condition revealed a particle-free 

transition region close to the fusion boundary, followed by a band containing carbides. The 

emergence of this carbide-free region is due to the selection of the PWHT temperature, local 

chemistry and atomic structure, all of which influence the carbon solubility. Carbon solubility 

in Fe-based ferrite is considerably lower than the carbon solubility in austenite. Whilst the 

atomic structure either side of the interface is different, the chemical composition is not likely 

to vary significantly. The net effect of this is a relatively low carbon concentration in the 

steel, followed by a large peak in carbon in the austenite, slightly into the planar solidification 

region, where the amount of iron remains elevated. Further towards the bulk weld metal there 

is a less diluted chemistry (dilution of the weld metal by the parent) and the solubility for 

carbon decreases, increasing the propensity for carbide nucleation. 

Decomposition of the martensite is therefore accompanied by the growth of carbides at 

the dissimilar interface within the steel and, simultaneously, further into the planar region. 
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The carbide-free region is likely to represent an area of carbon in solid-solution which, 

having not yet become saturated, has not nucleated M7C3. 

The susceptibility of the joint to hydrogen embrittlement is clearly linked to microscopic 

regions, such as the planar zones and discontinuous PMZs adjoining the interface.  However, 

it is be possible to eliminate the formation of the planar zone by modifying the welding 

procedure.  Lower arc energies, for example, have been shown to reduce propensity for 

solidification to proceed in a planar manner, however this is associated with the formation of 

unfavourable martensitic structures [151]. This emphasises that whilst mechanical 

performance has been linked to competition between HAZ tempering and new phase 

precipitation, resistance to hydrogen embrittlement is also dependent welding process 

variables.  An experimental programme to examine the connection between length of PWHT, 

joint combination, microstructure and welding process is essential.  Moreover, whilst a 

dissimilar joint testing programme, based on J-R curve generation in a synthetic marine 

environment, has been developed, it is not clear how representative these tests are to in-

service failure of full-scale components.  Indeed the nature of subsea failures raises questions 

about the validity of the mechanically driven cracks used in the generation of J-R curves. 

Whilst the SENB tests may readily produce failures along the dissimilar interface replicating 

those of in-service specimens, the critical step may be initiation, as-opposed to propagation.  

Moreover, the mechanically driven three point bending tests that were used, accelerate the 

failure at an artificial rate, based on selected cross-head displacement.  Hydrogen 

embrittlement has been shown to be a strain rate sensitive process [74], [75], thus the 

rankings provided herein are not necessarily representative of in-service failure. 
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5.5 Chapter Summary 

The importance of PWHT in increasing the resistance to hydrogen embrittlement in 

LAS to Alloy 625 dissimilar joints has been examined through a combination of 

microstructural analysis, normalised carbon EDX profiles across the fusion zone, and 

mechanical performance testing.  The results suggest that whilst PWHT is necessary, ‘over-

ageing’ can prove almost as harmful.  The resistance to hydrogen-assisted crack growth for 

the F22- and 8630-Alloy 625 interfaces showed a tri-modal split in response to an applied 

stress, as the length of PWHT was varied.  In the 8630-Alloy 625 joint, 1 hour of heat 

treatment almost tripled the resistance to crack growth. The low PWHT time avoided 

formation of a critical concentration of carbon in the planar zone, such that no new phases 

formed.  Prolonged heating resulted in the formation of M7C3, and was accompanied by 

reduced  mechanical properties.  

In the F22-Alloy 625 combination, the same phenomenon was observed: PWHT was 

seen to temper the HAZ, resulting in improved mechanical properties whilst under CP.  

Excessive PWHT resulted in decarburisation of the steel, carbon saturation in the planar 

zone, and the precipitation of M7C3.  Due to having a reduced carbon concentration compared 

to the 8630 material, the F22 system has a similar reduction in mechanical performance, but 

it occurs later in the PWHT cycle.  In the F22-Alloy 625, reduced resistance to HE was only 

observed after a tenfold increase in PWHT time, compared to the 8630. Further testing, under 

more PWHT conditions, would be beneficial in increasing the sampling resolution, such that 

an optimal PWHT may be found in each joint.  A summary of microstructural changes, as 

PWHT time is increased, and its correlative impact on mechanical performance is illustrated, 

schematically, in Figure 5-11.  In the as-welded condition, Figure 5-11a, the joint has the 

poorest resistance to HE due to the untempered structures, particularly martensite. In Figure 

5-11b and c, tempering returns ductility to the HAZ, improving resistance to HE, and 
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resulting in carbon diffusion into the austenitic weld metal.  The reduced mechanical 

performance, Figure 5-11d, is associated with further carbon diffusion, and the nucleation 

and growth of M7C3 in the planar zone.  

 

Figure 5-11 - An illustration of the relationship between resistance to hydrogen 
embrittlement and microstructure, as PWHT time is increased from the as-welded 
condition 
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CHAPTER 6. In-situ Measurement of Strain Evolution during PWHT 

6.1 Introduction 

The favoured methods for the characterisation of welding residual stress tend to be 

those that are non-destructive, such as neutron diffraction; however these are often associated 

with high-cost and lengthy experimental planning.  Masabuchi [64] has classified stress 

characterisation techniques into three categories: 

i. Stress-relaxation 

ii. Cracking-related methods 

iii. Diffraction based methods 

Examples of stress-relaxation characterisation techniques include sectioning, hole drilling and 

contour methods, though variations do exist. Using the sectioning technique, strain gauges 

are mounted on the sample before machining takes place.  By cutting, the stress within the 

sample is released, whereupon it may be measured. The basic principle of hole drilling is 

similar, a strain gauge rosette is placed on the sample to measure strain relaxation, and the 

stresses are calculated from the strain changes after the hole is drilled.  Subsurface stress 

information is available, but is usually limited to less than 1mm from the surface [58].  In the 

contour method, the section is cut by electro-discharge (ED) machining, and the topography 

of the surface is measured to determine one or more components of residual stress [187]. The 

method is based on inferring prior residual stresses from the deviation of the cut from flatness 

[58].  Though limited examples are shown, the disadvantages of the techniques are obvious – 

they are destructive.  Stress determination using hydrogen or stress-corrosion induced cracks 

is also a destructive process.  The basic principle is to qualitatively determine the two-

dimensional stress distribution by assessing the number density of cracks on a surface.  

 Diffraction techniques, such as X-ray diffraction, high-energy synchrotron x-ray 

diffraction, and neutron diffraction differ in that little sample preparation is necessary (except 
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for in experiments requiring stress free reference samples).  Both the synchrotron x-ray and 

neutron methods require large scale facilities, with a high associated cost. However, the 

benefits, in terms of both the ability to perform in-situ experiments non-destructively, such as 

deformation experiments, or heat-treatments, is unparalleled.  Another advantage of using 

neutron diffraction is a high penetration power (centimetre scale in most engineering 

materials).  The spatial resolution is also adaptable during the experiment, enabling 

macroscopic engineering stresses, average phase specific stress and intergranular stress to be 

determined. 

6.1.1 Measurement of residual stress by diffraction 

Most metals consist of crystallites (grains), that are fused together to form the bulk 

material.  When such a material is placed under an externally applied stress, elastic strains are 

produced within the crystal lattice (distributed between individual crystallites).  The same 

principal applies to residual stress; stresses that are below the yield point of the material are 

accommodated by the interatomic strains in the grains within.  Measuring the interatomic 

strains, with knowledge of the material properties of the component being measured, leads to 

calculation of stress.  X-ray and Neutron diffractometers can be used to measure the atomic 

lattice parameter within a material, then, by measuring the stress-free lattice parameters, the 

degree of deformation may be determined.  The advantage of neutron diffraction methods is a 

larger penetration depth, compared to X-ray diffractometers [188].  Penetration depths up to a 

few centimetres inside a metal is possible using neutron diffraction, however it is still 

possible to measure near-surface strains; in fact, typical sampling (gauge) volumes can range 

from 0.2 to 1000mm
3
 [189]. 
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6.2 Experimental Procedure 

6.2.1  General Procedure 

The primary objective of the work described is to use neutron diffraction to quantify 

competitive strain evolution at more than one point during heat treatment of the dissimilar 

joint.  Monitoring multiple points is, however, complicated by the multiphase nature of the 

sample.  Secondary to this, ex-situ measurements are carried out to measure residual stress 

relaxation before and after heating.  The heat treatment parameters are selected to be 

comparable to industry standard PWHTs.  Heating is applied using controllable, electric 

heating blankets. 

 In selecting the appropriate sampling times, the limited PWHT period must be 

considered. These sampling times must feature a compromise between the number of points 

that can be measured during the heat treatment, and an acceptable degree of measurement 

error.  Additional measurement complexity is caused by interfacial regions, in which more 

than one phase is present within the sampling volume of the neutron beam. The described 

procedure can be considered an expansion on the in-situ heat treatment method described by 

Chen et al [190], in which a single point in a ferritic steel was monitored during PWHT.  In 

the current study, three measurement points are monitored during the heat treatment: the 

ferritic side, the austenitic side, and the dual phase interface region.  

In the case of buttered dissimilar welds, in which multiple welding passes are 

involved, the HAZ experiences a heating transient as each weld bead is laid.  Whilst the HAZ 

itself does not melt, the melting point is approached, close to the fusion boundary, and 

metallurgical changes may, therefore, be expected. Dissolution and re-precipitation, as well 

as texture changes, may occur with each successive pass [65]. To assess the extent of mixing 

in sampling regions expected to be dual-phase, microstructural analysis is carried out using a 
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scanning electron microscope (SEM).  Chemical analysis was facilitated by using SEM 

electron dispersive X-ray spectroscopy (EDX).   

6.2.2 Materials and Sample Preparation 

An ex-service AISI 8630 low alloy steel forged hub was water jet machined to create 

an ‘L’ shaped component (a plate with backing bar) approximately 250mm long. The hub 

was metal inert gas (MIG) welded with Alloy 625 (ErNiCrMo-3) using a layering procedure.  

The nominal compositions of the joint and welding procedure are the same as those used in 

the fabrication of specimens for the investigation of PWHT, Chapter 5. 

The welded specimen was electro-discharge (ED) machined to create two 100mm 

long plates.  Sample thickness is an important consideration when preparing a specimen for 

strain measurement using neutron diffraction (ND).  By shortening the length of the beam 

path the counting times are reduced, meaning the point-to-point measurement resolution can 

be increased. Typical industry PWHT times are between 5 and 10 hours, hence a compromise 

had to be found. The sample thickness had to be small enough such that the number of points 

during the hold temperature could be maximised whilst minimising stress relaxation through 

the machining operations.  With this in mind, the pair of plate samples was further ED 

machined to 99x100x14mm, with the dissimilar-interface situated in the middle. The width of 

the sample therefore contained 2-3 weld beads. Maximum stress relaxation due to machining 

was also likely to be found in the normal direction. A diagram of the dissimilar joint design, 

welding sequence, and the region extracted for ND measurements, is given in Figure 6-1. 
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Figure 6-1 - a) Joint design and b) welding sequence used in the fabrication of the 
dissimilar joint.  Outlined is the 14mm wide specimen used in the ND measurements 

 

The main challenge for accurate measurement of stress fields in weldments using 

neutron diffraction lies in the accurate determination of strain- free lattice spacing [58], [191].  

For this experiment, stress free (d0) sample combs were designed to accommodate a gauge 

volume of 3x3x3mm (and hence a diagonal of 4.24mm).   Two stress-free combs were 

created; one with vertical and one with horizontal teeth allowing for measurement of the three 

principal stress directions.  ED cutting with Ø0.25mm wire enabled the precise machining of 

the sample comb with 5x5mm teeth, Figure 6-2.  Additional teeth were machined in order to 

allow the d0 samples to be isolated when clamped in place during the strain measurements. 
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Figure 6-2 - Photographs of ED machined specimens prior to testing, together with scale 
bar (cm) 

 

After the ND experiment, a transverse section was ED machined from the joint in 

preparation for microstructural analysis.  The specimen was ground using SiC paper 

abrasives. Cloths were used to progressively polish with fine diamond pastes of 9, 3 and 

0.25µm. A diluted suspension of colloidal silica (OP-U) was used for the final polishing step. 

The morphology of the polished section was examined using the backscatter imaging mode 

of an FEI Sirion scanning electron microscope.  Princeton Gamma Tech EDX spectroscopy 

equipment was used to perform chemical analyses across the interface. 

6.2.3 Neutron Diffraction 

Non-destructive strain measurements were made using neutron diffraction on the ENGIN-

X time-of-flight diffractometer at ISIS, Rutherford Appleton Laboratory in Harwell, UK.  

The instrument concentrates a pulsed neutron beam which comprises of a continuous 

spectrum of thermal neutrons. Two fixed time-of-flight detectors located at a 2θ angle of ±90 

degrees record diffraction patterns corresponding to two orthogonal components of strain 

simultaneously,   Figure 6-3. 
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Figure 6-3 - A 3D model of the ENGIN-X instrument at ISIS. Radial collimators are shown 
at a 90° scattering angle, each of which would be positioned in front of a bank of 
neutron detectors.   q1 and q2 indicate the strain directions measured by the instrument. 
Adapted from [192]. 

 

In order to measure the third component the sample needs to be rotated by 90 degrees to 

bring the sample direction which was previously vertical into the plane of diffraction.  Since 

the PWHT process is irreversible, in this study, two separate, identical samples were used to 

measure all three strain components in-situ using neutron diffraction.  

Heat treatment was facilitated by designing two individually controllable, ceramic 

sintered alumina heating elements.  The heating elements were positioned and clamped in 

place adjacent to the ND measurement location, creating a ‘neutron transparent’ window.  

Temperatures were monitored in regions near the fusion zone, but away from the regions 

subject to stress measurement.  Holes were drilled to mid-thickness of the sample and 
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thermocouples placed inside, creating an interference fit.  Calcium-magnesium silicate 

insulation was placed on the specimens and manipulated in order not to interfere with the 

beam path.  The whole assembly was secured to the positioning stage using a water-cooled 

sample holder, Figure 6-4. Specimen alignment was ensured by incrementally rotating the 

specimen and measuring the sample position with a pre-calibrated theodolite. 

 

Figure 6-4 - Photograph of experimental set-up during PWHT of the as-welded sample 
 

 Three measurement points were selected for monitoring during heat treatment: one at 

the interface and two at 2.67mm from the interface on either side into the parent and weld 

metal.  In order to monitor competitive strain during the experiment, the positioning stage 

was set to alternate between the steel and the nickel sides during the temperature ramp.  

During the PWHT holding period, all three measurement points were monitored.  A holding 

time of 345 minutes was used for each test.  After heat treatment, the heating pads were 
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removed and the sample was allowed to cool in air.  During cooling, the stage was again set 

to alternate between the steel and Alloy 625 measurement points.  A plot of measured 

temperature and the respective materials being measured is seen in Figure 6-5.  

 

Figure 6-5 - Measurement points and temperature during the PWHT cycle 
 

Ex-situ measurements across the interface were made before and after each heating-

experiment. A schematic of the points measured in-situ and ex-situ, and their placement with 

respect to the interface, is shown in Figure 6-6.  Lattice parameter measurements in the 

stress-free samples followed the same general procedure as the stressed samples; however, 

the holding time was reduced.  A summary of all necessary measurements for the ex-situ and 

in-situ experiments is given in Table 6. 
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Figure 6-6 - Sample geometry and measurement points.  Plates were welded in the 
longitudinal direction 

 

Table 6 – Ex-situ and in-situ experimental measurements 
Measurement 

Reference 
Sample Description Measurement Type Principal Measurement Directions 

1 Do stress-free comb (vertical cuts) Before PWHT Longitudinal and normal 

2 Do stress-free comb (vertical cuts) During heat treatment  Longitudinal and normal 

3 Do stress-free comb (vertical cuts) After PWHT Longitudinal and normal 

4 Do stress-free comb (horizontal cuts) Before PWHT Transverse and longitudinal 

5 Do stress-free comb (horizontal cuts) During heat treatment Transverse and longitudinal 

6 Do stress-free comb (horizontal cuts) After PWHT Transverse and longitudinal 

7 As-welded sample 1 Before PWHT Longitudinal and normal 

8 As-welded sample 1 During heat treatment Longitudinal and normal 

9 As-welded sample 1 After PWHT Longitudinal and normal 

10 As-welded sample 2 Ex-situ, before PWHT Transverse and longitudinal 

11 As-welded sample 2 During heat treatment Transverse and longitudinal 

12 As-welded sample 2 After PWHT Transverse and longitudinal 
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6.3 Data Analysis 

6.3.1 Calculation of Residual Stress 

The process behind residual stress measurement during in-situ heat treatment is more 

complex than that of ex-situ tests.  The general procedure for testing at a fixed temperature 

involves the determination of the d-spacing spacing dhkl using Bragg’s Law: 

𝑑ℎ𝑘𝑙 =  
𝜆ℎ𝑘𝑙

2 𝑠𝑖𝑛 𝜃ℎ𝑘𝑙
=  

ℎ𝑡ℎ𝑘𝑙

2𝑚𝑛𝐿 𝑠𝑖𝑛 𝜃ℎ𝑘𝑙
 

Eqn. 18 
 

for which h, k and l denote the crystallographic planes, λhkl is the wavelength of the 

diffracted neutrons, θhkl, is the angle of diffraction, h is the Planck constant, mn is the neutron 

mass, L is the length of the neutron’s flight path and thkl is the time of flight (ToF).  The 

measurement volume was bounded by the intersection of the diffracted and incoming beams 

and values that arose from such a measurement corresponded to the average elastic strain 

within.  The elastic strain εxx, or change in the lattice parameter, encompassed the 

measurements of the d0 sample comb for each specific point and direction such that: 

𝜀𝑥𝑥 =
𝑑𝑥𝑥 − 𝑑0

𝑑0
 

Eqn. 19 
     
However, this simplistic approximation does not consider elastic anisotropy in the 

measurements. 

ENGIN-X permits the collection of simultaneous diffraction peaks from multiple 

crystals. The average strain can therefore be obtained using a Rietveld refinement of the 

entire diffraction spectrum [193]. By measuring more than one diffraction peak, the 

associated strain uncertainty was lowered, effectively improving counting times [194].  Based 

on continuum mechanics, the calculation of residual stress was achieved using Hooke’s law.  

Stress was calculated from the strain measurements, in the three mutually-orthogonal 

directions, and takes the general form: 



142 

 

𝛔 =  c 𝐀 𝛆 

Eqn. 20 
 

Where: 

𝛔 = [σtrans, σlong, σnorm]
T
 

Eqn. 21 
 

𝐀 = [
1 − ν ν ν

ν 1 − ν ν
ν ν 1 − ν 

] 

Eqn. 22 
 

𝛆 = [ε𝑡𝑟𝑎𝑛𝑠, ε𝑙𝑜𝑛𝑔, ε𝑛𝑜𝑟𝑚]
𝑇
 

Eqn. 23 
 

The constant, c, is defined as: 

c =  
E

(1 + ν)(1 − 2ν)
 

Eqn. 24 
 

Where E is the Young’s modulus and ν is the Poisson’s ratio of the material.   

6.3.2 Interface Stress Calculations 

In dual-phase materials, the gauge volume may intersect material with two highly 

differing lattice parameters and phase fractions.  To account for this, the strain was calculated 

separately for each material, thus the true strain within the gauge volume lay between two 

single-phase data points. As a result of differences in material properties, however, an 

interpolated lattice parameter (and therefore strain) could not be used to calculate a single 

value of interface stress.  A modification of Eqn. 20 was therefore necessary: 



143 

 

𝛔𝑖𝑛𝑡 =  𝑝 [c1𝐀1 𝛆] + (1 − 𝑝)[c2 𝐀2 𝛆] 

Eqn. 25 
 

Where p is the proportion of the gauge volume lying within the parent material and 

𝑨1 = {𝑨 ∶ 𝑣 = 𝑣1} and 𝑨2 = {𝑨 ∶ 𝑣 = 𝑣2} , similarly, 𝑐1 = {𝑐 ∶ 𝑣 = 𝑣1𝑎𝑛𝑑 𝐸 = 𝐸1}, and 

𝑐2 = {𝑐 ∶ 𝑣 = 𝑣2𝑎𝑛𝑑 𝐸 = 𝐸2} where E1 and E2 are the Young’s moduli and v1 and v2 are the 

Poisson’s ratios in the parent and weld metals, respectively.  For both materials, a Poisson’s 

ratio of 0.3 was used.  Young’s moduli of 207 GPa and 200 GPa were used to calculate stress 

in the steel and Alloy 625 sides, respectively.  Interface data points were calculated under the 

assumption that the sample volume intersected the two sides equally. 

6.3.3 Strain Calculations during Heating 

For the in-situ experiments, the general strain calculations at each temperature point, 

T, proceeded under the assumption of linear thermal expansion and contraction of the stress-

free samples.  Therefore, Eqn. 20 becomes Eqn. 26 where the d0(T) values are determined 

from a plot of lattice parameter versus temperature for a given strain direction: 

εxx(T) =
dxx (T) − d0(T)

d0(T)
 

Eqn. 26 
 

By monitoring the thermal expansion and contraction, and applying a least-squares fit, 

interpolated d0(T) values could then be calculated for each material system and temperature.  

6.4 Results 

6.4.1 Microstructure and chemistry 

A cross-sectional image from the heat-treated plate specimen after the ND experiment 

is presented Figure 6-7a. The microstructure of the interface regions included a coarse-

grained HAZ within the ferritic steel, and a 10µm wide, apparently featureless, planar zone 
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within the FCC nickel alloy side  Towards the bulk weld metal, cellular and columnar 

dendrites were found, which had formed due to a breakdown in the stability of the planar 

front.  A small fraction of the interface was occupied by discontinuous partially mixed zones, 

or ‘swirls’ of parent metal that had penetrated into the weld as a result of localised fluid flow 

during welding.  ‘Fingers’ of weld metal, which had penetrated short distances along prior 

austenite grain boundaries in the steel, were also present 

 

Figure 6-7 - SEM microstructural examination a) backscatter image of the fusion zone 
and b) EDX chemical distribution across the interface 

 

Chemical analyses were performed by rastering the SEM electron beam over 

20x80µm regions and collecting EDX spectra from successive zones, after traversing the 

stage by increments of 20µm.  Therefore, each point in the graph, Figure 6-7, corresponds to 

the average chemical composition within a 10μm region either side of the data point.  Bulk 

weld metal was present <200µm from the interface.  The position of partially-mixed weld 

metal was sufficiently far from the first ND measurement point in the Alloy 625.  Similarly, 

the first point within the steel does not contain elevated levels of nickel.  As a result, 

multiphase fitting of the ND spectra was only considered necessary for the interface regions.  

A steep composition gradient was found within the weld metal that corresponds to the planar 
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solidified region.  This region was characterised by a rapid increase in nickel and chromium, 

with a concomitant reduction in iron. The composition at the planar/cellular region 

corresponded to weld dilution of approximately 45%. 

6.4.2 In-situ monitoring of strain redistribution 

In order to differentiate between lattice parameter changes due to stress-relief and 

those due to thermal expansion in the plate sample, it was necessary to measure the stress-

free sample under the same heating and cooling conditions.  As an example, a plot of stress-

free (d0) lattice parameter changes during heat treatment is shown in Figure 6-8, for the steel 

and Alloy 625 sides in the transverse direction.   

 

Figure 6-8 - Stress-free measurements of the lattice parameter in the transverse 
direction in the steel and nickel sides 

 

Assuming no auxiliary phase precipitation within the metals, a sample which has been 

sufficiently stress-relieved will exhibit linear thermal expansion and contraction.  A linear 

regression fit was applied to the data, allowing for d0 values to be calculated as a function of 

temperature.  The calculated fitting parameters are given in Table 7. 
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Table 7 - The parameters used to calculate a linear regression fit to the stress-free 
lattice parameter during heating and cooling 

Sample Reference Measurement Direction Position m (10-15m/°C) c (10-10m) R2 

d0 1 Longitudinal 2.67mm into steel 4 2.8661 0.9991 

d0 2 Transverse 2.67mm into steel 4 2.8669 0.9988 

d0 3 Normal 2.67mm into steel 4 2.8669 0.9986 

d0 4 Longitudinal 2.67mm into Alloy 625 6 3.5949 0.9952 

d0 5 Transverse 2.67mm into Alloy 625 4 3.5976 0.9972 

d0 6 Normal 2.67mm into Alloy 625 6 3.5973 0.9976 

 

The parameters for the linear regression line of best fit given in Table 7 are defined by the 

equation: 

d0 = mT + c 

Eqn. 27 
 

Where T is the temperature in °C.  Calculated R
2
 values approaching unity for all d0 

temperature plots indicated a highly linear relationship between the lattice expansion and 

temperature.  Differences in offset, c, were attributed to slight variations in chemistry 

between measurement points. 

 Plots of the lattice parameter expansion in the longitudinal, normal and transverse 

directions, during the heating cycle, are given in Figure 6-9.  To monitor competitive 

expansion and contraction between the two different metals, each graph shows the opposing 

steel and Alloy 625 sides.  The two measured regions lie 2.67mm into the steel and Alloy 625 

sides.  Due to insufficient neutron counts (and therefore high error), a significant portion of 

data from the Alloy 625, normal direction measurements was unavailable.  Weak diffraction 

patterns in the Alloy 625 may arise from insufficient counting time or from the creation of 

highly textured material during solidification, following welding [195]. 
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Figure 6-9 - Measurements of lattice parameter either side of the dissimilar interface 
during PWHT a) longitudinal b) normal and c) transverse directions 
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 In Figure 6-10, plots of measured strain are presented during the heating cycle, after 

application of calculated stress-free lattice parameters, given in Eqn. 26. Individual error bars 

are presented for each point during heating and were determined using associated Rietveld 

refinement errors. 
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Figure 6-10 - Measurements of residual strain either side of the dissimilar interface 
during PWHT a) longitudinal b) normal and c) transverse directions 
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By alternating between the two measurement points either side of the interface, a 

satisfactory plot of strain evolution during PWHT was achieved.  In the longitudinal 

direction, Figure 6-10a, the Alloy 625 had a continuous strain reduction throughout both the 

ramp and holding periods.  During the PWHT hold period, the longitudinal Alloy 625 

direction came out of tension and started to become compressed.  At the same time, the 

opposing steel side remained in constant tension throughout the hold.  Upon cooling, at a 

temperature of approximately 380°C, the Alloy 625 side re-entered a state of tension.  

Subsequent cooling to room temperature saw an overall strain reduction on both sides, 

however the Alloy 625 became the more highly strained material, whereas before PWHT the 

opposite was true.  In the transverse direction, within the steel side of the sample, the degree 

of strain reduction was lower, compared to the longitudinal strain measurements. The Alloy 

625 did, however, move from a condition of low strain to a slightly compressed state during 

the heat treatment. 

Residual strain profiles up to 27.5mm either side of the fusion boundary are presented in 

Figure 6-11.  The measurements were completed independent of the in-situ tests, and at room 

temperature.  Each data point is associated with similar room temperature measurements of 

stress-free lattice parameter, Eqn. 19.  At the interface, where two major phases were 

observed, three calculated strain points are present.  The three points assume the following i) 

Rietveld fitting to the austenitic (Ni) phase only ii) fitting to the ferritic (Fe) phase only iii) 

strain values, with a 50% strain contribution from each material.  The same method was not 

used away from the interface, as microstructural analyses indicated that the data points lay 

within unmixed regions. Before PWHT, the highest strain was associated with the interface 

region, in the longitudinal direction.  The mutually orthogonal directions are most strained 5-
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15mm into the weld metal, which translates to the highest degree of stress relaxation after 

PWHT. 
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Figure 6-11 - Measured strain before and after PWHT.  Fusion boundary is located at 
0µm.  Unmixed interface points have been calculated and placed at the dual-phase 
region. 
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 Residual stress profiles across the dissimilar joint are presented in Figure 6-12, before 

and after heat treatment.  Strain errors from the Rietveld analysis are combined, so that 

individual stress error bars account for the three strain directions.  Interface error bars were 

calculated using the maximum error from the three measured strain points.  The results 

indicated a considerable degree of stress relaxation for all three measurement directions.  The 

highest relative and absolute stress relaxation occurred within the Alloy 625.  In the 

transverse and longitudinal (welding) directions, an approximately 700MPa stress range was 

reduced to 300MPa, after PWHT. 
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Figure 6-12 - Calculated residual stress values before and after PWHT. Fusion boundary 
is located at 0µm. 
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Of the two points either side of the interface that were monitored throughout the 

PWHT thermal cycle, the highest degree of stress relaxation was found to occur in the Alloy 

625 side, in the transverse direction.  This was evidenced by the lattice parameter gradients, 

which were shallower during cooling in the unstressed condition when compared to the 

stressed condition, Figure 6-9c and Figure 6-8.  Corresponding strain plots showed that this 

was due to the state of the location changing, from tension to compression, after PWHT.  

Residual stress is redistributed in this region such that the monitored point in the Alloy 625 

transforms from 363MPa to -160MPa, after heat treatment.  A summary of the average stress 

in both the Alloy 625 and 8630 is shown in Table 8. 

Table 8 - Average residual stress values in each of the weld and parent materials, before 
and after PWHT 
 

  Longitudinal Stress (MPa)   Normal Stress (MPa)   Transverse Stress (MPa) 

Material As-welded PWHT   As-welded PWHT   As-welded PWHT 

Alloy 625 331.1 46.5   168.2 -105.6   319.2 -94.1 

8630 7.4 62.7   -1.9 -17.6   0.0 0.8 

                  

 

6.5 Discussion 

Upon rapid cooling from high temperatures, such that the steel base metal is in its 

austenitic state, high alloy steel joints can form unfavourable martensitic structures of high 

hardness.  As a result of this, PWHT temperatures are generally kept below the A1c 

transformation temperature. However, in a dissimilar steel-nickel alloy weldment, 

discontinuities in the interface can result in localised areas of relatively higher nickel content. 

Such regions have been referred to as ‘discontinuous partially mixed zones’ (PMZs), 

manifesting as ‘swirls’, ‘peninsulas’, or ‘islands’ of parent material that have been swept into 

the weld metal adjacent to the interface.  Within these regions, some alloying with nickel can 

have the effect of stabilising the austenite to a temperature lower than that of the heat 
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treatment temperature. Phase changes may therefore be expected during PWHT.  In addition 

to quantifying residual stress, ND is advantageous as it allows for the quantification of phase 

volume fractions by means of measuring relative peak intensities [58].  To verify this 

phenomenon, the equipment monitored the interface at room temperature and at the PWHT 

temperature.  Either side of this, the two regions neighbouring the interface were also 

monitored during the whole PWHT cycle.  Despite a relatively high PWHT temperature, no 

evidence of the re-austenitisation phenomenon was found when comparing room temperature 

and 675°C time of flight spectra.  The thermodynamic simulations, Section 4.2.3, indicate 

that a further increase in PWHT temperature (above 700°C) would create a scenario where a 

phase change would be observed.  However, due to beamline availability PWHT above 

700°C was not tested in this study.  Heat treatment experiments that encompass different 

temperatures constitute future work. 

In order to monitor competitive strain evolution, two points at 2.67mm either side of 

the dissimilar interface were monitored throughout the whole of the heat treatment. Ex-situ 

measurements have, however, shown that the highest degree of stress relaxation was 

approximately 10mm into the weld metal.  In order to monitor strain evolution at more points 

during heating, the described procedure would have to be modified.  There are two possible 

methods by which this could be achieved: (i) manufacture and measure additional plate 

samples (ii) reduce the width of the plate specimens in order to improve (reduce) counting 

times.  In the former method, it is necessary to assume an identical stress distribution in each 

sample, however this is unlikely. Furthermore, realising identical heating and cooling rates 

over multiple samples is problematic.  To address the second point, the relief of residual 

stress by the machining operations would need to be accounted for.  It should be noted that 

whilst error bars are present on the ex-situ stress profiles across the interface, these do not 

account for any differences in strain between the two plates used. In practice, residual stresses 
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have been shown to vary from point to point, even within a single component [195]. It may 

therefore be the case that the error associated with using two plates is far greater.  In 

instruments where two directions of strain can be measured at once, as in the case in ENGIN-

X, rotating the stage allows for the third strain direction to be measured. Whilst this reduces 

the error associated with using two plates, it also reduces the number of strain points 

measured during the heating cycle. 

A ‘rule of mixtures’ approach was used to calculate the residual stress at the interface 

regions, Eqn. 25.  The method assumed that, following individual measurement of strain in 

each side, the sampling volume intersected both sides of the interface equally.  Whilst the 

calculations may allow for modification of phase volume fractions, the method may be 

developed further where higher accuracies are required.  For example, exact determination of 

phase constitution in dual phase regions would be beneficial.  

In this experiment, the weld metal was shown to have solidified, initially, in a planar 

manner. Whilst the planar region is small, it is important to note the lack of homogeneity 

across the fusion boundary.  The steepest composition gradient was found within the planar 

solidified zone, rather than neighbouring cellular and dendritic areas. This gradient might 

have been magnified by the solidification mode, as cellular and dendritic solidification modes 

are associated with smaller composition changes [184].  The textured nature of the weld 

metal is likely to be the cause of low intensity diffraction peaks, which resulted in increased 

fitting error, for the set-counting times.  This phenomenon was more pronounced at the fusion 

boundary. 

The J-R curves, Section 3.3.3 and 5.2.2, generated by SSR bend testing in a chloride 

environment, were machined and ground to a 12x12mm square cross-section.  However, the 

contribution of residual stress to the resistance to hydrogen cracking, when generating J-R 

curves, had not yet been confirmed experimentally.  The ND samples were machined to a 
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width of 14mm in the normal direction.  In this direction, the degree of strain relaxation was 

pronounced, with a marked effect on overall residual stress reduction.  With this in mind, the 

J-R curve specimens, having  reduced longitudinal and normal dimensions, would likely 

experience a reduced strain in all but the transverse direction (therefore across the dissimilar 

interface).  The result of this is a large difference between full-scale stress state and that 

observed in laboratory test coupons; an important consideration in assessing the fracture 

mechanics of full scale components. 

One limitation of the ND method used, is the averaging of properties across a very 

large sampling volume (3x3mm), compared to the micro-scale regions at the fusion 

boundary.  With knowledge of the macroscopic stress state, it would be beneficial to establish 

a means of characterising strains between grains and inter and intra-granular precipitates, in 

both sides of the dissimilar joint. 

6.6 Chapter Summary 

Measurements of residual stress have been made in a machined plate specimen of 8630 

low alloy steel, buttered with Alloy 625, before and after heat treatment.  A summary of the 

results of this work are as follows: 

i. Using neutron diffraction techniques, it is possible to non-destructively monitor the 

evolution of strain in fusion welded dissimilar metals, during heat treatment, and to 

quantify competitive strain redistribution between the two materials.  

ii. Reduction of stress in the vicinity of the weld is critical.  In the present study, an 

industry standard heat treatment has been shown to significantly improve the degree of 

localised (interfacial) strain in all three principal strain directions. The highest stress 

reduction was associated with the Alloy 625 side, where it fell by as much as 400MPa. 

iii. Sample width and extraction orientation are fundamental to the pre-existing stress state 

within mechanical bend specimens.  Full scale testing will not alter the triaxial stress 

distribution as far as that of machined specimens.  Fracture toughness experiments with 

small-scale test coupons must consider the loss of residual stress due to machining, 

which may have otherwise been crucial to the propagation of hydrogen-induced cracks. 
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CHAPTER 7. Fractography – The Effect of PWHT on Fracture 

Morphology 

 

7.1 Introduction 

Chapter 3 discussed how partial sections from retrieved 8630-Alloy 625 joints were 

retrieved from subsea service, and used to develop a method to assess the resistance to 

hydrogen embrittlement.  Single edge notched bend test rigs were instrumented to simulate a 

4°C marine environment (3.5%NaCl solution), with cathodic polarisation applied using a 

potentiostat at -1100mVSCE.  Testing temperatures of 4°C and 80°C, corresponding to the 

‘wet-parking’ and production phases of the life-cycle of the joints, revealed a reduced 

environmental performance when testing at the lower temperature.  In Chapter 5, F22 and 

8630-Alloy 625 specimens were heat treated in a laboratory and tested using the same 

methods as per the retrieved joints.  A tri-modal split in mechanical performance was 

observed between as-welded, PWHT, and ‘over-aged’ specimens.  Whilst the poorest 

performance was attributed to untempered, hydrogen-sensitive martensite in the as-welded 

state, a less-than-optimal performance was attributed to planar zone M7C3 carbide in the 

‘over-aged’ condition. Within this section, a comparison is made between the retrieved and 

the laboratory heat treated specimens.  Further to this, the fracture modes associated with 

differing lengths of PWHT are assessed, in terms of both surface and subsurface features. 

7.2 Experimental Procedure 

7.2.1 SENB sample preparation 

After environmental performance testing, crack length measurements were taken 

using a light microscope.  The SENB fracture surfaces were then sprayed with an oil based 

lubricant (to prevent further oxidation) and stored at room temperature.  Prior to electron 

microscopy, the individual fracture surfaces were prepared by ultrasonic cleaning in 
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methanol, followed by air drying.  One exception to this procedure was the analysis of a 

retrieved 8630-Alloy 625 specimen, used in environmental performance testing after 4°C pre-

charging and testing.  The sample was measured, ED-machined, mounted in thermo-set resin 

and then ground and polished so that 5 cross-sectional measurement points were visible along 

the width of the sample.  The samples were prepared so that with five out of the nine 

measurement points specified in the test validation checks (BS 7448-4 [160]) were visible.  In 

order to conform to the SENB test checks as far as reasonable, the remaining 4 measurements 

points were line-averaged according to the neighbouring crack length values. 

 

Figure 7-1 - Measurement of crack lengths on single edge notched bend specimens a) 
notched SENB specimen, b) SENB test validation check measurement positions and 
cross-sectional cracking profile sample generation.  Adapted from [160]. 

 

TEM analysis was facilitated using the FIB-SEM procedure described in Section 3.2.3, 

however, due to the undulating profile of the surfaces, often a deeper protective Pt layer was 

necessary. 
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7.3 Results 

7.3.1 Fracture Morphology of Retrieved joints 

After heat-tinting and breaking open, the samples were placed in an SEM.  Features 

corresponding to in-situ cracking (oxidised surfaces), were easily discernible when viewed in 

backscatter electron mode. A number of different fracture modes, depending on the position 

of the crack path with respect to the dissimilar interface, are shown in Figure 7-2.  The 

fracture surface observed is from the steel side of the broken SENB specimen.  A flat fracture 

region was identified adjacent to the steel (area 1).   

 

Figure 7-2 - SEM fractograph of multiple morphologies occurring at different distances 
from the fusion boundary: 1) a flat fracture region with crater-like features, 2) a 
terraced cleavage-like region, 3) failure within the steel HAZ and 4) a transition region 

 

Upon closer inspection, a grainy, crater-like morphology was observed.  The 

hexagonal craters typically had a number of ridges radiating from a distinct central node.  A 

higher magnification image of such a region is presented in Figure 7-3.  
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Figure 7-3 - 8630-Alloy 625 specimen fracture surface: a) SEM image of 'flat' and 
grainy-like crater morphology; b) a higher-magnification image of a single crater with a 
central node, c) TEM wafer selection and d) thinned TEM wafer mounted on a Cu grid. 
 

 A typical area of fracture morphology, for example shown in region 1 of Figure 7-2, 

was selected for TEM analysis in order to confirm its location in relation to the fusion 

boundary.  Images of the site selection and electron transparent TEM thin foil are shown in 

Figure 7-3c and d, respectively. 
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Figure 7-4 - TEM montage of the crater-like region and the sub-surface lath-like 
structure and b) a TEM image from a region directly below the fracture surface showing 
a transition zone adjacent to a ferritic grain. 
 

 Below the fracture surface, delineated by the protective Pt cap, the TEM foil showed a 

lath-like structure, elongated and parallel with the plane of the thin foil, Figure 7-4a.  Closer 

to the fracture edge it was apparent that the orientation of the laths differed, with a number 

running perpendicular to the foil surface.  It is this microstructure that is responsible for the 

ridges on the faces of the crater surfaces.  The existence of a narrow transition zone, at all 

interfaces between the BCC and FCC microstructures close to the fusion line, has been 

previously described by other authors  [148], [170]. The presence of this zone, immediately 

adjacent to the protective platinum cap at the fracture edge, Figure 7-4b, suggests that the flat 

fracture region lies at the interface between the planar zone and a ‘swirl’ (discontinuous 

PMZ).  In Figure 7-5, an image of the opposing fracture surface to that seen in Figure 7-2 (i.e. 

the Alloy 625 side), shows that this flat fracture morphology is observed at the interface 

between the planar zone and the iron rich side of the interface, be it a swirl or not.  This is 

evidenced by the flat crater regions existing at different elevations. 
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Figure 7-5 - SEM SE fractograph of the Alloy 625 side of the retrieved 8630-Alloy 625 
SENB specimen.  The opposing side to that shown in Figure 7-2 is outlined.  Crater-like 
regions 1 and 2 are seen at a different elevation, corresponding to an area further 
towards the weld metal and nearer the steel, respectively. 

 

The terraced cleavage region of Figure 7-2 (region 2), was found to contain a number of 

‘steps’ and ridges on the terraced faces.  The observed steps are perhaps evidence of a 

localised plasticity process and were therefore extracted for further scrutiny by TEM, as 

shown in Figure 7-6.  Thin-foil TEM sample creation was facilitated by milling perpendicular 

to the macroscopic fracture surface, rather than in the apparent plane of the cleavage surface, 

Figure 7-6c.  At the location of the step, a dark region measuring 400x100nm was found 

(Figure 7-7b). EDX analysis of this region gave a similar spectrum to that of the surrounding 

iron rich matrix. The differences in diffraction contrast intensity may therefore have arisen 

due to local changes in crystal orientation, such as would occur from defects or bending, or 

grain misorientation. 
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Figure 7-6 – Retrieved subsea 8630-Alloy625 specimen fracture surface after SENB 
testing showing a) the 8630 steel side with crater-like failure (1) terraced cleavage-like 
failure (2), and b) a higher magnification image of the ‘step’’; c) Fracture surface after 
TEM thin-foil extraction and d) TEM sample mounted on Cu grid. 
 

 The terraced cleavage like sample also exhibited a lath-like structure, but not 

immediately below the fracture surface, Figure 7-7a.  The terraced cleavage-like failure exists 

at a greater distance into the fused zone than the lower, flat fracture (i.e. further towards the 

nickel alloy).  Consequently, one would expect the structure to be fully austenitic, as is the 

case in the planar zone.  However, the cleavage-like morphology observed was within an 

iron-rich region. The presence of ferritic grains above the flat fracture can be explained by the 

positioning of this region. The terraced cleavage-like failure exists at the edges of the crater-
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like interfacial fracture and may exist at the transition between the two fracture mechanisms: 

a mixed-mode failure. 

 

Figure 7-7 – TEM images of the wafer extracted from the terraced surface, a) overview 
of wafer showing lath structure and b) a higher magnification image of the region 
outlined in a, showing the stepped nature of the fracture surface with associated 
darkfield image of the frame in b (inset) 

 

A region that is more typical of the cleavage-like failure that occurs within the planar 

zone of dissimilar joints [14], [148], [153] is presented in Figure 7-8. In this region, the 

cleavage-like faces are much more pronounced and exist within the planar zone of a 

continuous PMZ. 
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Figure 7-8 - Typical cleavage-like fracture in the Alloy 625 planar zone, adjacent to the 
interface 

  

A crack emanating from the deformed notch of a SENB specimen after bending, and 

having been ED-machined into at several positions across the width of the sample, is 

presented in Figure 7-9.  The notch is seen to intersect with the interface, and despite the 

primary crack apparently initiating in the Alloy 625, multiple crack initiation sites were 

observed in the HAZ, as indicated in the figure.  Following propagation through primary 

dendrite arms, the crack transitioned to that of a cleavage-like failure mechanism bordering 

the planar-cellular morphology.  The crack occasionally transitioned to that of ductile tearing 

within the steel, before reverting back to the planar zone.  Interface disbonding was also 

evident, as shown towards the left of the figure. 
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Figure 7-9 - SEM BS image of a retrieved 8630-Alloy 625 SENB specimen after EDM 
sectioning and polishing (specimen iv).  Pictured are crack initiation sites, indicated by 
the arrows near to the notch tip. 

 

 Upon encountering a discontinuous PMZ, Figure 7-10, the crack is deflected towards 

the weld metal, from an apparently cleavage-like mode of failure.  A planar zone was not 

easily discernible, and at this point, the cleavage-like cracking mode diminishes.  The crack 

then propagated via a terraced quasi-cleavage mechanism through the steel, before 

transitioning to a flat fracture immediately adjacent to the fusion boundary, within the HAZ.   

The low energy crack path within the secondary planar zone then becomes favoured, and the 

crack propagates through the discontinuous PMZ to link the secondary planar zone which has 

formed on the other side of the swirl.  It does this through another, in this case lower, region 

of crater-like failure.  Thus, the crack path, viewed here in cross-section, is similar to the 

fracture features observed in Figure 7-2. 
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Figure 7-10 - SEM BS image of a retrieved 8630-Alloy 625 SENB specimen after EDM 
sectioning (specimen iv). Pictured is the crack tip which has arrested at a discontinuous 
PMZ, during propagation in a flat, crater-like manner.  Crack linking through the 
discontinuous PMZ is also present.   

 

The observations of fracture paths from Figure 7-11 were made through a two-

dimensional analysis, however, it is important not to rule out the three-dimensional crack 

path characteristics.  It is possible that cracks may link around discontinuous PMZ as well as 

through them. 

7.3.2 Fracture Morphology of Laboratory PWHT specimens 

As-welded specimens 

The 8630-Alloy 625 specimen was selected for SEM analysis in the as-welded and 

PWHT conditions.  The as-welded specimens clearly exhibited different fracture 

morphologies from the equivalent PWHT specimens. 
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Figure 7-11 – SEM images of the 8630-Alloy 625 fracture surface in the as welded 
condition  (alloy 625 side) showing a) interfacial failure and b) tilted, higher 
magnification image of the GB protrusions, indicated by the arrows. 

 

Both specimen types exhibited occasional regions of flat crater-like failure as described in 

Figure 7-5, however, the as-welded specimen showed a greater surface area of flat interfacial 

fracture, similar to that observed by Milititsky in [161].  Ductile tearing within the steel was 

also present, together with localised regions of terraced cleavage-like fracture. The dominant 

failure mode was characterised by flat fracture that followed the macroscopic welding bead 

profile, Figure 7-11a.  The outline of what appeared to be grain boundaries, was visible, as 

indicated in the tilted image, Figure 7-11b.  These were in fact, prior austenite grain boundary 

penetrations, formed due to the penetration of molten weld metal through the GBs of the 

opposing side during welding. 

To confirm the position of the GB penetrations with respect to the fusion boundary, a 

continuous interface region from an 8630-Alloy 625 joint in the as-welded condition was 

selected.  Care was taken to examine the exact opposing GB penetration, so that the analyses 

presented in Figure 7-12 and Figure 7-13 are ‘mirror images’.  On the 8630 side, Figure 7-12, 

the protective platinum cap was deposited in a manner that preserved the internal features: 

incremental rotation of the sample at acute angles during deposition. Complete penetration of 

platinum within the overhanging features was not possible due to the profile of the surface.  
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The result of this is a cavity in the sample, where high intensity (white) features correspond 

to the unimpeded electron beam. 

 

Figure 7-12 –The 8630-Alloy 625 fracture surface (8630 side) in the as-welded 
condition showing a) SEM SE image of the prior austenite GB penetration; b) tilted SEM 
SE image of deposited Pt cap for TEM thin foil generation; c) low magnification, tilted 
image of extraction area and d) TEM image of penetration through lath boundaries 
(outlined). 

 

Outlined in Figure 7-12d, the penetration is seen to extend approximately 2.5µm into the 

ferritic side. The microstructure adjoining the platinum-filled recess exhibited extensive 

plasticity in the form of intense slip bands amongst the lath boundaries.  No residual 
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austenitic weld metal was found, indicating separation at the BCC/FCC interface and 

necessitating investigation of the opposing side, Figure 7-13. 

 

Figure 7-13 – The 8630-Alloy 625 fracture surface (Alloy 625 side) in the as-welded 
condition showing a) SEM SE image of prior austenite GB protrusion of the opposing 
side to that of Figure 7-13; b) tilted SEM image of TEM thin-foil creation; c) TEM image 
of the protrusion and d) higher magnification image of region highlighted in c with inset 
SADPs from circled regions (FCC [110] zone axis). 
 

 In Figure 7-13a, the opposing matching features to those seen in Figure 7-12a are 

presented.  As far as possible, the thin-foil was created to intersect the convex features 

responsible for the imprints seen.  TEM analysis, Figure 7-13c, revealed that subsurface, and 

extending towards the bulk weld metal, was the austenitic planar zone.  In common with 
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previously analysed as-welded specimens, there was a complete absence of M7C3 carbide. A 

separate planar zone GB was present in the sample.  The protruding prior austenite GB 

indicated in the figure is seen at higher magnification in Figure 7-13d.  The slip bands, 

indicated by the arrows in the figure, converge at the GB protrusion.  The dislocation density 

was low compared to the opposing ferritic side.  EBSD analysis conducted in Section 4.3.1, 

showed that weld metal protuberances remain austenitic after PWHT.  The TEM analysis 

shown here is evidence that the penetrations are also austenitic before PWHT, and are 

therefore consistent with those observed in a study by Alexandrov et al [54].  In this instance, 

the penetration was contained within a single grain on the planar solidified side of the joint, 

as confirmed using selected aperture diffraction pattern analysis. 

 

Heat treated specimens 

Despite revealing many different fracture modes, the ten hour PWHT SENB fracture 

surface exhibited a predominantly cleavage-like mode of failure. The SEM images of Figure 

7-14 are typical of such a region.  Interestingly, this area exhibited a fine network of cracks 

that often appeared to follow the facets of the cleavage-like fracture.  Again, at higher 

magnification, the cleavage facets did not appear perfectly flat, each displaying a number of 

fine surface ridges, 7-12b. 
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Figure 7-14 - SEM SE images of the cleavage-like morphology from the 8630-Alloy 625 
joint after 10 hours of PWHT showing a) morphology of cleavage-like facets and b) 
higher magnification image of cracking.  Secondary cracks are indicated in the figure by 
the arrows. 
 

 A ‘cleavage-like’ fracture region is also presented in Figure 7-15, which has a slightly 

different morphology to that seen in Figure 7-14.  In the latter figure, the cleavage-like facets 

are clearly visible, but assume a more cellular structure.  As indicated in the figure, a TEM 

thin-foil was positioned and thinned to create a specimen containing a number of the 

cleavage-like ridges, Figure 7-15b and c. The specimen was milled as deep as practicable, so 

that the fracture path in relation to the FCC/BCC interface was visible, whilst maintaining 

specimen quality.   
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Figure 7-15 – SEM SE images of the 8630-Alloy 625 fracture surface (8630 steel side) 
after 10 hours of PWHT showing a) cleavage-like cracking within the planar zone; b) a 
tilted image showing the deposited Pt cap for thin-foil creation and c) the placement of 
the TEM thin-foil on a Cu grid, having been machined to ‘electron transparency’. 

 

A reconstructed TEM montage, showing the fracture surface between 6 and 8µm from the 

interface is presented in Figure 7-16.  A high dislocation density, characterised by the dark 

region extending 4-5µm from the fracture surface, was found within a band of what appeared 

to be M7C3 carbide.  There was no obvious gradient in the dislocation density extending from 

the fracture surface towards the dissimilar interface, except where the precipitates become 

scarce.  The dislocation-free region corresponds to the precipitate free zone which has 

increased carbon solubility.   



177 

 

 

Figure 7-16 – Reconstructed TEM montage subsurface to the cleavage-like fracture 
within the 8630-Alloy 625 joint, following 10 hours of PWHT.  A dense dislocation 
structure is observed amongst the band of M7C3 precipitates within the planar zone. 

 

In this specimen, the long sides of the rod-shaped carbides appear elongated, and are 

aligned both perpendicular and parallel to the dissimilar interface.  This feature may explain 

the fracture morphology, which appeared to run parallel to the long sides of the precipitates, 

as illustrated in Figure 7-17. 
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Figure 7-17 - TEM image from immediately below the fracture surface of Figure 7-16.  
Arrows indicate precipitates within the planar zone 

 

7.4 Discussion 

As the stress is applied during bend testing of the heat treated joints, the dominant 

cleavage-like failure mode acts as the low energy crack path. Upon encountering a 

discontinuous PMZ, or perturbation in the interface, the crack path is deflected away from the 

direction of applied stress, as it attempts to continue within the primary planar zone.  The 

crack thus follows the interface between the two, creating the crater-like morphology along 

lath boundaries. 

Cracks may develop ahead of the primary crack front, as evidenced by the discovery of 

progressive cracking in the retrieved joint recovered from service, Figure 3-10, and by the 

numerous secondary cracks observed in the laboratory heat treated specimens, Figure 7-12. 

Nevertheless, failure occurs across the discontinuous PMZ, as a means of linking cracks in 

the planar solidified, low energy, carbide rich regions.  It is possible that crack-linking 

between neighbouring carbides within the planar zone is responsible for the ‘cleavage-like’ 

surfaces and the presence of fine surface ridges upon them. 
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Figure 7-18 - Illustration of proposed dominant fracture morphology in cross-section 
for an in-service joint, having been subjected to excess PWHT (precipitation of carbide 
within the planar zone). 

 

As a result, crater-like failure can exist at different points, above and below discontinuous 

PMZ regions, as failure mode transitions from cleavage-like to flat, crater-like failure, and 

vice versa. The observations of crack path characteristics for the heat treated joints are 

illustrated, schematically, in Figure 7-18.  However, it is important to note that the fracture 

surfaces were generated by a mechanically driven stress, and may therefore not be completely 

representative of in-service failures of full-scale specimens.  Indeed, the residual strain 

measurements presented in Section 6.4, indicate a significant reduction in stress in the 

direction (normal), having been machined to a 14mm wide section.  The SENB samples were 

prepared to a 12x12mm section, and therefore a similar reduction in residual stress may be 

expected.  Although significant stress relaxation may occur during PWHT, the failure of full-

scale service components may have a significant contribution from residual stress, in the 

presence of hydrogen. 

 Whilst interspersed with regions exhibiting small amounts of the various fracture 

morphologies presented, in general the dominant failure mode in the as-welded condition was 
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through interfacial failure.  This failure mode is typified by large swathes of flat morphology 

that follows the macroscopic bead profile.  At resolutions afforded by SEM, it is possible to 

identify the outline of prior austenite GB penetrations, resulting from the penetration of weld 

metal through the opposing side during welding.  This is possible in part, as the liquidus 

temperature of the weld metal is lower than that of the parent steel (TLW < TLB).  A schematic 

of the dominant as-welded failure morphology is presented in Figure 7-19. 

 

Figure 7-19 - Illustration of proposed dominant fracture morphology in cross-section 
for a hydrogen-charged dissimilar joint in the as-welded condition. 
 

7.5 Chapter Summary 

By comparing retrieved and laboratory heat treated specimens, the fracture surfaces of 

which were generated under similar testing conditions, the following conclusions can be 

made: 

i. Despite evidence of multiple fracture modes, the dominant failure mechanism in the 

LAS-Alloy 625 joints after PWHT, is through a cleavage-like failure, rather than 

major interfacial failure in the as-welded condition.  Discontinuities in the PMZ 
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disrupt cleavage-like cracking along the planar zone, deflecting the crack path and 

resulting in crater-like failure along lath boundaries. 

ii. Subsurface to the cleavage-like cracking within the planar zone, a number of carbides, 

thought to be M7C3, were found.  The precipitation of M7C3 coincided with a region 

of high dislocation activity, the degree of which was not observed in the carbide-free 

region adjacent to the dissimilar interface.   

iii. Microscopic ridges on ‘cleavage’ surfaces, combined with cracking observed in the 

retrieved service specimen subjected to CP, (Section 3.3.1) are evidence of a localised 

plasticity process, rather than fast, brittle fracture. 
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CHAPTER 8. Discussion 

 

8.1 Microstructure 

8.1.1 As-welded Microstructure 

All of the specimens that were investigated exhibited interfacial zones consistent with 

those found in literature [54], [148], [150]–[152], [170], [196]. These are broadly divided into 

two types based on the solidified morphology: continuous and discontinuous partially mixed 

zones.  In the latter, swirls of parent material are swept into the weld metal by fluctuating 

welding pool convection currents.  Similarly, beaches may form due to incomplete mixing 

within the weld pool.  The result of this is an inconsistent interface, typified by regions of 

varying local composition gradients, and therefore microstructure.  Within discontinuous 

PMZ swirls, a higher proportion of hydrogen sensitive martensite may be expected, forming 

as a consequence of the welding procedure [151].   

In continuous PMZ regions, following welding, the reduced nickel content within the 

steep composition gradient results in a weak driving force for the stabilisation of austenite to 

lower temperatures.  Therefore, interface martensite forms at the fusion boundary between 

the dissimilar materials, even under slow cooling conditions.  Post weld heat treatment is 

applied primarily to temper these hydrogen sensitive microstructures.  Additional 

microstructures found within the fusion zone of a continuous PMZ in the as-welded condition 

between LAS-Alloy 625 joints may be summarised as follows: the BCC ferritic 

microstructure of the parent steel, containing carbides and inclusions.  Further towards the 

fusion boundary, a partially decarburized grain-coarsened heat-affected zone is present, with 

fingers of fused weld metal that have penetrated the opposing side during welding.  These 

prior austenite GB protrusions remain austenitic, before and after PWHT.  At the dissimilar 

interface, a thin band of martensite may be visible, the width of which varies due to 
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compositional fluctuations.  Within the austenitic side, an apparently ‘featureless’ or ‘planar 

zone’ is found, having apparently solidified in a planar manner.  However, whilst precipitates 

may not necessarily be found in the as-welded condition, the naming convention ‘featureless 

zone’ is misleading, due to the presence of nanoscale precipitates that form during PWHT. 

Towards the undiluted bulk weld metal, and associated with the instability of the planar solid-

liquid interface, higher atomic number interdendritic particles (Nb and Mo based carbide), are 

observed. 

The F22-309LSi joint was selected solely as a metallurgical comparison to the low 

alloy steel – Alloy 625 joints.  In the 309LSi combination, the relative similarity between the 

PM and the weld metal reduced the chemical gradient. This was accompanied by a 

broadening of transitional fusion boundary microstructures. The result of this is pronounced 

when comparing interface martensite; the most dissimilar joint, the 8630-Alloy 625, 

produced a very narrow band, <1µm wide, which was in stark contrast to the approximately 

4µm wide band observed in the F22-309LSi combination.  The steep weld metal composition 

gradient also appeared linked to planar zone width, visible when comparing the F22 and 

8630-Alloy 625 combinations.   

The microstructural models have demonstrated that the liquidus temperature of the 

weld metal is less than that of the base metal over all of the dissimilar joints used.  Indeed, 

the microstructures that formed following welding are consistent with those presented by  

Yang and Kou [39]–[44] for the case where TLW < TLB, as discussed in Section 2.1.3.  The 

‘no-slip’ boundary condition for fluid flow [45] may be satisfied at the pool boundary, 

resulting in a stagnant laminar flow layer with weaker convection currents.  This can result in 

a thin layer of unmixed or ‘filler deficient’ base metal that solidifies before the bulk weld 

pool.   
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Despite having been fabricated under the same conditions, the F22-Alloy 625 had a 

considerably broader planar zone, and a shallower compositional change than the 8630 

counterpart.  In the F22 and 8630-Alloy 625 joints, having a planar zone width of 

approximately 32 and 10µm respectively, a liquidus temperature range of 150°C was found.  

However, the average compositional gradient along the cross-sectional bead profile and weld 

length was not assessed.  Compositional gradient severity is likely to vary due to fluctuating 

weld pool convection currents. Therefore, changes in dilution may occur as a consequence of 

both solute segregation and partial mixing.  Indeed, the steep compositional changes at the 

pool boundary may be partially present due to increasing shear forces approaching the pool 

boundary as well as larger compositional changes occurring in planar solidified regions 

[184]. 

 

8.1.2 Microstructure Evolution during PWHT 

During heat treatment, carbon diffuses in the direction of its thermodynamical activity 

gradient, which for the dissimilar joints was towards the austenitic weld metal.  The higher 

the degree of heterogeneity between the forging and weld metal, the higher the degree of 

carbon redistribution during heating.  The diffusion models presented in Section 4.3.3 and the 

carbon analysis results presented in Section 5.3.1 reveal the extent of this phenomenon and, 

subsequently, the cause of new phase precipitation within the planar zone.  Carbon saturation 

in this planar solidified region is accompanied by the formation of M7C3 carbide; however 

saturation is reached after differing time periods, depending on parent metal composition. 

Comparing the two LAS-Alloy 625 joints, the F22, having less than half of the carbon 

content compared to the 8630, does not precipitate M7C3 until far later in the PWHT cycle.  

While limited results are presented, the density of the carbide band also appears to be linked 

to PWHT time - a greater proportion of M7C3 was found as PWHT time was increased.  
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Although not quantified, the size of the carbides also appeared to increase with longer heating 

durations.  The relationship between carbide size and fracture morphology was not examined, 

and warrants further study. 

 The width and morphology of the planar zone may play an important role in the 

formation of M7C3. For example, the long aspect ratio of the planar zone grains, combined 

with their large size relative to neighbouring regions, will influence the mechanism for 

carbon diffusion and, additionally, the crack path characteristics. Further into the weld metal, 

where the grain size is reduced and chemical composition becomes less diluted, GB diffusion 

may be preferable such that intragranular M7C3 carbide precipitation ceases.  It would be 

beneficial to investigate the effect of carbon diffusion in less diluted regions. 

 Nanoscale analysis, afforded by transmission electron microscopy, revealed a carbide-

free region within the planar zone of dissimilar joints.  Whilst M7C3 was commonly found 

away from the interface, the carbide-free region remained featureless even after extended 

heating. The emergence of the carbide-free region is likely a result of the rapid chemical 

changes that occur within the first few microns of the planar zone, which in turn modifies the 

local carbon solubility.  The carbide-free band is highly diluted, indicating that M7C3 carbide 

formation is sensitive to the composition of the planar zone matrix.     

 PWHT temperature is normally selected at a high temperature, but below the austenite 

transformation temperature, A1c, such that, upon cooling, undesirable martensitic structures 

do not form.  Whilst equilibrium modelling results indicate the complete dissolution of 

forging M23C6 and M7C3 phases in the 8630 material, complete dissolution of M23C6 was not 

achieved in the F22.  However, considering the susceptibility of martensite to hydrogen 

embrittlement, of perhaps greater importance is the prediction of BCC-FCC transition 

temperatures.  In the F22 material, reversion to austenite was predicted at a far higher 

temperature to that of the 8630 (approximately 790 versus 710°C).  Therefore, as a 
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consequence of having its PWHT temperature (650-675°C) closer to the austenite 

transformation temperature, there may be a higher propensity for reaustenitisation to occur 

during PWHT in the 8630 material. This is providing there are localised regions which 

contain a sufficient amount of austenite stabilising elements.  Within these regions, it may be 

possible to form martensite during cooling from PWHT.  In the weldments analysed, ferritic 

discontinuous PMZ swirls, islands and peninsulas, contain nickel. The nickel may stabilise 

austenite to temperatures lower than that of a typical PWHT, as demonstrated for the 

simplified case in section 4.3.2.  A modification of the PWHTs may therefore be beneficial: 

lower temperatures and slower cooling rates may reduce the amount of discontinuous PMZ 

martensite. 

 

8.2 Mechanical Properties 

8.2.1 Resistance to Hydrogen Embrittlement 

The resistance to hydrogen embrittlement was assessed for retrieved joints under 

temperatures typical of commissioning and service, 4 and 80°C respectively (Section 3.3.3).  

An important consideration is the simulated ‘shut-down’ condition, whereby the manifold 

had been operating at the higher temperature, before standing at the lower temperature whilst 

offline.  Although test data was limited, the results of these slow strain rate SENB tests 

indicated that when testing at the higher of the two temperatures, a considerably higher 

resistance to cracking was found.  However, this result appeared to be independent of the pre-

charging temperature, such that the ‘shut down’ condition appeared to be at no greater risk of 

cracking.  This occurred despite the fact that, theoretically, more hydrogen should be able to 

accumulate at the interface due to faster diffusion rates associated with the higher 

temperature, as discussed in Section 2.3. 
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 Under pre-charging and testing temperatures of 4°C, the resistance to CP-induced 

hydrogen embrittlement was explored in F22 and 8630-Alloy 625 joints, for varying lengths 

of PWHT.  The J-R curve tests were accompanied by heat treated sample coupons in order to 

correlate environmental performance with the microstructures present in each heat treatment 

condition.  The coupons also allowed for normalised carbon distribution profiles to be 

created, demonstrating the carbon diffusion trends.  The most prominent microstructural 

changes occurred at the fusion boundary and within the planar zone due to the tempering of 

martensite and the precipitation of M7C3.  Tempering of the HAZ was accompanied by an 

increase in resistance to embrittlement.  In fact, for all PWHTs applied, an increase in crack 

growth resistance was found.  However, the results also showed that an optimal solution 

exists at the junction of competing mechanisms.  During HAZ tempering, excessive carbon 

diffusion from the steel occurs. This is accompanied by the precipitation of M7C3 within the 

austenitic planar zone, at which point the crack growth resistance is dramatically reduced.  

Therefore, in mitigating M7C3 precipitation, careful control of carbon diffusion and saturation 

within the planar zone is necessary.  As demonstrated, employing a lower carbon content 

forging may be beneficial as it affords greater control of PWHT whilst potentially reducing 

the amount of martensite that can form after welding.  Evidence for this is seen in the F22-

Alloy 625 joint, which suffered losses in mechanical performance far later in the PWHT 

cycle in comparison to the 8630 combination. 

 The susceptibility of the dissimilar joints to hydrogen embrittlement has been 

assessed using slow strain rate testing in a simulated marine environment under CP.  Whilst 

the susceptibility to HE is clearly linked to microscopic fusion boundary regions, it is not yet 

clear how representative the SENB tests are of full-scale, in-service failure.  The notched test 

coupons had 12x12mm sections, with crack lengths up to 3mm.  As a result, high variability 

may be expected between specimens created from a single partial joint due to localised 



188 

 

microstructural variation interspersed along the weld length.  As discussed in Section 5.4, the 

microstructure is also heavily dependent on welding process [151], which can alter the ratio 

of discontinuous to continuous PMZ.  As a result, the mechanical response is also likely to 

vary between manufacturers due to slight differences in welding processes.  Mitigation of 

martensite-rich swirls is likely to improve the environmental performance in the as-welded 

condition, whereas the restriction of planar zone formation may be preferable when 

employing lengthy PWHTs due to the lack of favourable M7C3 carbide growth sites. 

  

8.3 Fracture 

Cracks found in the retrieved 8630-Alloy 625 joint (Chapter 3) indicate subsurface 

initiation, secondary crack coalescence, and propagation in a progressive manner.  This 

opposes the idea of propagation in a single, large event.  In keeping with those of the fracture 

surfaces generated after environmental performance testing, the cracks were predominantly 

confined to the planar zone and fusion boundary.   

In the as-welded condition, interface disbonding was dominant. Yet ‘swirls’ of steel 

with a highly diluted chemistry were observed in which flat, crater-like failure, was found.  

The swirls, having a highly diluted chemistry, promote the formation of martensite, which is 

particularly susceptible to embrittlement.  The swirls form, in part, due to the large difference 

in liquidus temperatures between the parent and base metals.  At bead overlap positions, 

interpass swirls are common. Therefore, a semi-continuous fracture path may be found 

around the weld length, depending on butter welding procedure. 

In the dissimilar joints that were given extended PWHTs, cleavage-like morphologies 

were present.  Whilst subsurface to these a band of M7C3 carbide was found, its high carbon 

content and steep chemistry gradient may also be responsible for the cleavage-like 
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appearance. Therefore, using the subsurface analysis methods described herein, it would be 

beneficial to assess whether this fracture morphology can form in the absence of the carbide. 

Hydrogen is often associated with dislocation motion as well as the modification of 

dislocation velocity and separation distances [197][198].  It is also widely recognised as 

being transported to the interfaces between traps, such as precipitates or GBs, where 

decohesion events can initiate [199]. Therefore, when considering the cleavage-like fracture 

surfaces, the interaction between the M7C3 particles and dislocations must be considered.  It is 

possible that the cohesive strength at the interface between precipitates and the matrix is 

lowered due to hydrogen ingress. Hydrogen diffusion is succeeded by hydrogen accumulation 

at the particles, especially in the locally stressed, dislocation-rich region ahead of the crack-

tip, causing decohesion (HEDE) events in neighbouring precipitates.  Cracks that have 

nucleated at M7C3-matrix interfaces in this stressed region link-up [141], creating the 

cleavage-like surface. An increase in the amount of localised stress  in systems with 

intergranular precipitates has been seen to encourage decohesion at carbides  [200].  A 

similar interplay between the HELP/AIDE and decohesion mechanisms could also be present 

in hydrogen assisted failure in the intragranular M7C3/austenite system.  Evidence of this has 

been found in mesoscopic finite element based microstructural models of the austenite-M7C3 

system [201]. 

 A simplified summary of the fracture toughness trend and relationship with dominant 

fracture morphology is presented in Figure 8-1, for SENB specimens tested in a simulated 

marine environment.  The diagram illustrates that by applying a PWHT, the resistance to 

crack growth is improved until the point at which M7C3 carbide in the planar zone is formed.  

For the F22-Alloy 625 joint, M7C3 forms further into the PWHT cycle, thus loss in 

mechanical performance occurs far later. Once the continuous planar zone is M7C3 abundant, 
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dominant fracture mode transitions to ‘cleavage-like’. However,  in the as-welded condition, 

interface disbonding was prevalent. 

 

 

 

Figure 8-1 - Illustration of the competitive process between crack growth resistance and 
length of PWHT time for the F22 and 8630-Alloy 625 joint, and its effect on fracture 
morphology. 
  
 With the exception of the retrieved joint, which was found to have a number of 

subsurface cracks, all fracture surfaces presented in this work were as a consequence of 
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mechanically driven stress (i.e. SENB testing).  The validity of these tests in assessing in-

service failures is called into question when considering the nature of the environment in 

which full-scale specimens perform. For example, the stress state of SENB test coupons is 

undoubtedly modified by machining practices and initial sample geometry.  Moreover, the 

notch orientation, whilst likened to circumferential crack propagation, is not necessarily 

representative of the cracking characteristics (such as direction) of full size specimens.  In 

full-scale dissimilar weld specimens, different stress states may be expected between the 

inner and outer diameters.  In fact, residual stresses which are compressive in nature, such as 

may be found near the internal diameter of the pipe, decrease the crack driving force [202].  

However, the effect of residual stress is dependent on the location of the flaw, as well as the 

stress state arising due to the introduction of the flaw itself.  Therefore, residual stress 

measurement may be useful in determining the degree of flaw acceptance in relation to 

orientation and placement through the thickness of the weld.   
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CHAPTER 9. Conclusions and Recommendations 

 

9.1 Conclusions 

Arc welding of dissimilar metals creates intricate localised microstructures within the 

fusion zone, which form as a result of complex weld pool stirring.  Broadly, these have been 

divided into two types based on solidified morphology: continuous and discontinuous 

partially mixed zones.  In the former, and bordering the boundary between ferritic and 

austenitic materials, thin bands of martensite were found.  The weld metal within these 

continuous PMZ regions solidifies initially in a planar manner, creating the so-called ‘planar 

zone’.  In discontinuous PMZ swirls, their composition is such that the formation of 

untempered martensite may be possible even after post weld heat treatment, resulting in 

microstructures that are particularly sensitive to hydrogen embrittlement.  Partially mixed 

parent steel that has penetrated into the weld metal results in primary and secondary planar 

zones, each solidifying from the steel towards the undiluted weld metal. 

During PWHT, the heat affected zone is tempered, while residual stresses that have 

formed in the as-welded condition are redistributed.  However, during heat treatment carbon 

diffuses into the austenitic planar zone, whereupon it reaches a saturation point and forms 

M7C3 carbide.  By extending the duration of heating, the extent of diffusion becomes more 

pronounced: significant HAZ decarburisation is succeeded by carbon pile-up in the weld 

metal.  High carbon concentrations are not limited to the planar zone, but were seen to extend 

further into the weld metal. 

 For all applied heat treatments, a considerable increase in resistance to hydrogen 

embrittlement was achieved over the as-welded condition.  However, a competition between 

tempering and new phase precipitation became apparent in both the F22 and 8630-Alloy 625 

combinations.  Within the planar zone of the most-optimally performing samples, the HAZ 
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presented a tempered morphology, yet M7C3 carbide had not nucleated.   Significant losses in 

resistance to crack growth were observed in ‘over-aged’ samples where the carbide was 

abundant, despite further HAZ tempering.  Whilst interspersed with localised regions of 

many fracture morphologies, the dominant fracture modes were different between the as-

welded and ‘over-aged’ samples.  Large swathes of interfacial failure were apparent in the as-

welded condition, yet ‘cleavage-like’ failure (with subsurface M7C3) was found after 

excessive PWHT. These results illustrate the deleterious impact of the carbide on subsea 

performance. A better balance between forging chemistry, desired mechanical properties, and 

microstructure after PWHT is fundamental to the improvement of resistance to subsea 

fracture. 

The microanalysis techniques used herein may be used to qualify joints for subsea 

service, provided a comparison between true in-service failures and those of small scale 

specimens is made. The recognition of improper heat treatment as the root cause of cracking 

in post-mortem examination of in-service failures necessitates the correct identification of 

fracture surfaces.  For example, in ‘over-aged’ specimens, despite manifesting as cleavage, 

the cleavage-like fracture surfaces have arisen due to a localised plasticity process, which is 

accelerated in the presence of hydrogen.  There may be a local accumulation of hydrogen at 

carbide-matrix interfaces and within the deformed region ahead of the crack tip, such that in 

these dissimilar joints the carbide rich planar zone acts as a low energy crack path. Flat, 

crater-like failure coincides with regions of discontinuous, partial mixing.  Therefore, the low 

energy cleavage-like failure along the carbide-matrix interfaces acts to link together these 

partially-mixed regions. Fractographically, the presence of crater-like failure at multiple 

elevations is attributed to the penetration of the swirl into the weld metal, and the emergence 

of primary and secondary planar zones.  Crack linking through the discontinuities happens 
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abruptly, and serves to link the two planar regions together.  The result is an alternating 

fracture morphology through discontinuous swirls and M7C3 rich planar zones. 

 In the as-welded samples, the dominant fracture morphology was interfacial failure, 

typically outlined by prior austenite GB protrusions.  Through TEM investigation, this failure 

mode was found to occur because of disbonding at the fusion boundary itself. This failure 

mode is easily discernible  because the fracture surface follows the macroscopic bead profile.  

Though not dominant, intermixed within the interfacial failure was the crater-like failure 

through discontinuous PMZ regions with a high proportion of untempered martensite.  

Characteristic to its hydrogen sensitivity, these martensite regions presented the poorest 

resistance to CP-induced hydrogen embrittlement. 

9.2 Recommendations 

The fractographic studies have considered the as-welded and ‘over-aged’ conditions.  

Qualitative assessments have been made, in terms of a ‘dominant fracture mode’.  Significant 

potential to advance the fractographic technique lies in the quantitative failure mode 

assessment, and would be facilitated by outlining the entire fracture surface, and by mapping 

individual fracture modes.  This would further aid in determining the correlations between 

microstructure, mechanical properties and fracture morphology.   

Whilst the reduction in mechanical performance has been linked to the formation of M7C3 

carbide within the planar zone, the tolerance of the joint to these precipitates has not been 

assessed.  To qualify resistance to fracture of the planar zone, environmental performance 

tests and microstructural evaluations on bulk material, which is representative of the planar 

zone chemistry and structure, is recommended.  In doing so, a quantitative relationship 

between chemistry, extent of precipitation, and resistance to hydrogen related  fracture, may 

be established. Following this, environmental performance tests are recommended on 

dissimilar joint coupons with a known amount of discontinuous PMZ.  By comparing the 
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two, the mechanical properties corresponding to each fracture type may be isolated. This 

would aid the identification of the mechanisms for hydrogen embrittlement. 

 The findings presented herein should not be applied to in-service failure scenarios 

before a study encompassing the full-scale stress state and degree of CP is conducted.  
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Appendix A – Welding Procedure Details 

Dissimilar joint: F22-309LSi 

Manufacturer: Instytut Spawalnictwa, Gliwice 

Mode of metal transfer: Globular 

Joint type: Overlay 

Preparation: Milling and degreasing 

Material thickness (mm): 40 

Joint design and welding sequence: 

 

 

Filler material designation and make:  

PN-EN ISO 14343-A-G 23 12 L Si, LNM 309 LSi Lincoln Electric 

Gas shielding: PN-EN ISO 14175 – M13 – ArO – 2 

Gas flow rate, l/min: 15 

Preheat temperature, °C: 250 

Interpass temperature, °C: 300 

Distance, contact tube-workpiece, mm: 13 

Welding Device: Lincoln Electric Power Wave 455/STT 

Program no.: 22 

  

Run Welding process Size of filler

Current, 

A Voltage, V

Type of 

current/polarity

Wire feed 

speed, m/min

Travel speed, 

cm/min

Heat input, 

kJ/mm Metal Transfer

1 135 1.2 205 25.3 DC+ pulse 6.5 35 0.71 globular spray

2-n 135 1.2 315 26.4 DC+ pulse 10 40 0.99 globular spray
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Dissimilar joint: F22, 8630-Alloy 625 

Manufacturer: Frenzak, Mikołow 

Joint type: Overlay 

Preparation: Cutting, grinding, milling and degreasing 

Material thickness (mm): 40 

Joint design and welding sequence: 

 

 

Filler material designation and make:  

EN18274-S Ni 6625 (NiCr22Mo9Nb), Thermanit 625 

Gas shielding: EN 14175 – I1 (Argon 99,99% purity) 

Gas flow rate, l/min: 12 

Preheat temperature, °C: 250 (min) 

Interpass temperature, °C: 300 (max) 

Distance, contact tube-workpiece, mm: 13 

 

  

Run Welding process Size of filler

Current, 

A Voltage, V

Type of 

current/polarity

Wire feed 

speed, m/min

Travel speed, 

cm/min

Heat input, 

kJ/mm

1 131 1 150±15 22±3 DC+ pulse 3.6 0.32 ± 0.05 0.495

2-n 131 1 170±15 24±3 DC+ pulse 4.2 0.35 ± 0.05 0.56
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Appendix B – Chemical Analyses 

Table 9- Chemical analysis of forgings used for investigation of heat treatment time.  Performed using optical emission spectroscopy 
(UKAS accredited). 

  

Joint Ref. Notes C Si Mn P S Cr Mo Ni Al As B Co Cu Nb Pb Sn Ti V W Zr Ca Ce Sb
F22- Alloy 625 F22 forging from F22-

Alloy 625 joint, used for 

investigation of PWHT 0.12 0.34 0.5 0.007 0.003 2.09 0.95 0.15 0.038 0.007 0.0006 0.008 0.16 <0.002 <0.005 0.011 0.004 0.006 <0.01 <0.005 0.0004 <0.002 <0.002

F22 - 309LSi F22 forging from F22-

309LSi joint, used for 

investigation of PWHT 0.11 0.29 0.58 0.009 0.003 2.23 0.94 0.053 0.024 0.004 0.0004 0.007 0.032 <0.002 <0.005 <0.004 0.003 0.006 <0.01 <0.005 0.0015 <0.002 <0.002

8630-Alloy 625 8630 forging from 8630-

Alloy 625 joint, used for 

investigation of PWHT
0.32 0.25 0.81 0.015 0.003 0.87 0.4 0.87 0.011 0.007 0.0003 0.009 0.12 0.038 <0.005 0.009 0.003 0.008 0.01 <0.005 0.0015 <0.002 <0.002

Element, wt%
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Appendix C – Thermodynamic Calculations 

Table 10 – Summary of dilution calculations and Thermo-Calc solidification analysis for the 8630-Alloy 625 joint.  The percentages of 
BCC and FCC were calculated under equilibrium conditions.  Liquidus and Solidus temperatures were calculated using the Scheil-
Gulliver module (under equilibrium conditions).  Percentage δ-ferrite was calculated using the Scheil-Gulliver module under non-
equilibrium conditions. Dashed lines indicate lower accuracy simulations. 

 

 

 

 

8630 625

100 98 96 94 92 90 80 70 60 50 40 30 20 10 8 6 4 2 0

Ni (Wt%) 0.55 1.78 3.01 4.25 5.48 6.71 12.87 19.04 25.20 31.36 37.52 43.68 49.85 56.01 57.24 58.47 59.71 60.94 62.17

Cr (Wt%) 0.50 0.92 1.34 1.76 2.18 2.60 4.70 6.80 8.90 11.00 13.10 15.20 17.30 19.40 19.82 20.24 20.66 21.08 21.50

Liquidus, °C 1504 1497 1491 1486 1481 1477 1453 1429 1406 1405 1394 1384 1373 1361 1357 1354 1350 1346 1342

Solidus, °C 1453 1437 1417 1392 1392 1387 1361 1336 1309 1341 1316 1291 1272 1257 1255 1253 1251 1249 1244

Solidification 51.0 60.0 74.0 94.0 89.0 90.0 92.0 93.0 97.0 64.0 78.0 93.0 101.0 104.0 102.0 101.0 99.0 97.0 98.0

Solidification 

Mode

36% δ- 

ferrite + 

Aust

14% δ- 

ferrite + 

Aust Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust.

BCC% 96.6 95.7 91.8 88.7 85.9 83.1 80.4 57.1 47.4 0.0 0.0 0.0 0.0 0.0 0.0 0.0 0.0 0.0 0.0

FCC% 0.0 0.0 2.5 5.2 8.3 8.5 11.0 34.4 30.5 91.6 88.4 80.0 79.0 76.7 76.2 76.0 75.7 75.5 59.1

Cr Equivalent 1.0 1.7 2.3 3.0 3.6 4.3 7.5 10.7 13.9 17.2 20.4 23.6 26.8 30.1 30.7 31.4 32.0 32.6 33.3

Ni Equivalent 10.1 11.2 12.3 13.3 14.4 15.5 20.9 26.3 31.7 37.0 42.4 47.8 53.2 58.6 59.7 60.7 61.8 62.9 64.0

Dilution (parent material, %)

Planar Zone
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Table 11 – Summary of dilution calculations and Thermo-Calc solidification analysis for the F22-309LSi joint. 

 

 

 

 

 

 

 

F22 309LSi

100 98 96 94 92 90 80 70 60 50 40 30 20 10 8 6 4 2 0

Ni (Wt%) 0.25 0.51 0.76 1.02 1.27 1.53 2.80 4.08 5.35 6.63 7.90 9.18 10.45 11.73 11.98 12.24 12.49 12.75 13.00

Cr (Wt%) 2.25 2.69 3.12 3.56 3.99 4.43 6.60 8.78 10.95 13.13 15.30 17.48 19.65 21.83 22.26 22.70 23.13 23.57 24.00

Liquidus, °C 1516 1514 1513 1511 1508 1506 1501 1491 1481 1472 1464 1456 1449 1443 1443 1441 1441 1440 1440

Solidus, °C 1472 1473 1473 1470 1469 1468 1463 1456 1448 1439 1430 1422 1414 1408 1406 1405 1404 1403 1402

Solidification 44.0 41.0 40.0 41.0 39.0 38.0 38.0 35.0 33.0 33.0 34.0 34.0 35.0 35.0 37.0 36.0 37.0 37.0 38.0

Solidification 

Mode

84% δ- 

ferrite + 

Aust

82.5% δ- 

ferrite + 

Aust

82.6% δ- 

ferrite + 

Aust

82% δ- 

ferrite + 

Aust

81% δ- 

ferrite + 

Aust

80% δ- 

ferrite + 

Aust

75.6% δ- 

ferrite + 

Aust

70.4% δ- 

ferrite + 

Aust

64.4% δ- 

ferrite + 

Aust

59.4% δ- 

ferrite + 

Aust

55.7% δ- 

ferrite + 

Aust

53% δ- 

ferrite + 

Aust

50% δ- 

ferrite + 

Aust

50% δ- 

ferrite + 

Aust

50% δ- 

ferrite + 

Aust

50.6% δ- 

ferrite + 

Aust

50.6% δ- 

ferrite + 

Aust

50.6% δ- 

ferrite + 

Aust

50.6% δ- 

ferrite + 

Aust

BCC% 97.0 97.0 97.0 97.0 97.0 96.7 95.0 93.6 91.4 89.1 83.4 78.7 80.1 75.8 75.2 75.0 73.6 73.2 72.0

FCC% 0.0 0.0 0.0 0.0 0.0 0.0 2.4 4.2 6.6 8.8 12.0 15.2 19.1 22.8 23.5 24.2 25.0 25.7 26.6

Cr Equivalent 3.7 4.2 4.6 5.0 5.5 5.9 8.1 10.2 12.4 14.5 16.7 18.9 21.0 23.2 23.6 24.0 24.5 24.9 25.3

Ni Equivalent 3.9 4.1 4.3 4.5 4.8 5.0 6.0 7.0 8.1 9.1 10.2 11.2 12.2 13.3 13.5 13.7 13.9 14.1 14.3

Dilution (parent material, %)
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Table 12 - Summary of dilution calculations and Thermo-Calc solidification analysis for the F22-Alloy 625 joint 

 

 

 

 

 

 

 

F22 625

100 98 96 94 92 90 80 70 60 50 40 30 20 10 8 6 4 2 0

Ni (Wt%) 0.25 1.49 2.73 3.97 5.20 6.44 12.63 18.83 25.02 31.21 37.40 43.59 49.79 55.98 57.22 58.45 59.69 60.93 62.17

Cr (Wt%) 2.25 2.64 3.02 3.41 3.79 4.18 6.10 8.03 9.95 11.88 13.80 15.73 17.65 19.58 19.96 20.35 20.73 21.12 21.50

Liquidus, °C 1516 1510 1503 1495 1489 1482 1456 1431 1407 1409 1396 1385 1374 1361 1357 1354 1350 1346 1342

Solidus, °C 1472 1466 1456 1441 1424 1406 1304 1318 1278 1316 1292 1274 1262 1244 1244 1251 1249 1244 1244

Solidification 44.0 44.0 47.0 54.0 65.0 76.0 152.0 113.0 129.0 93.0 104.0 111.0 112.0 117.0 113.0 103.0 101.0 102.0 98.0

Solidifcation 

Mode

84% δ- 

ferrite + 

Aust

79% δ- 

ferrite + 

Aust

69% δ- 

ferrite + 

Aust

54% δ- 

ferrite + 

Aust

27% δ- 

ferrite + 

Aust Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust. Aust.

BCC% 97.0 93.6 94.4 92.7 92.0 87.7 76.6 61.8 48.9 0.0 0.1 0.0 0.0 0.0 0.0 0.0 0.0 0.0 0.0

FCC% 0.0 0.0 2.3 3.4 4.3 5.7 16.8 21.4 29.4 88.8 85.3 80.8 79.2 76.7 76.3 75.9 75.7 75.5 59.1

Cr Equivalent 3.7 4.3 4.9 5.5 6.1 6.7 9.6 12.6 15.6 18.5 21.5 24.4 27.4 30.3 30.9 31.5 32.1 32.7 33.3

Ni Equivalent 3.9 5.1 6.3 7.5 8.7 9.9 15.9 21.9 27.9 34.0 40.0 46.0 52.0 58.0 59.2 60.4 61.6 62.8 64.0

Dilution (parent material, %)

Planar Zone
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Appendix D – Thesis Structure 

 

Figure 0-1 - Structure of thesis and knowledge exchange between Chapters
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