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Abstract 9 

 10 

The initiation and early-stage crack growth under very-high-cycle fatigue 11 

(VHCF) at room temperature, 750 C and 850 C on directionally-solidified Ni-base 12 

superalloy have been investigated.  There was little frequency effect of 20 kHz on 13 

fatigue lives when compared with 100 Hz, nor did the deformation and fracture 14 

mechanisms.  Dislocation tangles re-arranged themselves to form well-defined 15 

networks at interface of /, accounting for the enhanced fatigue strength at 850 C in 16 

VHCF regime when compared to that at 750 C.  In most cases, internal casting pore 17 

was the crack initiation site.  Crack initiation and early-stage growth occurred on one 18 

of the {111} planes or their intersecting planes, a characteristic of Stage I cracking.  19 

With the use of optimized intermittent loading conditions, both the initiation and 20 

early-stage crack growth processes were successfully tracked on the basis of fine but 21 

visible beach marks within the Stage I cracking region.  The first registered fatigue 22 

beach mark can be as close as only 86 m to the crack initiation site and the crack 23 

length increased steadily over the whole early-stage crack growth stage.  The 24 

enhanced fatigue strength at 850 C can be rationalized with the higher threshold for 25 

propagating the early-stage crack.  The fraction of fatigue life consumed for early-26 

stage crack growth reduces with the decreasing stress, eventually leading to the 27 

initiation-controlling VHCF fatigue failure.  The implications of these results are 28 

discussed with respect to the model prediction of fatigue life and fatigue strength. 29 
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1. Introduction 34 

 35 

Fatigue is the single largest failure reason based on the jet engine component 36 

distress mode statistics.[1]  All engine parts should have a minimum fatigue life of 109 37 

cycles[2] and this number is based on both the laboratory observations and lessons 38 

learned from the industry that a fatigue endurance limit (defined as the lower limiting 39 

stress amplitude at Nf=107) does not exist for most metals.[3]  An internal fatigue 40 

failure mode is particularly important for fatigue life in the very-high-cycle fatigue 41 

(VHCF) regime.[4,5]  The most characteristic feature of this failure mode is that the 42 

fracture surface exhibits a “fish-eye”.[6]  In almost all cases the fish-eye appears 43 

circular, with a dark area in the center, inside which the crack initiation site is located.  44 

Controversy exists as to the presence of this dark area, hence terms of for example 45 

optically dark area, fine granular area, granular bright facet,[6] reflect different crack 46 

initiation mechanisms and early-stage crack growth behavior that cause such a 47 

macroscopic feature. 48 

The origin of internal fatigue cracking can be attributed to the presence of the 49 

material discontinuity, including non-metallic inclusions[7–11], casting pores[12,13], 50 

second-phase particles[14], and some microstructural inhomogeneities[15,16] for a wide 51 

range of alloys (e.g. steel[16–20], titanium[15], aluminum[21] and Ni-base superalloys in a 52 

form of single-crystal[14,22], directionally-solidified[23] and polycrystal[9,24,25]).  In 53 

VHCF regime, the cycles spent for the crack initiation can account for a very large 54 

fraction of the fatigue life (i.e. Ni/Nf being greater than 90% and up to 99%[6,7,20,26]).  55 

In principle, the fatigue life consumed for crack initiation under VHCF regime should 56 

involve both the initiation and early-stage growth process.  Unfortunately, their 57 

underlying mechanisms have not been fully understood yet.[18,27] 58 

The primary limitation to study VHCF crack initiation and early-stage growth 59 

is the lack of experimental method to monitor the internal cracking, although there are 60 

many techniques for surface fatigue cracking.[28]  As a consequence, attempts to 61 

characterize the early-stage growth kinetics of an interior fatigue crack were based on 62 

modelling approach that often involves the calculation by subtraction together with 63 

the integration of the classic Paris law.[6]  For example, Li et al.[5] claimed that the 64 

crack propagated at a slow rate of below 10-10 m/cycle within the fish-eye.  Similarly, 65 

the early-stage crack growth rate for Cr-Mo steels under VHCF loading was estimated 66 

as 10-12 to 10-11 m/cycle.[11,29]  By the use of variable amplitude loading method to 67 
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create imprints on the fracture surface, Sun et al.[30] reported that the early-stage crack 68 

growth rate was in the magnitude of 10-12 to 10-11 m/cycle for martensitic stainless 69 

steel. 70 

Both the initiation and early-stage crack growth are important to develop a full 71 

understanding of VHCF interior failure mode; this forms the motivation of the present 72 

work.  An experimental method has been developed on the basis of previous VHCF 73 

work[31–33] to imprint the fracture surface with regularly spaced beach marks within 74 

the early-stage crack growth region on a high-temperature VHCF loaded 75 

directionally-solidified Ni-base superalloy.  Although such a fracture-surface analysis 76 

method is commonly used to trace back the crack growth history (e.g. Reference[34]), 77 

no work has been done to measure the crack growth kinetics in high-temperature 78 

VHCF regime, particularly for the crystallographic Stage I cracking, a predominant 79 

process for early-stage crack growth in Ni-base superalloys.  This cracking mode is 80 

distinct from the subsequent Stage II cracking, which occurs in a direction 81 

perpendicular to the principal stress axis.[35] 82 

A fractographic study of Stage I fatigue cracking on MAR-M200 Ni-base 83 

superalloy was performed by Duguette et al.[36]  Observations of featureless or rubbed 84 

Stage I fracture surfaces suggested that crack propagation was a continuation of crack 85 

initiation, instead of a discrete process.  By using compact-tension samples with the 86 

notch and pre-crack, Stage I crack propagation rates along crystallographic planes 87 

were measured to be between 8.1110-9 and 2.0910-7 m/cycle on single-crystal 88 

NKH-304, depending on the specific loading direction with respect to the 89 

crystallographic orientation.[37]  The lowest crack propagation rate was measured to be 90 

110-8 m/cycle on single-crystal CMSX-2.[38]  Since the stress intensity factor close to 91 

the crack initiation site in pre-cracked sample is different to that of a natural crack 92 

initiated on unnotched sample, such a high crack growth rate is probably not 93 

representative of the VHCF crack initiation and its early-stage growth.  Note the 94 

calculated early-stage crack growth rate as reported in References[11,29,30] for steels 95 

under VHCF regime were in the range of 10-12 to 10-11 m/cycle; they differed 96 

apparently by a factor of about 103. 97 

In the present work, the fatigue crack initiation and early-stage crack growth 98 

in a directionally-solidified Ni-base superalloy was examined in VHCF and high-99 

cycle fatigue regime at both room and elevated temperatures using ultrasonic fatigue 100 
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machine operating at 20 kHz.  Comparative fatigue tests were performed at 100 Hz to 101 

clarify the frequency effect.  Quantitative fractography analysis was performed to 102 

characterize the early-stage crack growth behavior in addition to identify the 103 

preceding crack initiation mechanism and the subsequent crack deflection.  The 104 

deformation mechanism as a function of temperatures was also elucidated by using 105 

transmission electron microscopy (TEM).  Finally, both the fatigue strength and 106 

lifetime predictions were made and compared against experimental data. 107 

 108 

2. Material and Experimental 109 

 110 

2.1 Material 111 

 112 

DZ125 is a  precipitation-strengthened directionally-solidified alloy that is 113 

characteristic of high Al and Ti contents and Hf-rich.  This alloy, similar to Rene 142 114 

and CM247LC in terms of Al, Ti and Hf contents, is a columnar-grained turbine blade 115 

superalloy and the maximum service temperature is 1050 C.  The material was 116 

supplied in a bar shape with each dimension of 15 mm in diameter and 165 mm in 117 

length.  The chemical composition of as-supplied DZ125 alloy was confirmed using 118 

inductively coupled plasma atomic emission spectroscopy and the result is presented 119 

in Table 1.   120 

 121 

Table 1. Chemical composition of as-supplied DZ125 alloy (in wt%) 122 

C Cr Co Mo W Ta Ti Al B Hf Si Ni 

0.11 8.96 10.04 2.05 7.10 3.83 1.02 5.18 0.016 1.59 <0.10 Bal. 

 123 

The material had been subjected to the heat treatment cycle by first solution 124 

annealing at 1180 C for 2 h and then 1230 C for 3 h; second two-step aging at 1100 125 

C for 4 h and then 870 C for 20 h.  Table 2 provides tensile properties of this alloy 126 

at both room (RT) and elevated temperatures (750 and 850 C).  These properties 127 

were obtained by using MTS 810 test system on round bar specimen (5 mm in 128 

diameter and 35 mm in gauge length) at constant displacement rate of 1 mm/min.  As 129 

expected, the tensile strength decreased but ductility increased with increasing 130 

temperature.  Micro-hardness measurements at RT were performed on an FM-7000A 131 

instrument and 10 individual points were collected to derive the average value.  132 
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Micro-hardness at 750 C and 850 C were derived from the measured tensile strength 133 

using the conversion factors as reported in GB T1172-1999. 134 

The microstructure consists of 60.0% -volume fraction; a representative 135 

SEM micrograph is shown in Fig. 1a and the average -size was measured to be 136 

0.450.09 m.  More details about DZ125 alloy can be found in our previous work.[39]  137 

Fig. 1b shows the overall columnar grain structure and the grain width and dendrite 138 

width were measured as 883.340.5 m and 202.523.6 m respectively. 139 

 140 

Table 2 Tensile properties of DZ125 alloy in the fully heat treated condition. 141 

Temperature 

(C) 

0.2 

(MPa) 

Tensile 

strength (MPa) 

Elongation 

(%) 

Vickers 

hardness  

23 968 1223 16.1 400 

750 887 1177 21.5 386 

850 775 991 28.4 330 

 142 

 143 
Fig. 1: (a) ’ precipitate microstructure after solution annealing and two-step aging; 144 

(b) an optical micrograph showing the columnar grain structure and dendrites 145 

 146 

2.2 Fatigue testing 147 

 148 

Shimadzu USF-2000 ultrasonic fatigue testing system was used to perform the 149 

VHCF tests at 20 kHz and the specimen was loaded in tension-compression (stress 150 

ratio R=-1), Fig. 2a.  Specimens were all machined out from the superalloy bars along 151 

their longitudinal direction and the loading direction was parallel to the <001> 152 

crystallographic orientation.  The alternating stress a levels ranged from 250 MPa to 153 

500 MPa to establish the stress-life S-N curves for RT, 750 C and 850 C. 154 

A self-designed cooling gas nozzle was used to compensate the specimen self-155 

heating due to very-high frequency at RT, while reduce the temperature of the loading 156 

bar at high temperature VHCF tests, Fig. 2b.  A FOTRIC 220 infrared thermal camera 157 
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was set up to examine the temperature change, Fig. 2a.  Stress levels were 158 

incrementally increased from a=225 MPa to 325 MPa with step size of 25 MPa.  It 159 

was confirmed that the temperature rise for the RT tests was less than 15 C; hence 160 

the effect of specimen self-heating is limited.  In terms of high-temperature VHCF 161 

tests, the specimen was heated by using induction coils integrated with a closed-loop 162 

temperature controller, as illustrated in Fig. 2a.  The surface-temperature was kept 163 

within 5 C of the test temperature. 164 

 165 

 166 
Fig. 2: (a) High-temperature ultrasonic VHCF fatigue testing system; (b) A closer 167 

view of the high-temperature test assembly; (c) VHCF fatigue specimen design 168 

 169 

The dimension of the specimen is axisymmetric with a reduced section at the 170 

center and a circular profile, Fig. 2c.  Analytical solution is available for specimen 171 

design with a hyperbolic cosine profile and the difference between this idealized 172 

profile and the circular profile (Fig. 2c) is small, as described in Reference[40], hence 173 

the resonance length and the stress distribution of the ultrasonic fatigue specimen 174 

were derived based on the analytical solution, to avoid unnecessary numerical 175 

calculation.  The temperature gradient over 5 mm distance to the minimum sectional 176 

area was less than 5 C.  Therefore, the effect of temperature gradient on the VHCF 177 

specimen design is insignificant. 178 

In brief, the one-dimensional longitudinal wave equation for an axisymmetric 179 

specimen with a varying cross section can be described as: 180 

 181 
2 2

d2 2

( , ) ( , ) ( , )
( ) - ( ) + ( ) 0

u x t u x t u x t
S x E S x S x

t x x


   
  

   
                                              (1) 182 

 183 
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where  is material’s density, S(x) is the area section at position x and u(x,t) is the 184 

displacement function of the specimen at position x and time t.  Ed is the material’s 185 

dynamic elastic modulus (temperature-dependent) which determines the vibration 186 

generated stress magnitude through the relation: 187 

 188 

d

( , )
( , )= ( )

u x t
F x t E S x

x




                                                                                             (2) 189 

 190 

By separating the displacement function as ( , ) ( )sinu x t U x t , applying the 191 

boundary conditions and the hyperbolic cosine profile function (Eq. 3), the analytical 192 

solution of resonance length L1 is given in Eq. 4. 193 

 194 

2 2 2 1

1 2

( )

( ) cosh( )

y x R L x L L

y x R x x L

    


 

                                                                                (3) 195 

 196 

1 2

2

1 1
arctan tanh( )

tanh( )
L L

k k L


 



   
   

   
                                                            (4) 197 

 198 

where 2

2 1

1
arccos ( )

R
h

L R
  ,  takes the form as given in Eq. 5.  The maximum stress 199 

at the position corresponding to the minimum sectional area in the hourglass type 200 

specimen (Fig. 2c), i.e. the testing stress max, is eventually obtained as: 201 

 202 

max d 0 d 0 1 2

( )
( , )x

U x
E E A L L

x
  


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
 203 

where 

2 2

1 2
1 2

2

cos( )cosh( )
( , )

sinh( )

k

kL L
L L

L

 





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





                                                                       (5) 204 

 205 

In practice, we defined specimen dimensions of R1, R2, L2 by considering the 206 

testing condition, material availability as well as difficulties to achieve the desired 207 

surface finish, then L1 was calculated based on Eq. 4.  Table 3 provides the VHCF 208 

specimen dimensions for RT, 750 C and 850 C, respectively.  The dynamic elastic 209 

modulus Ed was measured by using the resonant frequency in longitudinal mode of 210 

vibration.  For the RT VHCF tests, the radius of the specimen, R1=1.5 mm and R2=5.0 211 

mm, and the length at varying cross section region, L2=15 mm, were used.  As a result, 212 
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the resonance length L1 was calculated as 8.46 mm by knowing Ed=127 GPa and 213 

=8.595 g/cm3, Table 3.  Using the same approach but with different values of 214 

dynamic elastic moduli, i.e. Ed=103 GPa for 750 C and Ed=96 GPa for 850 C (Table 215 

3), the high-temperature VHCF specimen was designed with the same dimension of 216 

R1=2.5 mm, R2=5.0 mm, L2=20 mm, but the length L1 of being 8.50 mm for 750 C 217 

and 7.63 mm for 850 C, respectively. 218 

 219 

Table 3 Parameters used for the VHCF fatigue specimen design 220 

Temperature 

(C) 

Dynamic elastic 

modulus, Ed (GPa) 

 
(g/cm3) 

R1 

(mm) 

R2 

(mm) 

L2 

(mm) 

L1 

(mm) 

23 127 

8.595 

1.5 

5.0 

15 8.46 

750 103 2.5 20 8.50 

850 96 2.5 20 7.63 

 221 

Both the continuous and intermittent excitations were used for the VHCF 222 

ultrasonic fatigue testing.  A pre-defined pulsed excitation was used to create many 223 

regularly spaced fatigue beach marks within the early-stage crack growth region.  224 

Table 4 provides the pulse/pause conditions for the VHCF loading at elevated 225 

temperatures.  The formation mechanism of fatigue beach marks on fracture surface 226 

have been thoroughly discussed in for example References[41,42].  There are several 227 

studies[30–33,43–45] carried out in the VHCF field with some interesting comments about 228 

the creation of beach marks and we will discuss them in detail in Section 4.4.  For the 229 

VHCF loading at RT, we did not record the detailed pulse/pause conditions, but less 230 

than 4 beach marks was found based on the SEM fractography examination. 231 

 232 

Table 4 Summary of intermittent fatigue loading with pre-defined pulse/pause 233 

conditions. 234 

Temperature 

(C) 

Alternating 

stress (MPa) 

Cycles to 

failure Nf 

Pulse/pause 

conditions 

(ms) 

Distance of the first 

registered beach mark 

to crack initiation site 

750 300 5.20×105 500/500 86 μm 

750 275 3.36×107 200/200 127 μm 

850 350 1.04×106 120/840 700 μm 

850 300 6.87×107 120/720 533 μm 

 235 

The fatigue life obtained by ultrasonic fatigue testing system at both RT and 236 

750 C was compared to similar data generated on QBG-100 high-frequency fatigue 237 

tester that operated at 100 Hz to assess the frequency effect.  Standard round-bar 238 
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fatigue specimens were used in accordance with the Aviation Industry Standard of 239 

China HB 5287-96[46].  A three-zone split furnace was used to heat the specimen to 240 

targeting temperature of 750 C with fluctuation of 5 C. 241 

 242 

2.3 Microstructural characterization 243 

 244 

Metallographic samples were first ground with 60 to 3000 grit SiC papers, and 245 

then polished down to 1 m diamond suspension.  Chemical etching was performed 246 

using 5 g CuSO4 + 15 ml HCl + 25 ml H2O to reveal the general microstructure.  To 247 

reveal -precipitate morphology, electrolytic etching was used with a solution of 70 248 

ml H3PO4 and 30 ml H2O at 5 V for 4 s. 249 

Fractography examination to study crack initiation and growth was carried out 250 

on post-fatigued specimens using Zeiss Supra 55-VP FEGSEM under either 251 

secondary electron (SE) or backscattered electron (BSE) imaging mode.  Local 252 

regions of crack initiation were carefully examined to identify the origin of fatigue 253 

cracking and to measure characteristic dimensions of the crack initiation site.  The 254 

early-stage crack growth rate was measured quantitatively based on the fatigue beach 255 

marks that had been created by using the pulse/pause conditions in Table 4.  256 

Metallographic samples were also extracted from the location of 5 mm below the 257 

fractured surface to study the morphological change of -precipitates.   258 

Tecnai G2 20 TEM operating at 200 kV was used to characterize the 259 

dislocation interaction with -precipitates.  TEM samples were extracted close to the 260 

fatigue crack initiation site, i.e. within 0.5 mm distance to the fractured surface.  261 

Although the direct TEM observation of crack-tip deformation behavior was not 262 

carried out, the plastic zone at the crack tip should be limited as the applied stress is 263 

much lower than the macro-scopic yield strength.  Therefore, the present TEM 264 

observation is very likely to reveal the deformation mechanism related to the fatigue 265 

crack initiation. 266 

 267 

3. Results 268 

 269 

3.1 Fatigue strength 270 

 271 
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The S-N data curve generated by ultrasonic fatigue testing system are 272 

presented in Fig. 3 and totally 36 individual tests were performed.  These data cover 273 

the fatigue life regime of Nf=3105 to 4108.  The fatigue test run-out was considered 274 

when exceeding 109 cycles, but with the exception of one 850 C test (i.e. interrupted 275 

after 108 cycles).  Fatigue strength is used here to specify the alternating stress a 276 

value (or the average value) at 109 cycles from the S-N curve.  Based on this method, 277 

the fatigue strength was determined as 262.5 MPa, 250 MPa and 300 MPa for RT, 278 

750 C and 850 C, as indicated by the plateaus in Fig. 3.  279 

 280 

 281 
Fig. 3: S-N fatigue diagram generated at 20 kHz at three temperatures of room-282 

temperature (RT), 750 C and 850 C.  Data with hollow symbols represent those 283 

generated with intermittent loading mode, whereas solid symbols represent those 284 

generated with continuous loading.  Note: the grey color lines were drawn to indicate 285 

the best estimated fatigue strength at 109 cycles. 286 

 287 

It is admitted that the above-mentioned approach might not be the most 288 

satisfactory one to determine the VHCF fatigue strength.  However, it was not 289 

possible to use the staircase test method due to the limited availability of material.  To 290 

this end, the fatigue strength at 109 cycles is used here, instead of fatigue limit.  291 

Compared to the previous high-temperature VHCF work[22,23] on Ni-base superalloys, 292 

the present work already reported a much higher number of tests particularly in the 293 

VHCF regime of Nf=107 to 109 cycles.  Many replicate tests were conducted at the 294 

same stress levels to take into account the fatigue intrinsic data scatter. 295 
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As shown in Fig. 3, at high stress regime, the RT fatigue strength is much 296 

higher than that at 750 C and 850 C and the difference between the latter two is 297 

marginal.  This is probably related to the reduced strengthening effect of -298 

precipitates.  The cutting of -precipitates is more likely to occur under the higher 299 

stress; hence the overall strength of the material is determined by the -matrix that is 300 

known to exhibit a monotonic temperature dependence (i.e. strength decreases with 301 

increasing temperature).  However, at low stress regime (i.e. in the VHCF regime of 302 

Fig. 3), the strengthening effect of -precipitates is more dominant.  The fatigue 303 

strength at 750 C is slightly lower than that at RT.  By comparison, the fatigue 304 

strength at 850 C is higher than that at RT and 750 C.  The enhanced fatigue 305 

strength at 850 C will be discussed in detail in Section 4.3 together with the TEM 306 

results.  The fatigue life of Inconel 718 at elevated temperatures was also reported to 307 

be higher than that obtained at RT.[47]  Therefore, the temperature dependence of 308 

fatigue strength in the present material is not completely unexpected. 309 

 310 

 311 
Fig. 4: A comparison of fatigue data generated at 20 kHz with those at 100 Hz 312 

showing little frequency effect on DZ125 alloy: (a) RT; (b) 750 C.  Note: the 313 

subscript 2 in (b) indicates two overlapping 100 Hz data points. 314 

 315 

To assess whether the very-high frequency of 20 kHz employed in ultrasonic 316 

fatigue testing would affect the overall fatigue life, six comparative fatigue tests were 317 

performed using conventional fatigue tester at a frequency close to 100 Hz.  Fig. 4a 318 

and 4b compare the 100 Hz fatigue data with those generated at 20 kHz, at two stress 319 

levels of a=300 MPa at RT and 350 MPa at 750 C.  All data appear to overlap with 320 

each other, indicating little frequency effect at both RT and 750 C.  When fatigue 321 
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data generated by ultrasonic fatigue and conventional testers on single-crystal 322 

PW1484 superalloy were compared, frequency effect was also found to be limited.[14] 323 

 324 

3.2 Fatigue crack initiation 325 

 326 

All of the fractured specimens were examined under SEM and it was 327 

confirmed that fatigue cracks initiated exclusively from the interior.  13 tests were 328 

performed at RT and 5 out of 11 failed specimens exhibited crack initiation from the 329 

casting pore.  15 tests were performed at 750 C with 9 out of 14 failed specimens 330 

exhibiting crack initiation from the casting pore.  By comparison, 8 specimens were 331 

tested at 850 C and 4 out of 6 failed specimens showed crack initiation from the 332 

casting pore.  Therefore, casting pores are the origin for these interior fatigue cracking 333 

in most cases (18 out of 31 fatigue failed specimens). 334 

 335 

 336 

Fig. 5: Overall facture surface of post-fatigue specimens showing the transition from 337 

crystallographic Stage I to non-crystallographic Stage II cracking: (a) a=300 MPa, 338 

Nf=2.07×107, RT; (b) a=275 MPa, Nf=3.40×107, 750 °C; (c) a=300 MPa, 339 

Nf=6.87×107, 850 °C; (d) a=350 MPa, Nf=2.40×107, RT; (e) to (h) showing the top 340 

view of the fracture surface for the corresponding (a) to (d). Note: the red color box 341 

indicates the crack initiation sites with (a) to (c) due to the casting pore, whereas (d) 342 

due to the solidification-shrinkage defect. 343 

 344 

The characteristics of the fracture surface are described based on the 345 

representative SEM micrographs from RT, 750 C and 850 C, respectively, and these 346 

specimens are indicated by red color symbols in Fig. 3.  The overall appearance of 347 

VHCF fracture surfaces are shown in Fig. 5a to 5c for the side view, and in Fig. 5e to 348 

5g for the top view.  The red color boxes on each figure highlight the crack initiation 349 
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sites associated with the casting pore.  The initial part of the crack is of a shear type, 350 

inclined close to the maximum shear stress direction, and the crack appears to grow 351 

on a distinctly large crystallographic facet.  The average angle of the initial fracture 352 

surface was measured as ~52 with respect to the far-field loading axis.  As the 353 

theoretical angle between the (111) plane-normal and (001) plane-normal is 54.74, 354 

the observed crack initiation and early-stage crack growth is typical of that found in 355 

Stage I crystallographic cracking.  This is consistent with previous VHCF work on 356 

Ni-base superalloys (directionally-solidified[23] and single-crystal[14,22,23,48]).  When 357 

the Stage I cracks grew and coalesced to a size large enough to propagate under the 358 

applied Mode I stress, Stage II crack propagation took place at later stage, Fig. 5.  359 

Finally, a rough surface feature can be found at the final failure zone, Fig. 5, which is 360 

similar to that often observed on tensile fracture surface. 361 

 362 

 363 
Fig 6: Crack initiation sites for high-temperature VHCF post-fatigue specimens: (a) 364 

a=300 MPa and RT, Nf=2.07×107; (b) a=275 MPa and 750 °C, Nf=3.40×107; (c) 365 

a=300 MPa and 850 °C, Nf=6.87×107; (d) a=350 MPa, Nf=2.40×107, RT.  The crack 366 

initiation from the casting pores are shown in (a) to (c), whereas that from the 367 

solidification-shrinkage defect is shown in (d). 368 

 369 

The magnified SEM views of the crack initiation from the casting pore are 370 

shown in Fig. 6a, 6b and 6c for RT, 750 C and 850 C, respectively.  The early-stage 371 
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crack growth occurred on one or more intersecting {111} crystallographic planes.  372 

Fig. 6a illustrates a typical example where the initiation and early-stage crack growth 373 

occurred on one of the {111} planes, whereas Fig. 6b represents that occurring on 374 

intersecting {111} planes.  Notwithstanding that these VHCF tests were performed at 375 

different temperatures, all SEM micrographs revealed a single casting pore as the 376 

crack initiation site.  Furthermore, the microstructural configurations in the vicinity of 377 

the casting pores (i.e. the rough surface), Fig. 6a, 6b and 6c, seems to indicate that the 378 

cumulative early strain localization would be required to trigger the VHCF crack 379 

initiation. 380 

It is important to determine whether these failed specimens fall into the 381 

category of near-to-surface or internal pores, hence the method based on the ratio of 382 

pore size and its distance to the surface, initially proposed by Murakami [49,50], was 383 

adopted.  If the ratio is less than a value of 1.6, the pore should be judged as internal 384 

pore, otherwise a near-to-surface pore.  One measurement example on the fracture 385 

surface is shown in Fig. 5e and Fig. 6a.  The pore size, defined by the half-length 386 

along major axis, was determined as 25 m, Fig. 6a, and its site distance was 528 m, 387 

Fig. 5e.  The calculated ratio of the pore size and its distance to surface ranged from 388 

0.05 and 0.35 for all of the casting pores.  Therefore, they should be classified as 389 

internal pores.  In sum, when internal casting pores are present, fatigue cracks always 390 

initiated from this type of material discontinuity in the lifetime of 3105 to 4108 391 

cycles to failure. 392 

For the rest of fractured specimens (13 out of 31), it is not certain what causes 393 

the crack initiation although there was some hint pointing towards the solidification-394 

shrinkage defect.  A typical example of this type of fracture surface is shown in Fig. 395 

5d and 5h and no measurable casting pore could be identified at the crack initiation 396 

site, Fig. 6d.  Since the crack initiation mechanism for these specimens is not 397 

conclusive, we will not discuss them further.  But it is worthwhile to mention that a 398 

severe surface roughness at the crack initiation site can be seen in Fig. 6d, and such a 399 

localized deformation seems to be similar to that as observed in Fig. 6a to 6c.  Putting 400 

the S-N data and the type of crack initiation under scrutiny, no correlation could be 401 

identified regarding the effect of temperature, stress, or fatigue life on the nature of 402 

crack initiation.   403 

 404 
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3.3 Fatigue crack propagation 405 

 406 

Fig. 7a shows a typical imprinted fracture surface within crystallographic 407 

Stage I cracking region.  Regularly spaced beach marks were created by the 850 C 408 

intermittent VHCF loading with pulses of 120 ms separated by pauses of 840 ms 409 

(Table 4).  To make it clear how the measurement of early-stage crack growth rate 410 

was performed, all the beach marks within the field-of-view of Fig. 7a are indicated 411 

by white lines.  By knowing the pulse time of 120 ms at 20 kHz, the number of cycles 412 

can be derived as 2400.  Since the distance between the two adjacent beach marks was 413 

measured as 38.43 μm based on the SEM fractography, Fig. 7a, the crack growth rate 414 

can then be calculated as 1.60×10-8 m/cycle.  For comparison purpose, Fig. 7b shows 415 

a typical Stage II cracking region.  Fatigue striations induced by four fatigue cycles 416 

are highlighted in Fig. 7b.  The crack growth rate in this later propagation stage was 417 

determined as 1.45×10-7 m/cycle.  Therefore, the crack growth rate within the 418 

crystallographic Stage I cracking region was about one order of magnitude lower than 419 

that at the later stage that occurred on a non-crystallographic plane.  Furthermore, the 420 

early-stage fatigue crack growth plane appears to be much smoother, Fig. 7a, 421 

indicating a very localized slip activity. 422 

 423 

 424 
Fig. 7: SEM fractography of the specimen tested at a=350 MPa and 850°C, 425 

Nf=1.04×106: (a) beach marks revealed in Stage I cracking region; (b) fatigue 426 

striations revealed in Stage II cracking region.  A pulse/pause time of 120 ms/840 ms 427 

was employed. 428 

 429 

Fig. 8 presents another example where the fracture surface imprint technique 430 

was applied to study the early-stage crack growth behavior at 750 C.  The crack 431 

initiated from the casting pore as outlined in Fig. 8a, and the magnified views of Stage 432 

I cracking region are shown in Fig. 8b to 8d.  By the use of a pulse/pause time of 200 433 
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ms/200 ms (Table 4), the regularly spaced beach marks were created on the flat crack 434 

propagation plane with two different propagation directions, Fig. 8c and 8d.  435 

 436 

 437 
Fig. 8: SEM micrographs showing the imprinted fracture surface with regularly 438 

spaced fatigue beach marks within the early-stage crack growth region: (a) SE and (b) 439 

BSE images; (c) and (d) are the enlarged views of specified areas in (b).  Post-440 

fatigued specimen at a=275 MPa and 750°C, Nf=3.36×107.  Note: Intermittent 441 

loading mode with pulse time/pause time of 200 ms/200 ms was employed. 442 

 443 

Quantitative measurements of the cycle-by-cycle crack growth rate, da/dN, 444 

were performed on the basis of regularly spaced beach marks within the Stage I 445 

cracking region for both 750 C and 850 C tests.  The measured characteristic crack 446 

growth rates (i.e. minimum, mean and maximum) for all four specimens are 447 

summarized in Table 5.  By assuming that the initial measurable crack length is the 448 

distance between the first registered beach mark and the crack initiation site, the stress 449 

intensity factor amplitude K can be calculated by considering the crack length 450 

increment[51]: 451 

 452 

a

2
=K a 


                                                                                                            (6) 453 

 454 

where a is the crack length with the increment corresponding to the distance between 455 

two adjacent beach marks.  The tension has a predominant effect on the crack growth 456 

behavior when the macroscopic plastic deformation is limited.[5]  As a result, the 457 
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alternating stress a level, instead of the stress range, is used for the case of R=-1.  458 

The white lines in Fig. 8a indicates the determination of the initial crack length of 459 

being 127 m for the test performed at 750 C and 275 MPa.  For all the other three 460 

specimens, their first beach mark distance to the crack initiation site (i.e. initial crack 461 

length) are summarized in Table 4. 462 

 463 

Table 5. Summary of early-stage crack growth characteristics as determined from the 464 

beach marks created by using pre-defined pulse/pause conditions as given in Table 4 465 

Temperature 

(C) 

σa 

(MPa) 

Crack growth rate (10-9 

m/cycle) m 

The portion of life 

spent for early-

stage crack growth Min. Mean Max. 

750 300 1.95 11.8 43.8 2.40 44.2% 

750 275 1.61 8.9 29.2 2.51 0.38% 

850 350 6.10 11.3 23.9 7.87 3.69% 

850 300 6.78 15.6 24.8 7.59 0.03% 

 466 

 467 
Fig. 9: Early-stage crack growth rate of da/dN versus K (the black symbol represents 468 

two 750 C tests performed at 300 MPa and 275 MPa, while the red symbol 469 

represents two 850 C tests performed at 350 MPa and 300 MPa) 470 

 471 

When plotting the measured da/dN versus the calculated K for all four 472 

specimens, Fig. 9, it is evident that the early-stage crack growth is governed by the 473 

classic Paris law.  The Paris law exponent m was determined from all four tests and 474 

they are summarized in Table 5.  For 750 C tests, m=2.40 and 2.51 were found for 475 

300 and 275 MPa, respectively, whereas the much higher m value was found for 850 476 
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C tests with m=7.87 and 7.59 for 350 and 300 MPa.  Steuer et al. [12] studied the 477 

relationship of da/dN and K on single-crystal AM1 at 650 C under low-cycle 478 

fatigue loading and the Paris law exponent m=3.3 was obtained from Reference[52] 479 

when describing the crack growth rate.  Hence, the m values obtained in 750 C 480 

fatigue are consistent with the previous work.  It is important to note that the 481 

quantitative measurement of early-stage crack growth rate based on fatigue beach 482 

marks created by intermittent loading has not been exploited for the VHCF interior 483 

cracking. 484 

 485 

3.4 Fatigue deformation mechanisms 486 

 487 

Fig. 10a to 10c show the size and morphology of -precipitates in post-488 

fatigued specimens tested under VHCF regime at temperatures of RT, 750 C and 850 489 

C respectively.  Compared to those that have the average -size of 0.450.09 m at 490 

prior to fatigue condition, Fig. 1a, the cuboidal shaped -precipitates had little change 491 

as the -size was measured as 0.480.13 m for RT in Fig. 10a, 0.480.14 m for 492 

750 C in Fig. 10b, and 0.460.09 m for 850 C in Fig. 10c.  Unlike the work by 493 

Kraft et al.[53] on thermomechanical fatigue of a single-crystal Ni-base superalloy at 494 

high temperatures, no coarsening of the primary -precipitates can be found in the 495 

present DZ125 superalloy due to VHCF loading at high temperatures.  In addition, the 496 

occurrence of rafting is not expected as the tests were performed under fully reversed 497 

conditions.  The formation of secondary -precipitates within the -matrix can be 498 

seen for 750 and 850 C VHCF tests, but their volume fraction was very small. 499 

 500 

 501 
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 502 
Fig. 10: (a) to (c) SEM micrographs of -precipitates morphology at post-fatigued 503 

specimens tested at RT, 750 C and 850 C respectively; (d) to (f) corresponding 504 

TEM bright-field images showing the dislocation structure and distribution with 505 

respect to -precipitates.  Specimens were tested at a=300 MPa and RT, 506 

Nf=2.92×107 for (a) and (d); a=350 MPa and 750 °C, Nf=1.28×106 for (b) and (e); 507 

a=350 MPa and 850 °C, Nf=1.04×106 for (d) and (f) 508 

 509 

Fig. 10d shows the dislocation structure and distribution under the VHCF 510 

regime at RT.  The dislocation density inside the -precipitates is very low, indicating 511 

the difficulty for dislocations to penetrate the hard -precipitates under VHCF loading 512 

at RT.  The inhomogeneous distributed dislocations within -channels seems to 513 

suggest that the activation of primary slip occurred preferably with high Schmid 514 

factor.  In addition, no evidence of  shearing was revealed.  It is worthwhile to 515 

mention that Stocker et al.[54] studied the polycrystalline Ni-base superalloys (e.g. 516 

Nimonic 80A) and pure nickel in the VHCF regime at RT.  Planar dislocation 517 

arrangements were revealed in single grains with favorable grain orientations.  The 518 

interaction of dislocations with -precipitates was also found to be restricted.  519 

Therefore, the dislocation interaction with -precipitates in the VHCF regime does 520 

not necessarily involve shearing-type processes that cuts through the -precipitates. 521 

At 750 C, the presence of dislocation tangles that are spread throughout the -522 

channels can be seen in Fig. 10e.  More detailed TEM observation, Fig. 11a, revealed 523 

that dislocations started to form loops surrounding -precipitates and bowing-out at 524 

750 C, i.e. the activation of Orowan dislocation-to-particle interaction mechanism[55].  525 

By comparison with the dislocation observation in Fig. 10d for the RT VHCF, it is 526 

evident that the dislocation density increased rapidly with the increasing temperature.  527 

Again, no evidence of  shearing at 750 C was found. 528 
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 529 

 530 
Fig. 11: TEM micrographs of the VHCF fatigued specimen showing typical 531 

dislocation structures: (a) specimen tested at a=350 MPa and 750 °C, Nf=1.28×106, 532 

showing dislocation loops and (b) specimen tested at a=350 MPa and 850 °C, 533 

Nf=1.04×106 showing well-developed dislocation networks. 534 

 535 

With the further temperature increase to 850 C, tangles of dislocations re-536 

arranged themselves to form interfacial dislocation networks around -precipitates 537 

and within the -channels (i.e. the interface of /), Fig. 10f.  The development of 538 

well-defined dislocation networks, as revealed clearly in Fig. 11b, indicate the 539 

influence of dynamic recovery processes and associated high-temperature dislocation 540 

climb and cross-slip at 850 C.[53,56]  Refer to the higher fatigue strength found for 541 

VHCF tests at 850 C in comparison with that at 750 C and RT, Fig. 3, the 542 

distinguishable dislocation features (Fig. 10f and 11b) suggest that the formation of 543 

dislocation networks at interface of / might help to prevent further irreversible 544 

strain accumulation and in turn delaying the fatigue crack initiation under 850 C 545 

VHCF regime.  The dislocation structure and distribution shown in the present work 546 

differ markedly from those observed under VHCF loading at 593 C[57] and 650 C[8] 547 

on Rene 88 DT Ni-base superalloy. 548 

 549 

4. Discussion 550 

 551 

4.1 Frequency effect 552 

 553 

Although the fatigue life data overlapped between 20 kHz and 100 Hz for both 554 

RT and 750 C, Fig. 4, one may still ponder whether the very-high frequency of 20 555 

kHz would cause any changes in the underlying mechanisms that control fatigue 556 

deformation and failure.  In fact, a similar question was raised by Morrissey and 557 
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Golden[14].  When their fatigue data between 20 kHz and 60 Hz were compared, no 558 

final conclusion can be made about the frequency effect.  One of the possible ways to 559 

address this question is to examine the detailed dislocation structure and failure mode.  560 

Fig. 12a shows the dislocation structures of the specimen tested at a=350 MPa and 561 

750 °C at 100 Hz, and indeed the presence of dislocation tangles and loops 562 

surrounding -precipitates at 100 Hz fatigue test is similar to that at 20 kHz ultrasonic 563 

fatigue, as shown in Fig. 10e. 564 

 565 

 566 
Fig. 12: Fatigue deformation and fracture behavior found on post-fatigued specimen 567 

tested at a=350 MPa and 750 °C at 100 Hz, Nf=1.20×106: (a) TEM observation 568 

showing dislocation structure and distribution; (b) SEM fracture surface showing the 569 

crack initiation from the casting pore as outlined in the inset (c). 570 

 571 

SEM fractographic observation was made on post-fatigued specimen tested at 572 

100 Hz.  Fatigue crack initiation from the internal casting pore located at a distance of 573 

1410 m to the surface can be seen in Fig. 12b and 12c.  It was also confirmed that 574 

the fatigue crack grew initially on a large crystallographic plane inclined about 52 575 

with respect to the loading axis (i.e. along {111} octahedral slip planes), followed by 576 

the crack deflection to Mode I path perpendicular to the loading axis.  Therefore, the 577 

failure mode of 100 Hz fatigue is similar to that of 20 kHz as shown in Fig. 5. 578 

Considering the good consistency of the overall fatigue life, deformation 579 

mechanism and failure mode between the 20 kHz and 100 Hz, it is reasonable to 580 

comment that the ultrasonic fatigue specimen design and test set up (Fig. 2) are well 581 

suited to generate the fatigue data at 20 kHz at both RT and 750 C.  Therefore, the 582 

crack initiation and early-stage growth behavior as revealed in the present work are 583 

most likely to reveal the nature of VHCF fatigue (i.e. no frequency effect in the test 584 

conditions studied).  No parallel fatigue test was performed at 850 C with 100 Hz 585 
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fatigue machine to clarify the frequency effect.  But since both the RT and 750 C 586 

fatigue tests showed no frequency effect, it is very unlikely that the fatigue behavior at 587 

850 C would show a strong frequency dependence.   588 

In the field of VHCF, the mechanism of loading frequency effect on fatigue 589 

life is often linked to the specimen self-heating and material’s strain-rate sensitivity.  590 

As shown in Fig. 3, three RT tests were performed at 350 MPa by intermittent 591 

loading, whereas one test by continuous loading.  The three intermittently loaded 592 

specimens had the fatigue life of 9.17×106, 1.09×107, and 2.40×107 cycles, 593 

respectively.  These fatigue lives are close to that of 2.10×107 obtained with the 594 

continuous loading, Fig. 3.  In addition, no measurable effect of the loading mode 595 

(continuous versus intermittent) on the fatigue life can be found for the tests at 750 596 

C, Fig. 3.  This further substantiates that the frequency effect is insignificant for the 597 

VHCF behavior of DZ125 Ni-base superalloy. 598 

 599 

4.2 Grain boundary effect 600 

 601 

The columnar grain width in the present directionally-solidified Ni-base 602 

superalloy was measured as 883.340.5 m (Fig. 1).  The area size of Stage I 603 

crystallographic cracking region is similar to the measured grain size; this applies to 604 

all the representative SEM fractography as shown in Fig. 5.  Furthermore, the detailed 605 

fractography examination confirmed that both the crack initiation and early-stage 606 

growth occurred on a relatively flat crystallographic plane (i.e. no distinct facets of the 607 

grain), Fig. 6 and Fig. 8.  Thus, the effect of grain boundary on VHCF crack initiation 608 

and early-stage crack growth is limited.  Cervellon et al.[23] studied the VHCF 609 

behavior on both single-crystal and directionally-solidified Ni-base superalloys.  610 

When considering the crack initiation and propagation at high temperature, they 611 

mentioned that only one specimen showed that the grain boundary had an effect on 612 

the crack propagation.  For this particular specimen, the fatigue crack was initiated 613 

from the surface oxide layers, instead of interior casting pore.[23] 614 

By using compact-tension specimens, Stage I crack propagation rate on a 615 

single-crystal NKH-304 under RT fatigue loading was measured as between 8.1110-9 616 

and 2.0910-7 m/cycle[37], while that on a single-crystal CMSX-2 at 700 C was 617 

measured as 110-8 m/cycle for the shortest crack length[38].  Therefore, the early-618 
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stage crack growth rate of the directionally-solidified DZ125 alloy, ranging from 619 

1.6110-9 to 4.3810-8 m/cycle in Table 5, is consistent with the previous work on the 620 

single-crystal Ni-base superalloys.  Collectively, all the evidence points to that the 621 

columnar grain boundary does not affect the VHCF crack initiation and early-stage 622 

crack growth behavior at RT and high temperatures. 623 

 624 

4.3 Temperature dependence of fatigue strength 625 

 626 

The enhanced fatigue strength at 850 C compared to that at 750 C and RT in 627 

the VHCF regime, Fig. 3, can be attributed to the different temperature dependence of 628 

-precipitates and -matrix.  The strength of -precipitates increased with increasing 629 

temperature until reaching the peak strength and then decreased.  By comparison, the 630 

strength of -matrix decreased with increasing temperature.  This indicates that the 631 

overall strength of -precipitation strengthened DZ125 alloy (60.0% -volume 632 

fraction, Fig. 1a) would be determined by the combined effect of  and -phase.   633 

Feller-Kniepmeier et al.[58] calculated the resolved shear stresses at various 634 

temperatures for the respective γ-matrix and γ′-precipitates as well as the overall 635 

strength of SRR99 superalloy.  The critical resolved shear stress for γ-matrix 636 

exhibited a monotonic decrease with increasing temperature, however there was a 637 

peak value for γ′-precipitates at 760 C.  Ultimately, this led to the occurrence of peak 638 

value of critical resolved shear stress at 550 C, indicating a combined effect of  and 639 

-phase.  Hence, one should not expect the monotonic decrease of material strength 640 

with increasing temperature for the present DZ125 alloy.  Liu et al.[59] studied the 641 

temperature dependence (700, 760, 850 and 900 C) of high-cycle fatigue on SRR99 642 

superalloy.  The fatigue strength was found to increase with increasing temperature 643 

initially, reach the peak value at 760 C and then decrease.  They attributed the 644 

temperature dependence of the fatigue strength to the strength of -precipitates.  In 645 

fact, for the above-mentioned reason, we designed the present high-temperature 646 

VHCF tests at 750 C and 850 C for DZ125 superalloy.   647 

The temperature dependence (20, 550, 760, 850 and 980 C) of deformation 648 

mechanism under monotonic loading on SRR99 superalloy has been discussed in 649 

Reference[58].  At relatively low temperature regime, dislocation loops expanded from 650 

the γ′-precipitates leading to increased dislocation density in γ-channels.  At high 651 
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temperature regime, dislocations accumulated homogeneously in γ-channels by 652 

multiple slip leading to the development of interfacial dislocation networks.  For the 653 

present DZ125 alloy, the presence of dislocation tangles particularly at γ-channels, 654 

Fig. 10e and 11a, can be found for the 750 C post-fatigued condition, whereas well-655 

developed dislocation networks were observed at the interface of / at 850 C, Fig. 656 

10f and 11b.  Therefore, the distinct dislocation structures between the 750 C and 657 

850 C VHCF fatigued DZ125 alloy are analogous to those observed at relatively low 658 

and high temperatures for the SRR99 alloy. 659 

At 850 C, dislocation networks residing in the -channels would retard the 660 

partial dislocations entering into -precipitates.  It was reported in Reference[59] that 661 

dislocation networks developed during high-cycle fatigue of SRR99 at high 662 

temperature are relatively stable and can accommodate certain amount of cyclic 663 

deformation.  It is thus reasonable to postulate that the formation of dislocation 664 

networks at interface of /, Fig. 10f and 11b, help to prevent further irreversible 665 

strain accumulation and in turn delaying the fatigue crack initiation of DZ125 alloy 666 

under 850 C VHCF regime.  In fact, Feller-Kniepmeier et al.[58] also commented that 667 

the build up of γ/γ′ interfacial dislocation networks contributes to material hardening 668 

under monotonic loading at high temperature.  In sum, the improved fatigue strength 669 

at 850 C under VHCF regime compared with the other two temperatures as shown in 670 

Fig. 3 is consistent with the dislocation structures as shown in Fig. 10 and 11. 671 

After clarifying the different temperature dependence of the  and -phase, we 672 

can now rationalize these temperature-dependent fatigue strength as shown in Fig. 3 673 

by correlating with the threshold for propagating the early-stage crack as shown in 674 

Fig. 9.  In terms of the early-stage crack growth rate as shown in Fig. 9, the threshold 675 

of K at 850 C appears to be higher than that at 750 C.  This means that a higher 676 

driving force would be required to trigger the initial crack propagation at 850 C.  In 677 

fact, the distance of the first registered beach mark to crack initiation site (i.e. the 678 

initial crack length with a measurable crack extension under fatigue load) for 750 C 679 

tests (86 and 127 m) are much shorter than that for 850 C tests (533 and 700 m), 680 

Table 4.  This also suggests that the crack propagation capability at 750 C can be 681 

activated readily.  In other words, the energy needed for propagating a crack at 750 C 682 

is likely to be less when compared to 850 C.  Therefore, the temperature dependence 683 
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of fatigue strength is consistent with the threshold for early-stage fatigue crack 684 

growth. 685 

 686 

4.4 Fatigue beach mark creation and early-stage crack growth behavior 687 

 688 

The use of intermittent loading mode in VHCF community is a common 689 

practice, but the quantitative measurement of early-stage crack growth rate based on 690 

beach marks has not been reported yet.  Two possible reasons are given here: (i) the 691 

applied intermittent loading conditions in previous work did not create regularly 692 

spaced beach marks from which the early-stage crack growth rate can be derived; (ii) 693 

the early-stage crack growth was often overlooked as the crack initiation took a 694 

significant portion of the life.  Some VHCF studies reported the presence of beach 695 

marks[31–33], but others[43–45,60] did not report their presence at all although showing 696 

detailed SEM fractography. 697 

Adams et al.[31] studied the crack initiation and growth on WE43 magnesium 698 

under the VHCF intermittent loading.  The applied pause times included those of <1 699 

min and >15 min defined as short and long ones, respectively.  No pulse/pause 700 

conditions were specified when the characteristic beach marks were presented.  They 701 

commented that beach marks might aid in determining the crack growth rates, but no 702 

measurement was performed.  Shi et al.[32] studied the VHCF behavior in binary Ti-Al 703 

alloys at RT and a pulse/pause time of 0.2/1.8 s was applied.  Again, no measurement 704 

of crack growth rate was made based on beach marks.  The VHCF behavior of Ti6246 705 

alloy at RT in both air and high vacuum and at 300 C in air was studied by Petit et 706 

al.[33]  A fixed pulse time of 100 ms was applied, but the pause time varied from 300 707 

ms to 1 s for RT in air, from 300 ms to 800 ms for 300 C in air, and from 3.5 s to 9.5 708 

s for RT in high-vacuum.  Beach marks were found for the RT test in air at a=750 709 

MPa, but no crack growth rate measurement was performed. 710 

Compared to those intermittent loading conditions[31–33], a much shorter pause 711 

time was employed in the present work, leading to an overall reduced experimental 712 

time.  All of the four reported pulse/pause conditions (500/500, 200/200, 120/840, 713 

120/720 ms in Table 4) can create regularly spaced beach marks from which the 714 

early-stage crack growth behavior was quantitatively described and cycle-by-cycle 715 

crack growth rate are presented in Fig. 9.  Since the growth rate was measured based 716 
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on the distance between two adjacent beach-mark division boundaries, this implies 717 

that the creation of beach marks is a consequence of load pause. 718 

The observed division boundary was very similar in thickness and roughness 719 

for all of the registered beach marks, Fig. 7a, 8c and 8d.  This is with our expectation 720 

as a constant pulse/pause time was used per test specimen.  The fine beach-mark 721 

division boundaries are probably due to the relatively short pause time employed.  722 

When the prolonged pause time (>15 min) was used to create beach marks in WE43 723 

magnesium, the division boundaries tended to be much enhanced in their thickness 724 

and roughness.  However, much finer division boundaries were found for the shorter 725 

pause times (<1 min).  This seems to highlight the importance of using the optimized 726 

pause condition (i.e. as short as possible) to create visible but fine beach marks.  As a 727 

result, the measured crack growth rate should be least affected by the beach-mark 728 

creation method. 729 

For all four specimens, it does not seem that the pulse/pause conditions caused 730 

any abnormal early-stage crack growth behavior at 750 and 850 C, Fig. 9.  However, 731 

since these tests only covered a limited value range of a, it is not appropriate to draw 732 

a conclusion here.  As pointed out by Shi et al.[32], the presence of beach marks might 733 

be related to the level of K as they were commonly found within the crack 734 

propagation region with a relatively low K value of less than 3 MPa m1/2.  Our future 735 

work will focus on clarifying the formation mechanism of the beach marks by the 736 

VHCF intermittent loading mode. 737 

With the use of optimized intermittent loading conditions, both the initiation 738 

and early-stage crack growth processes in VHCF regime at high temperatures were 739 

successfully tracked.  The first registered beach mark can be as close as only 86 m 740 

distance to the crack initiation site, Table 4.  It can be seen in Fig. 7a, 8c and 8d that 741 

the distance between adjacent beach marks increased with the increasing crack length 742 

over the whole early-stage crack growth process.  This means that crack growth 743 

behavior that occurs on the crystallographic plane is a steady process, i.e. the crack 744 

propagation within the Stage I cracking region follows the classic Paris law as shown 745 

in Fig. 9.  This finding is intriguing as it is closely related to the accuracy of 746 

predicting the remaining life to failure by using a fracture mechanics approach to 747 

study the propagation of cracks.  This holds the promise to perform a damage 748 

tolerance design of engineering structures against VHCF. 749 
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Caton and Jha[61] compared the small and long fatigue crack growth behaviors 750 

at 650 C on IN 100 polycrystalline Ni-base superalloy.  The small crack growth rate 751 

was monitored using replication technique.  The small crack growth rate was 752 

measured as 110-9 and 110-8 m/cycle for a crack length of 93 and 128 m.  Hence 753 

the presently measured early-stage crack growth rate, Table 5, is consistent with the 754 

previous high-temperature fatigue work[61].  In addition, the growth rate for long 755 

cracks was measured as between 510-8 and 510-6 m/cycle for crack length of 200 to 756 

7200 m.  For the determination of long fatigue crack growth rate, a compact tension 757 

specimen was used.[61]  Recall that the maximum crack length for the Stage I cracking 758 

was 2690 m and the corresponding crack growth rate was measured as 4.3810-8 759 

m/cycle (Table 5).  Therefore, the crack growth rate in Stage I cracking region at later 760 

stage agrees well with the lower bound value of the long crack as reported in 761 

Reference[61]. 762 

Based on the applied pulse/pause time as well as the first and last registered 763 

beach mark locations, the number of cycles spent for propagating the crack within 764 

Stage I cracking region can be derived.  At 750 C, the life consumed was calculated 765 

as 2.30105 for a=300 MPa and 1.28105 for a=275 MPa, while 3.84104 for 766 

a=350 MPa and 2.06104 for a=300 MPa at 850 C.  This implies that at the higher 767 

temperature, crack requires less fatigue cycles to trigger the final specimen failure 768 

once the crack propagation capability is activated.  By contrast, the early-stage crack 769 

growth rate is not largely affected by the applied stress, Table 5.  In addition, the 770 

fraction of fatigue life spent for the early-stage crack growth becomes smaller with 771 

decreasing stress level, Table 5.  In this context, the present observation is consistent 772 

with the consensus that under VHCF regime, the cycles spent for interior crack 773 

initiation can consume a very large fraction of the fatigue life (i.e. Ni/Nf of between 774 

90% and 99%[6,20]). 775 

 776 

4.5 VHCF fatigue life prediction 777 

 778 

All of the fractured specimens (Fig. 3) showed exclusively the interior fatigue 779 

cracking and majority of the specimens revealed that crack initiation from the casting 780 

pore.  Fig. 13a provides the collection of measured casting pore data (750 C) on a 781 

graph of ΔKpore versus Nf by combining their sizes as well as the site distance to 782 
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surface.  It can be found in Fig. 13a that the fatal casting pore as the interior fatigue 783 

cracking origin is not necessarily the largest one, neither the closet one to the surface, 784 

indicating of a combined effect.  As a result, an attempt was made to correlate the 785 

stress intensity factor amplitude calculated around the pore (ΔKpore) with the cycles to 786 

failure.  787 

The stress intensity factor amplitude around the casting pore, Kpore, can be 788 

calculated following equation proposed by Murakami et al.[50]: 789 

 790 

pore a pore0.5K area                                                                                            (7) 791 

 792 

where the shape factor is taken as 0.5 for the case of internal crack initiation as 793 

opposed to a value of 0.65 that was used for the near-to-surface one [50].  Instead of 794 

using the equivalent area of the pore, the equation was adapted slightly in the present 795 

work, as given below: 796 

 797 

pore a0.5K b                                                                                                        (8) 798 

 799 

where b is defined as the initial defect size that was measured on the basis of the half-800 

length along the major axis of the casting pore (as shown schematically in Fig. 6a). 801 

An inverse relationship can be found for 750 C VHCF data between Kpore 802 

and Nf, Fig. 13a.  The Kpore calculation equation is also added onto the figure to 803 

show that this term indeed considered the contribution of both the applied far-field 804 

stress and the initial pore size as crack initiation site.  For the other two temperatures 805 

(RT and 850 C), the number of tests is not sufficient to allow us to draw a 806 

conclusion, Fig. 13b. 807 

 808 

 809 
Fig. 13: (a) A collection of measured casting pore data in terms of their sizes and the 810 

site distance to surface on a graph of Kpore versus Nf for 750 C tests;  (b) Calculated 811 
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stress intensity factor amplitude around the casting pore, ΔKpore, against the cycles to 812 

failure, Nf for all three temperatures of RT, 750, 850 C.  Determinations of the 813 

threshold of K are also denoted in the figure. 814 

 815 

Steuer et al.[12] considered the fatigue crack initiation size dependence of AM1 816 

single-crystal Ni-base superalloy by using the fatigue indicator parameter (FIP) 817 

approach in the form given in Eq. 9.  Similarly, using the FIP approach, Castelluccio 818 

and McDowell[62] described small fatigue crack initiation and growth on single-crystal 819 

copper under high-cycle fatigue regime.  Therefore, it is interesting to examine 820 

whether the FIP approach can be used for the present VHCF data obtained on DZ125 821 

alloy.  The calculation of FIP was according to[12]: 822 

 823 

porea

d th

FIP 1
K

k
E K

  
  

 
                                                                                            (9) 824 

 825 

where  is the Schmid factor, Ed is the dynamic elastic modulus, k is a constant.  A 826 

value of =0.408 is used as this represents the octahedral slip with applied stress 827 

along the [001] direction.[23]  k=1 was chosen, that is consistent with that used for 828 

single-crystal AM1 alloy fatigue study[12], and Ed=103 GPa (as given for 750 C test 829 

temperature in Table 3).  Kpore is the stress intensity factor amplitude as defined in 830 

Eq. 8 and this is normalized with respect to the threshold of Kth for early-stage crack 831 

propagation.  The magnitude of Kth=1.18 MPa m1/2 for the VHCF tests at 750°C was 832 

determined from Fig. 13 when the Kpore-Nf curve appears to become flat and to 833 

asymptotically approach the minimum value.  In addition, for the VHCF tests at RT, 834 

Kth=0.96 MPa was simply determined by the use of the minimum value of Kpore 835 

because of the very limited number of tests performed. 836 

The determined FIP values for both RT and 750 C are presented in Fig. 14a.  837 

It is not possible to report the FIP results at 850 C as there were only 8 tests 838 

performed at this temperature, Fig. 3, and it was difficult to determine Kth for this 839 

temperature, Fig. 13b.  Within this specimen group, 4 out of 6 failed specimens 840 

showed the presence of casting pores as the crack initiation site.  It can be seen in Fig. 841 

14a that the fatigue lives increased with the decreasing value of FIP.  The data fitting 842 

equations for connecting Nf and FIP are given for both RT and 750 C.  It is worth 843 

pointing out that fatigue results from different temperature conditions were indirectly 844 

normalized as the FIP calculation was based on the temperature dependent Ed in Eq. 845 
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9.  However, this does not create the opportunity to obtain one empirical power law 846 

from all the results in Fig. 14a.  In other words, no single trend line with all data lay 847 

on can be found.  This may suggest the limitation of the FIP approach.  The 848 

comparison of the FIP model predicted fatigue life with experimental data at RT and 849 

750 C is shown in Fig. 14b.  The model predictions are within a factor of three of 850 

experimental results, indicating a reasonably good agreement, but with an exception 851 

of two data point for 750 C.  Since the FIP approach used here does not consider the 852 

contribution of early-stage crack growth process, the results indicate that fatigue crack 853 

initiation is an important factor affecting the fatigue life in the regime of VHCF and 854 

high-cycle fatigue. 855 

 856 

 857 
Fig. 14: (a) Determined relationship between the FIP values and fatigue lives; (b) 858 

Model predicted fatigue lives in comparison with the experimental data. 859 

 860 

Since there was an angle of approx. 52 between the initial cracking plane and 861 

the far-field loading axis for stage I cracking (Fig. 5), one might question whether the 862 

use of K considering Mode I crack is appropriate for the present crystallographic 863 

Stage I cracking.  It was reported by Socie and Shield[63] that a tensile mean stress 864 

across the crack plane would tend to hold it open, assist in its growth and have an 865 

effect similar to the normal strain.  Thus, it is postulated that the resolved normal 866 

stress on this crystallographic plane assists in the early-stage crack propagation.  This 867 

also implies that there will be no difference between the use of far-field stress and 868 

resolved normal stress in terms of the calculated FIP results.  This is with our 869 

expectation as the presence of Kpore/Kth in Eq. 9 means that the conversion factor of 870 
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sin 52° for resolved normal stress calculation would be cancelled by itself when 871 

applying Kpore/Kth. 872 

In terms of the FIP calculation, the present FIP model and the other FIP 873 

models (e.g. that adopted in Reference[12]) were all developed based on the one 874 

originally proposed by Fetami and Socie[64].  The original FIP model based on critical 875 

plane approach that primarily considered the contribution of fatigue crack initiation.  876 

This means that the FIP approach assumed that fatigue crack initiation involves 877 

localized plastic deformation in persistent slip bands even in the high-cycle fatigue 878 

region.  However, the fatigue life of a defect-containing body cannot be predicted 879 

using the original stress-based FIP model.  To overcome this problem, Steuer et al.[12] 880 

proposed a modified FIP model by taking into account the casting pore size through 881 

K to predict the relationship between FIP and low-cycle fatigue lifetime.  In fact, a 882 

similar FIP approach has been adopted by Cervellon et al.[23,48] to study the VHCF 883 

lifetime on CMSX-4, AM1, MCNG and DS200 Ni-base superalloys, and by 884 

Ormastroni et al.[65] to study low-cycle fatigue, high-cycle fatigue and VHCF lives on 885 

a third-generation single-crystal Ni-base superalloy.  The primary difference between 886 

the present FIP approach and the previous ones in References[23,48,65] is that the half-887 

length along the major axis of the casting pore, b, was used to derive the Kpore in Eq. 888 

8.  Both the equivalent area of the pore and its half-length along the minor axis were 889 

attempted.  It proved that the data relationship between the calculated FIP values 890 

based on b and Nf can be reasonably well fitted by a single straight line. 891 

Murakami et al. [50] derived a conversion factor between the square root of 892 

defect area in the case of surface cracking and that in the case of interior cracking (i.e. 893 

near-to-surface or interior defect) under the condition that the same value of stress 894 

intensity factor can be admitted.  The fatigue strength w prediction equation 895 

proposed by Murakami [50] is given below:  896 

 897 
1/6

w 1.56(HV 120) / ( area )                                                                                 (10) 898 

 899 

where HV is the Vickers hardness and area  indicates the square root of the area of a 900 

defect that appears not to be at the surface.  Based on this model, Wang et al. [17] made 901 

a small adjustment by incorporating the fatigue lives Nf, as following. 902 

 903 
1/6

w f(3.09 0.12lg )(HV 120) / ( area )N                                                            (11) 904 
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 905 

For our specific case, this fatigue strength equation has been further adapted by using 906 

the value of half-length along the major axis of the casting pore, b, instead of area  907 

as given in Eq. 12.  This led to the equation as follows: 908 

 909 
1/6

w f( lg )(HV 120) /N b                                                                                (12) 910 

 911 

where materials constants  and  are the best fit values in terms of the minimized 912 

squared residuals while performing regression analysis.  The values of Vickers 913 

hardness (HV) for RT, 750 C and 850 C are given in Table 3.  Fig. 15 shows the 914 

comparison between the predicted fatigue strengths and experimental ones.  It is 915 

evident that the model predictions based on b (Eq. 12) are within a factor of 1.2 of 916 

experimental results.  In addition, model predictions based on area  of the casting 917 

pore seems to create less accuracy compared to those based on its half-length along 918 

the major axis, Fig. 15.  919 

 920 

 921 
Fig. 15: Comparison of predicted fatigue strengths with experimental obtained ones 922 

that cover all three temperatures. 923 

 924 

5. Conclusions 925 

 926 

Crack initiation and early-stage growth of a directionally-solidified Ni-base 927 

superalloy DZ125 under VHCF regime at high temperatures were studied.  Most 928 
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fatigue cracks initiated from a single and internal casting pore, followed by early-929 

stage crack growth on large {111} crystallographic plane (i.e. Stage I cracking) until 930 

the crack length is large enough to trigger the Mode I crack propagation (i.e. Stage II 931 

cracking).  The five key aspects can be summarized: 932 

1) The ultrasonic fatigue testing at 20 kHz does not seem to cause 933 

noticeable changes in fatigue life, deformation mode as well as fracture 934 

mechanism, when compared to that at 100 Hz. 935 

2) The fatigue strength at 850 C is higher than that at 750 C and RT in the 936 

VHCF regime, i.e. at low stress regime.  This can be attributed to the 937 

different temperature dependence of -precipitates and -matrix.  At 850 938 

C, the presence of dislocation networks residing in the -channels 939 

would retard the partial dislocations entering into -precipitates, 940 

accounting for the improved fatigue strength. 941 

3) Creation of fine but visible fatigue beach marks within the Stage I 942 

cracking region can be achieved with the optimized intermittent VHCF 943 

loading condition.  The early-stage crack growth was revealed as a 944 

steady process based on the measurement of registered beach marks. 945 

4) The enhanced fatigue strength at 850 C can be rationalized with the 946 

higher threshold for propagating the early-stage crack. 947 

5) FIP based fatigue life and strength predictions were performed and 948 

compared with experimental data.  The model calculation based on the 949 

half-length along the major axis of the casting pore is most suited for the 950 

present case. 951 
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